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ABSTRACT

This dissertation investigates the growth of high quality GaN and InN thin films by

plasma assisted molecular beam epitaxy (PAMBE). It also explores the growth of self-

seeded GaN branching nanowires and p-type doping of InN, two topics of particular

interest at present.

The growth of high quality III-Nitride semiconductor thin films have been shown

to be dependent on the group-III (metal) to nitrogen ratio. A metal-rich growth en-

vironment enhances the diffusion of the group-III adatoms through the formation of a

group-III adlayer. By using a metal-rich growth environment, determined by growth

rate studies using laser reflection interferometry or RHEED analysis of the surface,

both GaN and InN films have been grown with a smooth surface morphology. Ad-

ditionally the smooth surface morphology has beneficial effects on the electrical and

optical properties of both materials. However, with the growth using a metal-rich en-

vironment, group-III droplets are present on all film surfaces, which can be an issue

for device fabrication, as they produce facets in the crystal structure due to enhanced

growth rates.

MBE growth of GaN nanowires via the vapour liquid solid (VLS) and vapour solid

(VS) growth techniques have so far been based on the N–rich growth regime. However,

we have shown that the Ga–rich growth regime can be used to grow self-seeded one

dimensional and hierarchical GaN nanowires. 7 µm long hierarchical GaN nanowires

with at least three branches were grown and shown to have a high crystalline quality.

The suggested growth mechanism is a self-seeding VLS process driven by liquid phase

epitaxy at the nanoscale, while the branching growth was nucleated due to the Ga–rich

growth regime by excess Ga droplets forming on the trunk during growth. The growth
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of vertical GaN nanowires has also been achieved using the same self-seeding process

and the critical parameter seems to be the Ga to N ratio. Also, the growth rate of the

Ga–rich grown GaN nanowires can supersede the growth rates reported from N–rich

grown GaN nanowires by at least a factor of two.

The fabrication of vertical and planar GaN nanowire devices has been demonstrated

in this study. Two point and three point contacts were fabricated to the branching

GaN nanowires in the planar direction with resistive measurements ranging from 200

- 900 kΩ, similar to chemical vapour deposition and MBE grown GaN nanowires. The

nonlinear current-voltage characteristics from the three point contacts may lead to

unique nano-devices. The planar nanowires have also shown to have potential as UV

detectors. Schottky diodes were fabricated on the vertical nanowires, with values for

the barrier heights consistent with bulk diodes.

Mg and Zn doping studies of InN were also performed. Both InN:Mg and InN:Zn

have strong photoluminescence only at low doping concentrations. However, the InN:Mg

films have reduced mobilities with increased Mg content, whereas the mobility deter-

mined from the InN:Zn films is independent of Zn. When the InN:Zn film quality was

improved by growing under the In–rich growth regime, electrochemical capacitance-

voltage results suggest n–type conductivity, and strong photoluminescence was ob-

tained from all of the films with four features seen at 0.719 eV, 0.668 eV, 0.602 eV and

0.547 eV. The features at 0.719 eV and 0.668 eV are possibly due to a near band edge

to valence band or shallow acceptor transition, while the 0.547 eV has an activation

energy of 60 meV suggesting a deep level acceptor.
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Chapter 1

INTRODUCTION

1.1 MOTIVATION

In November 1993, Shuji Nakamura released the first report of 1 candela indium gal-

lium nitride (InGaN) light emitting diodes (LEDs) [1]; following this, in 1996, he also

reported violet InGaN laser diodes [1, 2, 3, 4, 5]. The success of III-nitrides was some-

what surprising, in that although the alloy family has a direct band gap across the

compositional range from InN to GaN, a high defect density results from growth on

non lattice matched substrates. Despite two decades of intensive research, there re-

main many areas of continued interest, particularly concerning fundamental properties

of InN and In-rich alloys, which have until recently been neglected, and structured

engineering at the nanoscale to improve device performance as well as enabling new

applications.

The use of fossil fuels for the production of electricity also leads to the production of

carbon dioxide when mined and burnt, which is having adverse affects on the climate [6].

One way of reducing the world’s need for carbon based fuels is by utilising the largely

untapped solar resource through improved photovoltaic technology. The slow uptake

of solar power is primarily due to its high cost in relation to other power generation

processes. This situation will improve with increasing energy conversion efficiencies of

photovoltaic cells. At present, silicon is widely used for fabricating photovoltaic cells,

but as its indirect band gap of 1.12 eV is a poor match to the solar spectrum, the

maximum energy conversion efficiency is only 30% [7].

There are several properties of a semiconductor that have to be taken into consid-
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Figure 1.1 Span of the accepted InGaN band gap prior to and subsequent to 2001 as compared to
the standard solar spectrum known as AM1.5g.

eration for photovoltaic cells, although the main ones are the type of band gap (direct

or indirect) and the matching of the band gap to the solar spectrum. A semiconductor

alloy with a direct band gap and tunability through the visible spectrum by composi-

tional variation would be a major advantage. In 2001, a number of highly controversial

reports on the InN band gap were published, which proclaimed that the originally

reported band gap of 1.9 eV for InN [8] was incorrect, with a revised value of approx-

imately 0.9 eV [9]. This has since been confirmed by many others [10, 11, 12, 13],

with a currently accepted value of approximately 0.65 eV, although some uncertainty

in the precise value remains. This new band gap value has opened up the possibility of

new applications for InGaN, as the revised spectral range of InGaN spans the visible

spectrum and includes the near infrared and near ultraviolet, shown in fig. 1.1. A two

junction photovoltaic cell, with the band gap values of 0.98 eV and 1.88 eV, would

theoretically have an energy conversion efficiency of 42% [14], which would far surpass

what is available at present; the only way to presently achieve the required band gap

values would be to use a material like InGaN to engineer the band gap. At present the

best solar cell has a 1.83 eV Ga0.51In0.49P top junction lattice-matched to the GaAs
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substrate, a metamorphic 1.34 eV In0.04Ga0.96As middle junction, and a metamorphic

0.89 eV In0.37Ga0.63As bottom junction; which is 40.8% efficient under 600 suns [15].

As discussed in this thesis, however, InN and In-rich InGaN alloys suffer from several

problems, particularly with regard to controlling their electrical properties, which has

so far hampered device development.

In contrast, GaN and Ga-rich InGaN devices have been demonstrated and have

become a mature technology, at least in terms of discrete devices. In 1965, Intel

co-founder Gordon Moore noted that the number of transistors that could be placed

on an integrated circuit was doubling roughly every two years (fig. 1.2). ”Moore’s

law” has since since contributed to a series of goals for integrated circuit companies

to follow, although the limitations of standard photolithography techniques are being

reached and other alternatives need to be examined. One possibility is either interfacing

or developing transistor structures based on nanowires; nanowire transistors based

on vertical [16, 17] and planar [18, 19, 20] nanowires have already been fabricated.

Compound semiconductors, such as GaN, may prove competitive for nanowire devices

or allow for integration with silicon for fabrication of nanowire circuits, as growth

processes allow for the reduction of the effect of lattice mismatch.

Already next generation nanostructures are being considered, for example hier-

archical nanowires /citeLieber:2007. In the future, such structures could be used for

interlinking vertical nanowire transistors, or for applications where increased surface

area to volume ratio is required, for example in gas sensors. Nanowires may also im-

prove photovoltaic cells by decoupling the absorption process from electron collection

[21]. Hierarchical nanowires would also improve light trapping due to the increased

roughness. This thesis demonstrates the first reported growth of self-seeding hierarchi-

cal GaN nanowires by molecular beam epitaxy, investigates their characteristics and

also their potential for device fabrication.
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Figure 1.2 Moore’s Law (Intel Corporation, http://www.intel.com/technology/mooreslaw/index.htm,
accessed: 12th May 2008) showing the correlation between 1970 and 2008.

1.2 OVERVIEW OF NITRIDE SEMICONDUCTORS

The III-nitride family of semiconductors consists not only of InN and GaN; research

has also been conducted into aluminium nitride (AlN) and boron nitride (BN). AlN

has an extremely wide band gap of 6.2 eV, making it a potential material for deep

ultraviolet optoelectronic devices [22]. BN is seen as a special case as it has four stable

polytypes and is primarily used for its structural properties with the cubic form used as

an abrasive. Pyrolytic BN (BN) is used widely in molecular beam epitaxy (MBE) for

crucibles, as BN is a very good electrical insulator and has good thermal conductivity.

At present, GaN and InN are seen as the leading III-nitride semiconductors and are

being heavily investigated, as summarised below.

GaN and InN crystals can grow in two different stable phases. The most ther-

modynamically stable phase is the wurtzite crystal structure (fig. 1.3). Due to the

lack of inversion symmetry of the wurtzite structure along the c-axis direction, growth

can either occur on the metal, or nitrogen polar face, depending on the termination

of the substrate. This has to be taken into consideration, as the surface chemistry is
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Figure 1.3 Wurtzite and zincblende crystal lattice structure.

different for each face and therefore the optimal growth parameters also. Under certain

conditions it is also possible to grow the zincblende phase which has a more symmet-

rical crystal structure (fig. 1.3). Under poorly controlled conditions, both phases can

co-exist in a thin film.

1.2.1 GaN

GaN is a direct band gap semiconductor, with a wide band gap of 3.4 eV. It has

two known growth phases: hexagonal wurtzite (WZ) and cubic zincblende (ZB), the

WZ being more common with lattice constants a = 3.2 Å, c = 5.2 Å. Due to the

lack of an economically viable lattice-matched substrate, c-plane sapphire is the pre-

ferred substrate with a lattice mismatch of 16%. As-grown GaN is typically n-type;

N-vacancies and/or residual O and Si from the growth are known to cause the n-

type nature [23, 24, 25]. Undoped GaN grown by molecular beam epitaxy (MBE) has

reached carrier concentrations as low as 3.2×1016 cm−3 with an electron mobility of

1098 cm2V−1s−1 [26]. Researchers have been able to achieve p-type GaN by MBE with

magnesium without the need for post annealing. P-type GaN:Mg is reported to have

carrier concentration and mobility values of up to 1.4×1018cm−3 and 7.5 cm2V−1s−1

respectively for rf-plasma assisted MBE [27], and 8×1017cm−3 and 26 cm2V−1s−1 for
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NH3 MBE [23], respectively. Further information on the properties and growth of GaN

can be found in reference [28], some of which is summarised in table 1.1.

1.2.2 InN

Before 2001 the accepted value of the band gap energy for InN was 1.9 eV, as deter-

mined by Tansley and Foley [8]. Those InN samples were grown by RF sputtering of

a pre-nitrided metallic indium target in a nitrogen ambient. Optical analysis was done

by optical absorption and electrical measurements were conducted on photolithograph-

ically defined clover leaf contacts. These polycrystalline InN films were n-type and a

maximum mobility of 5000 cm2V−1s−1 at 150 K was reported [29]. In 2001, Davydov

et al. published a short communication citing evidence that the InN band gap was in

fact closer to 0.9 eV [9], based on single crystal InN grown by MBE. Optical measure-

ments of the band gap consisted of not only optical absorption, but also for the first

time photoluminescence spectroscopy, with emission detected at 0.9 eV [9]. The lower

energy optical feature was not only observed by Davydov et al. but by several subse-

quent reports for both MBE and MOCVD grown material [10, 11, 12, 13], although

the reported value of the band gap ranged from 0.6–0.9 eV.

There are several reasons for the wide range in reported values for the InN band gap.

One of the main reasons is the Burstein-Moss effect where the Fermi level moves further

up the conduction band with increasing carrier concentration, thereby increasing the

energy of the absorption edge as seen by optical absorption analysis [30]. Walukiewicz

et al. suggested that the Burstein-Moss effect could increase the absorption edge energy

from 0.7 eV to as much as 2.3 eV at a carrier concentration of 1021 cm−3 [31]. Butcher

et al. suggested an origin based on the fact that the RF sputtered material has a N/In

stoichiometry of 1.2 instead of 1.0 for the case of single crystalline InN thin films [32].

Arguments based on quantum size effects [33] and oxygen uptake [34] have also been

suggested, but have been largely dismissed as having insufficient effect on the InN band

gap.

Aside from the debate regarding the InN band gap, the recent availability of higher

quality material has enabled researchers to study other properties. InN has a small
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Table 1.1 Properties of wurtzite GaN

Band gap energy Eg (300 K) = 3.39 eV
Eg (1.6 K) = 3.5 eV

Band gap temperature -6.0×10−4 eV/K
coefficient (T >180 K)

Band gap pressure 4.2×10−3 eV/kbar
coefficient (T = 300 K)

Lattice constant a = 3.189 Å
(T = 300 K) c = 5.185 Å

Coefficient of thermal ∆a/a = 5.59×10−6 K−1

expansion (T = 300 K) ∆c/c = 3.17×10−6 K−1

Ga – site density NGa = 4.28×1022 cm−3

Ga – surface site density Nsurf = 1.1×1015 cm−2

Monolayer thickness 2.59 Å(along c-axis)

Bilayer thickness 5.18 Å(along c-axis)

Thermal conductivity κ = 1.3 W/cm K

Index of refraction n(1.00 eV) = 2.33
n(3.38 eV) = 2.67

Dielectric constant ε0 = 8.9

Electron effective mass m∗
e = 0.20±0.02m0

Hole effective mass m∗
h = 0.80±0.02m0
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Table 1.2 Properties of wurtzite InN

Band gap energy Eg = 0.6 – 0.7 eV

Lattice constant a = 3.53 Å
(T = 300 K) c = 5.71 Å

Monolayer thickness 2.86 Å(along c-axis)

Bilayer thickness 5.71 Å(along c-axis)

Dielectric constant ε0 = 13.1

Electron effective mass m∗
e = 0.04m0

m∗
e = 0.14m0

electron effective mass of 0.04mo [35] (also a value of 0.14mo has been reported [36]),

therefore it is expected that InN will have a high electron mobility. The original InN

films grown by Tansley et al. were reported to have a room temperature electron mo-

bility of 2700 cm2V−1s−1 [29], although this result has never been confirmed and now

seems unlikely. Undoped InN films produced by MBE typically have electron mobilities

of 500 - 1000 cm2V−1s−1. However, electron mobilities above 2000 cm2V−1s−1 have

been recently reported for films with thickness greater than 5 µm, the highest being

3500 cm2V−1s−1 (at room temperature) for a sample with an electron concentration of

approximately 1017 cm−3 [37]. Theoretical values for the maximum electron mobility

have ranged around 4000 cm2V−1s−1 [38, 39], although a recent publication suggests

it could be as high as 14000 cm2V−1s−1 [40]. There is some limitation to the measure-

ments because like InAs [41], InN suffers from an electron accumulation layer at the

surface, which can short out electrical measurements [42]. The electron accumulation

layer is due to ionised donor-type surface states pinning the surface Fermi level above

the conduction band edge [42].

For InN to be used in device structures, p-type doping is essential. Magnesium

is being investigated as an acceptor due to the success of p-type GaN:Mg. So far all

reports of Mg-doping of InN describe films with apparent n-type conductivity as deter-

mined using standard measurement techniques [43]. However, as the surface electron
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accumulation layer is known to mask the bulk properties, other techniques are required

to determine the true conductivity. Ager et al. [44] and Anderson et al. [45] have

shown using electrochemical capacitance voltage (ECV) measurements that a change

in slope of inverse squared capacitance versus bias voltage can signal the presence of

a p-type buried layer, although this is qualitative and a somewhat indirect technique.

Another way of measuring the bulk properties of InN is the use of the variable mag-

netic field Hall effect; Anderson et al. have used this technique to observe parallel light

hole, heavy hole, and electron conduction in a highly magnesium doped InN film [45].

Schaff et al. have also examined InN:Mg, InGaN:Mg and InAlN:Mg films using the hot

probe technique, which also produces results showing p-type behaviour [46, 47]. Still,

without a way of directly measuring/contacting the p-type conductivity of the InN:Mg

films significant steps toward InN devices cannot be taken.

Aside from only being able to indirectly measure the p-type conductivity, re-

searchers have also faced issues with measuring optical properties. In InN:Mg films the

photoluminescence typically red shifts and becomes quenched at high levels of magne-

sium, limiting its use for InN:Mg films [48]. Understanding the quenching mechanism

may also further explain some of the issues with the electrical properties.

1.3 GALLIUM NITRIDE NANOWIRES BY MBE

Epitaxial layers can be photolithographically patterned into nanoengineered structures

and devices, however directly formed nanostructures can be fabricated using essentially

the same technique used for epilayer growth. Over the past decade there has been a

vast amount of research into semiconductor nanostructures, as shown by the number of

peer-reviewed publications on nanowires and nanorods as plotted in fig. 1.4. The study

of nanostructures is driven by the need to improve upon present devices. Nanostruc-

tures allow for devices with smaller footprints, and also different functionality due to

quantum effects, as the size of the nanostructures approach the Bohr radius. Moreover,

nanostructures have increased surface to volume ratio compared to thin films, with a

correspondingly enhanced sensitivity to biological agents and light detection. It is also

expected that novel nanodevices may be produced, e.g. ZnO nanogenerators that are
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Figure 1.4 Publications per year for nanostructures, based on advanced search on the Web of Science
using (nanowire* and nanorod*)(Web of Science, http://isiknowledge.com/, accessed: 4th April 2008).

based on harvesting mechanical energy through piezo effects [49, 50].

There are two approaches for producing nanostructures, these being the top–down

and the bottom–up processes. The top–down method uses patterning followed by wet

or dry etching. This process is limited by the ability to grow defect free material

and also the size restrictions inherent to the chosen patterning process. The bottom–

up technique is where the nanostructured material is directly grown into the desired

shape. One of the most dramatic examples was demonstrated by researchers at IBM

who showed that atoms could be manipulated using a scanning tunnelling microscope

to produce atomic scale structures [51]. A faster and more conventional bottom–up

process is the vapour liquid solid (VLS) approach, where a metal catalyst is used to

excite the growth of nanostructures using typical semiconductor grow techniques.

The VLS technique was developed by Wagner and Ellis for the growth of silicon

whiskers [52]. In their process, Wagner and Ellis used a silicon wafer coated with a thin

film of gold. When heated, the gold forms droplets and undergoes a phase change from

solid to liquid above the silicon-gold eutectic temperature. The gold droplets control

the nucleation sites and the lateral size of the whiskers. On exposing the substrate to
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Figure 1.5 Schematic of the vapour liquid solid process of Wagner and Ellis [52].

the silicon flux, the droplets act as preferred sites for the silicon adatoms, due to the

lower surface energy. As the gold droplet becomes saturated with silicon, the silicon

atoms diffuse to the liquid solid interface (interface of the gold droplet with the silicon

wafer), where they undergo a liquid to solid phase change and start the growth of

the whisker. As long as the growth material is sustained, the growth of the whiskers

continues and the gold droplet rides the top of the whisker (see fig. 1.5). The VLS

process was introduced for actual nanoscale growth by Charles Lieber’s group around

1998, as proof of concept that the VLS process is useful for nanowire growth [53]. Fig.

1.6 shows the number of times the Wagner and Ellis paper on VLS growth has been

cited and shows it is a commonly used method for nanowire growth with essentially

exponentially increasing interest.

There are several problems with using the VLS process for growing III-V nanos-

tructures. For Si nanowires the phase diagram is typically based on only two elements:

silicon and gold. For the growth of III-V nanostructures using the VLS process the

catalyst is not the group III or group V material, so a third element is introduced as

the catalyst. Therefore what actually drives the growth is not clear and the phase
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Figure 1.6 Number of times Wagner and Ellis 1964 paper has been cited plotted as a function of
publication year(Web of Science, http://isiknowledge.com/, accessed: 4th April 2008).

diagram is more complex as it is a ternary system. It has been reported that for III-As

nanowires the group III element alloys with the catalyst, typically gold, and forms the

liquid phase, while the As diffuses into the solid-liquid interface to grow the III-As

nanowire [54]. In contrast, Persson et al. suggests that the catalyst is actually solid in

the case of III-V nanowire growth and the presence of the catalyst is enough to confine

the growth; this is known as vapour solid solid growth. [55]. The exact growth mecha-

nism is therefore dependent on the semiconductor of interest, growth temperature, and

the catalyst used.

To the present date the growth of GaN nanowires by MBE using the VLS process

has involved the use of a nickel catalyst and N-rich growth, which sees the nickel

particle riding the tip of the nanowires, therefore resembling the VLS process [56].

Another reported method of growing GaN nanowires by MBE uses only the N-rich

growth regime and Si or AlN substrates [57, 58]. The N-rich growth regime promotes

the growth of three dimensional crystal growth and, in the long term, nanostructures

due to the reduced adatom diffusion length. The N-rich growth also means that the

growth rates are restricted by the gallium flux, therefore several hours are required
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to produce micron long nanowires. The N-rich growth process is also a valid way of

growing other III-nitride nanowires [59].

Even with the issues faced with growing GaN nanowires, devices have already been

fabricated as both p-type and n-type nanowires are not required. For example as-grown

GaN nanowires with two contacts have been used for photodetectors [60]. Also, GaN

nanowire Schottky diodes have been fabricated using a two step metallisation [61, 62],

and by using a scanning probe microscope (SPM) to contact one end of the nanowire to

form the Schottky contact [63]. Due to good optical confinement properties, Pauzauskie

et al. have used GaN nanowires as waveguides [64], and with the addition of a wrap

around contact the optical intensity can be electrically modulated [65]. Researchers

have also shown that optical pumping of GaN nanowires can lead to lasing [66]. One

of the most well developed devices is the nanowire field effect transistor (FET), which

is created by adding a gate contact to the nanowire or by using the substrate as the

gate. The FET devices also allow for determination of the carrier concentration and

mobility of individual nanowires. To produce a P-N junction p-type GaN substrates

have been substituted, LEDs have been fabricated and tested [67]. Improvements to

the P-N junction have involved Mg-doping of GaN nanowires, and junction fabrication

by n-type and p-type nanowires crossing over each other [68] or by a junction in one

nanowire [69]. Also, the incorporation of quantum wells has been achieved [70]. So far

the focus of nanowire devices has been on recreating present devices using nanowires

as the active region, although nanowires may offer more unique devices which have not

yet been envisioned.

Despite the extensive research into the development of GaN nanowire devices, MBE

grown nanowires are limited by growth rate due to the use of the N-rich growth regime,

and also what can be achieved by MBE has already been accomplished with CVD GaN

nanowires. However, in this thesis it will be shown that the growth of GaN can also

be conducted under Ga-rich conditions, thereby improving growth rates. Moreover,

the Ga-rich growth allows for self-seeding growth and the possibility of hierarchical

nanowires for unique devices.
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1.4 THESIS OUTLINE

This thesis will give the reader an insight into the growth of InN and GaN epilayers

and nanostructures, also covering the p-type doping of InN. Following Chapter One,

the molecular beam epitaxy system and the structural, electrical and optical charac-

terisation techniques used in this thesis will be introduced (Chapter Two). The third

chapter is the optimisation of the growth of InN and GaN epilayers. Chapter Four

highlights the discovery of self-seeding growth of GaN branching nanowires and models

for how the growth occurred, supported by additional self-seeded GaN nanowire growth

experiments. The fabrication of both vertical and planar nanowire device structures

is discussed in Chapter Five. Investigation of the doping of InN using Mg and Zn are

discussed in Chapter Six. The last chapter (Chapter Seven) of this thesis synthesises

and draws conclusions on Chapters Three through Six, and includes a discussion of

future opportunities.



Chapter 2

GROWTH AND CHARACTERISATION TECHNIQUES

2.1 EPITAXY

Epitaxy comes from the two Greek words, epi ”above” and taxis ”in ordered manner”.

Epitaxial growth of thin films (such as semiconductors) is the growth of a single crystal

layer, such that the crystal lattice of the semiconductor grows to match the crystal

structure of a carefully chosen substrate. There are several epitaxial growth techniques,

each with its particular advantages. The three processes that will be discussed here are

liquid phase epitaxy (LPE), chemical vapour deposition (CVD) and molecular beam

epitaxy (MBE) due to their relevance to the semiconductor industry as well as growth

of nanostructures.

In the LPE process, the semiconductor layers are grown from a melt onto a seed

crystal or a solid substrate. Semiconductor precursors are dissolved in another material;

gallium is a commonly used melt solution. The growth is undertaken close to an

equilibrium condition between the dissolution and deposition region. Growth out of

the melt can be controlled by forced cooling. LPE has fast growth rates (GaN can be

grown at 1-2 µmhr−1 [71]) and can produce device quality semiconductor layers at low

cost. However, the growth of complex structures is limited, as each different melt needs

to be mounted in the same system therefore allowing the substrate to be transferred

between the melts.

CVD is a commonly used process for the growth of the highest quality GaN thin

films for optoelectronic devices. Organic precursors are exposed to a hot substrate

mounted in a vacuum system. Near the vicinity of the hot substrate the precursors dis-



2.1 EPITAXY 16

sociate, releasing the growth materials that then reform on the substrate as the desired

semiconductor. CVD has high growth rates (GaN can be grown at 1 µmhr−1 [72])

and the composition of the thin films can be controlled by the precursor concentration

and dissociation rate of the individual precursors. However, high growth temperatures

are typically required to achieve dissociation, and scrubbers are also required to break

down the toxic exhaust gases.

MBE was employed by Davydov et al. to grow the high quality single crystal InN

used to study the band gap [9]. One major difference between MBE and the other

two epitaxial growth processes is that the MBE system is held under ultrahigh vacuum

(UHV), at least for idle periods; growth of nitrides requires a much higher pressure, on

the order of 10−5 torr, MBE growth is conducted far from thermodynamic equilibrium

and is governed mainly by the kinetics of the surface processes occurring when the

impinging beams of adatoms react with the outermost atomic layers of the substrate.

MBE is a versatile growth technique for the growth of thin epitaxial structures. Not

only can single atomic layer thin films be grown, but as the composition of a thin film

is dependent on the arrival rate of the different adatoms, control of complex alloys

are achievable. Moreover, due to the slow migration of the adatoms, smooth surfaces

through layer by layer growth are achievable. Atomic scale changes in the composi-

tion can be easily achieved by shuttering sources, allowing for the growth of complex

quantum well and superlattice structures. Even though the running costs are increased

(due to the requirement of a continuous vacuum) the system is enclosed, so toxicity is

reduced. Also, the consumption of source material is reasonably small.

With the growth of epitaxial thin films there are three possible growth modes.

Each mode depends on the interaction of the growth adatoms with surface sites and

additional growth adatoms. In Volmer-Weber growth, the adatom to adatom interac-

tion is stronger than that of the adatom to substrate sites, therefore this leads to the

growth of islands, or clusters. Frank-van der Merwe growth is the opposite, due to

the adatoms preferentially interacting with surface sites leading to a thin film grown

layer-by-layer. Stranski-Krastanov growth is where is the growth starts out layer-by-

layer but once the film exceeds a crystal thickness, islanded growth occurs; the critical
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thickness is dependent on the surface energies as well as lattice parameters.

Homoepitaxy is the growth of a semiconductor on a crystalline substrate of the

same material (native substrate), which should lead to high quality thin films due to

near perfect lattice matching. For III-nitrides, presently substrates of AlN and GaN

are available but very expensive, therefore sapphire is typically substituted. Still, the

strain introduced by lattice mismatch can often be contained by the film growth to

achieve high enough quality films for devices; growth on a non-native substrate is

known as heteroepitaxy. For a thin film to be able to accommodate the effects of

strain, dislocations are created in the film. The two common dislocation types are edge

and screw dislocations; it is also possible to have a mixed dislocation which has both

edge and screw components. An edge dislocation is where an additional half-plane of

atoms is introduced, leading to the distortion of the surrounding planes of atoms. The

screw dislocation is more complex and is where the atomic planes form a spiral ramp

winding around the line of the dislocation. Dislocations do lead to reduced crystal

quality, but with optimal growth conditions and the aid of buffer layers, their density

can be controlled to be able to grow device quality thin films of GaN and InN.

2.2 FUNDAMENTALS OF PAMBE

2.2.1 University of Canterbury MBE System

The growth experiments described in this thesis were performed using the University

of Canterbury Perkin Elmer 430 MBE system. The system consists of three stages

as shown in Fig. 2.1, where each stage has a different vacuum requirement. The ini-

tial stage allows for the transfer of substrates into the vacuum system, known as the

intro–hatch (load–lock). Up to six substrates, each mounted on a 75 mm diameter

molybdenum growth block using indium or indium/tin, can be loaded into the system

simultaneously. To achieve a vacuum, the load–lock is pumped down using liquid nitro-

gen cooled sorption pumps from atmosphere to 10−4 Torr, at which point a cryogenic

pump then further reduces the pressure down to 10−8 Torr. Removal of water vapour

is done by baking the load–lock for one hour at 100◦C. The next vacuum stage is the
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transfer tube, which is held under vacuum with an ion pump, allowing for the substrates

to be held at a pressure of 10−9 Torr. Outgassing of the individual growth blocks is

done in the transfer tube at a temperature of approximately 650◦C, therefore reducing

the amount of impurities entering the ultra clean growth chambers. This system is

equipped with two growth chambers, one designated for III-nitrides and the other for

the growth of another extensively studied wide band gap material, zinc oxide. The

growth chambers are held at an idle pressure of 10−10 Torr, using a combination of ion

and cryogenic pumps. Film growths are performed at 10−5 Torr, so only the cryogenic

pump is used during growth.

2.2.2 Substrate Heating

The Perkin Elmer 430 MBE system is designed so that the growth blocks can be moved

in and out of the growth chamber. Thus, a thermocouple cannot be permanently cou-

pled to the substrate to determine the substrate temperature. Instead, a thermocouple

is pressed against the back of the molybdenum growth block. This can lead to a false

reading of the substrate temperature, due to the thermal losses in the growth block and

the transition through the liquid indium or indium/tin mounting layer. Preliminary

measurements of the substrate surface temperature using BandiT, an optical absorp-

tion edge system from k-Space Associates Ltd, suggest that the difference between the

thermocouple reading and substrate substrate can be between 50−100◦C; typically the

difference is larger at higher temperatures. Temperature measurements in this thesis

were based on the thermocouple placed on the back of the growth block which is also

the feedback for the heater controller, and are therefore approximate.

2.2.3 Group III Source

For the growth of III-nitrides the atomic metal flux is produced from effusion cells.

The effusion cells used in this study were single heating zone cells, equipped with 60 cc

conical pyrolytic boron nitride (BN) crucibles, similar to the effusion cell shown in fig.

2.2. The crucibles are a third filled with 6-9s purity indium or gallium. The shape of a

crucible orfice is designed to give uniform coverage across the substrate; however, the
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Figure 2.1 Plan view of the University of Canterbury 430 Perkin Elmer MBE system.
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Figure 2.2 Diagram of a typical effusion cell.

single heating zone leads to the formation of a cold zone at the opening of the effusion

cell. This can lead to the build up of excess metal on the mouth of the crucible, which

is especially problematic for gallium and indium. The excess metal is known to produce

oval defects on the film surface through spitting [73].

Vapour pressure curves for indium and gallium are well established from exper-

imental results. Both indium and gallium are low vapour pressure metals, and the

typical growth fluxes require temperatures well above their melting points. The Knud-

sen equation [74] is used to calculate the maximum flux for an element in a particular

effusion cell geometry:

IA = 1.118× 1022 pAe

rA
2
√

MT
(2.1)

where IA is the impinging flux on the substrate (atoms·cm−2s−1), p is the pressure

from a vapour pressure curve (Torr), Ae is the area of the orifice of the crucible in the

effusion cell (cm2), rA is the distance from the effusion cell orifice to the substrate (cm),

M is the molecular weight of the metal (g·mol−1) and T is the temperature (K). The

effusion cells are arranged so they are not perpendicular to the substrate, as shown in

fig. 2.3. Therefore, equation 2.1 is modified by a cosine term:

IA = 1.118× 1022 pAe

rA
2
√

MT
cos θ (2.2)
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Figure 2.3 Schematic of the eight effusion cell ports in relation to the substrate.

The 60 cc pBN crucibles have an orifice diameter of 3.8 cm. The lip of the effusion cell

is 20 cm from the substrate and at a tilt of 25◦ with respect to the substrate normal.

Using these parameters the flux curves for indium and gallium are shown in fig. 2.4

using equation 2.2.

The theoretical curves (fig. 2.4) are used to decide on the initial temperatures of

the effusion cells. In-situ flux determination is done using a quartz crystal microbalance

(QCM). The QCM head is water cooled to ensure a sticking co-efficient of near unity.

For flux measurements the QCM head is lowered in place of the substrate, and therefore

in direct line of site of the molecular beams. The QCM is run at a frequency of 6 MHz

when unloaded; as material collects on to the crystal, the resonant frequency is reduced

and his is typically sampled every five seconds. The frequency difference should be a

constant value, corresponding to a constant flux. The magnitude of the frequency

difference can then be used to determine the impinging flux, based on:

∆M =
Πφ2∆f ×√

Sheer ×Dq

2tF 2
(2.3)
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Figure 2.4 Flux curves for indium and gallium determined using equation 2.2; the cross-hatched
region is the typical operation zone for the effusion cells in this study.

and

IF =
∆MNA

M
(2.4)

where ∆M is the change in mass (g·mol−1), φ is the diameter of the quartz crystal

(cm), ∆f the change in the frequency of the QCM (Hz), Sheer is the sheer modulus of

the quartz (g·cm−1s−2), Dq is the density of quartz (g·cm−3), t is the sample time (s),

F is the frequency of the unloaded crystal (Hz), IF is the impinging metal flux, NA is

Avogadro’s number and M is the molar mass of the material measured (g·mol−1).

2.2.4 Nitrogen Source

Ammonia is a commonly used nitrogen source for gas source MBE and CVD tech-

niques. Active nitrogen flux is produced through the ammonia dissociating with the

hot substrate. However, the typical growth temperatures of InN range only between

400 − 600◦C; at these temperatures the dissociation rate of ammonia is too low. An
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alternative nitrogen source is produced by creation of a plasma, where RF or microwave

power is used to excite pure nitrogen gas into active species. As the plasma source ef-

ficiency is independent of the substrate temperature, this allows for high growth rates

at the growth temperatures required for InN.

In this study an HD25 Oxford Applied Research plasma source was used. The

HD25 plasma source inductively couples RF power through the copper water lines to

a pBN tube that is terminated with an interchangeable aperture plate. The energetic

nitrogen species that are produced from the plasma source include molecular nitrogen,

atomic nitrogen and ionised nitrogen [75]. Each species has its own optical signature

and through optical emission analysis (OES) quantitative information regarding nitro-

gen species can be determined [76]. Collection of the optical spectrum may be done

through the back of the plasma source, as the viewport used to monitor the plasma

looks directly into the pBN cavity. A typical optical spectrum from the back of the

HD25 plasma source is shown in fig. 2.5. The atomic nitrogen (N) species is seen at 747

nm and the electrically excited nitrogen atoms (N∗) appear in the spectral lines of 822,

868, 906, 920 and 940 nm. Compared to the atomic species, the nitrogen molecules are

represented by a band due to the accumulation of vibrational and rotational energy in

molecular species. The 1st-negative series of nitrogen ions (N+
2 ) forms the 391 and 428

nm features. The 1st-positive series of the N2 band is the main feature in the 600 nm

region, while the 2nd-positive series of the N2 band is represented by the features at

316, 337, 357, and 380 nm.

From the OES of our HD25 plasma source the plasma appears to be dominated

by the atomic nitrogen species at 747 nm. The composition of the nitrogen species

can be manipulated by varying the RF power or the nitrogen chamber pressure. With

increasing RF power the N2:N ratio decreases mainly due to the atomic N increasing,

determined by peak intensity comparison of the 1st-positive series of the N2 band at

660 nm and the electrically excited nitrogen atoms (N∗) at 869 nm. Part way through

this study the plasma source aperture plate was changed from having 276 holes to 488

holes. This caused the N2:N ratio to decrease while the N2:N∗ ratio decreased at low

RF power (<200 W); however at high RF power (>200 W) the N2:N∗ ratio is slightly
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Figure 2.5 OES spectrum taken at 100 W RF and a nitrogen chamber pressure of 1 × 10−5 Torr,
using the 276 hole aperture plate.

lower for the 488 hole aperture plate compared to the 276 hole aperture plate.

The use of OES is a common technique and other groups have already used it to de-

termine the desired species for the growth of GaN by plasma-assisted MBE (PAMBE).

Iliopoulos et al. who employ a similar HD25 plasma source, claim that the 869 nm

atomic feature is the dominant feature [76]. The 869 nm peak only becomes the domi-

nant feature for our source when it is operated at high RF powers, however. Iliopoulos

et al. have mapped out the molecular and atomic species and report that the N∗
2 con-

centration increases with RF power and nitrogen flow rate, while the N∗ concentration

increases predominantly with RF power and only at high power is there much change

in the N* with nitrogen flow rate. The growth of GaN under N-rich conditions shows

that incorporation is sensitive to changes in N∗
2 [76]. Support for N∗

2 as the dominant

growth specie is also suggested by Ptak et al. who reported that atomic nitrogen ap-

pears to be relatively inefficient for growing GaN, requiring about ten atoms in the flux

for each one incorporated into the growing layer [77]. In contrast, Osaka et al., using an

SVT Associates model RF 4.5 with a 25 hole aperture plate (0.5 mm diameter holes),

suggested that N∗ dominates the growth [78]. To summarise, there seems to be some
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uncertainty in the relative importance of various nitrogen species within a particular

plasma, but OES plays an important role in allowing different plasmas to be compared.

2.2.5 Reflection High Energy Electron Diffraction

An additional advantage that MBE has over CVD growth systems is that the ultra

high vacuum allows for in-situ diffraction based analysis techniques to be used. One

such technique is reflection high energy electron diffraction (RHEED), which allows

the crystal grower to obtain real-time information about the film surface quality, strain

relaxation and growth rate. The RHEED system involves exposing the film surface, at

a low grazing angle (1−3◦), to an electron beam and collecting the diffracted electrons

on a phosphor screen. The RHEED pattern is composed of three features: a direct

beam which is seen due to the low grazing angle used, the shadow edge of the substrate

and also the reciprocal lattice pattern. The grazing electrons only penetrate a few

atomic layers, so the information gained can be assumed to originate from a nearly 2D

surface lattice; in reciprocal space the distance between the streaks (they are streaks

due in part to the lack of atomic-scale flatness over the sampling area) are the inverse

distance of the lattice spacing being probed. The assumption that the surface can

be treated as a 2D surface lattice can only be used to gain a partial understanding,

as often in real epitaxy the surface experiences 3D island growth. For a terraced 2D

surface, the RHEED pattern consists of complete streaks (fig. 2.6a), whereas the 3D

surface produces a spotty RHEED pattern (fig. 2.6b) due to surface roughness inducing

transmission diffraction. In this work, Staib RH20 RHEED system was used with a

k-Space Associates kSA 400 CCD based capture and analysis system. The electron

source was typically operated at 20 kV and 1.5 A. Further information about the

RHEED process and applications are available in reference [79].

2.2.6 Laser Reflection Interferometry

RHEED analysis can be used to determine the growth rate of the semiconductor by

monitoring the spectral spot reflection intensity [80]. However, in cases where the thin

film surface is not of high enough quality or the growth mode is not layer by layer,
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Figure 2.6 RHEED images taken from GaN a)under metal-rich conditions leading to 2D growth and
b) under nitrogen-rich conditions leading to 3D growth.

RHEED oscillations cannot be observed. Another way of obtaining the growth rate

is by using laser reflection interferometry (LRI), where a light source operating at a

photon energy which is less than the band gap of the material of interest is reflected

from the thin film/substrate at near normal incidence, as shown in fig. 2.7.

The reflected beam undergoes constructive and destructive interference as the film

thickness changes. With the added knowledge of the sampling time, the growth rate of

the film can be calculated from,

(
4πdn

λ

)
= mπ (2.5)

where d is the film thickness as a function of the number of 1
2 oscillations (m), and n is

the refractive index of the thin film being studied at the wavelength (λ) of the probing

light source. Equation 2.5 can then be rearranged and differentiated to give the growth

rate, R(t),

R(t) =
(

λ

4n

)(
dm

dt

)
(2.6)

The light sources used in this study were a semiconductor laser diode (675 nm) and a
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Figure 2.7 Schematic of the laser reflection interferometry system.

white light source from the k-Space Associates BandiT system.

2.3 SURFACE CHARACTERISATION

RHEED analysis of the surface quality only indicates if the surface is rough or smooth.

Ex-situ techniques are relied on to clarify the surface morphology and quantify the

roughness. Two such techniques are atomic force microscopy and scanning electron

microscopy. Both are heavily used depending on the quality of the surface, so an

overview is given here.

2.3.1 Atomic Force Microscopy

Atomic force microscopy (AFM) is used to profile the surface of thin films at a nanome-

tre scale. A cantilever with a fine tip is raster scanned over the thin film; when the tip

comes into contact with the thin film surface the cantilever deflects. A laser is used

to measure the magnitude of deflection, therefore determining the height in relation to

a set point. There are two modes of operation, tapping and contact. Tapping mode

vibrates the cantilever, and reduces both the lateral forces on the tip (and the possi-
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Figure 2.8 AFM imaging issues due to feature size relative to tip geometry. The top image shows
the real surface and the bottom represents what would be expected from a line scan.

bility of breakage) as well as collection of impurities on the tip. Contact mode is often

an order of magnitude faster (30 sec per scan) and allows for atomic scale resolution,

although it suffers from tip wear due to direct contact. AFM does have issues imaging

rough samples or samples where the spacing between features is smaller than the size

of the AFM tip, as this leads to improper imaging of the sidewalls of the features, as

illustrated in fig. 2.8. In this thesis a Digital Instruments 3100 AFM was extensively

used to image thin films of InN and GaN that had atomically flat features.

2.3.2 Scanning Electron Microscopy

To overcome the imaging issues faced by AFM for rough and/or nanostructured surfaces

scanning electron microscopy (SEM) can be used. In contrast to a standard optical

microscope, SEM employs electrons instead of photons to image the sample. The

electron wavelength is dependent on the acceleration voltage; in this study the voltage

was typically 10 keV. This relates to a wavelength of 0.012 nm, which is significantly

below the wavelength of 400 to 700 nm used in a conventional optical microscope,

therefore leading to higher resolution images. A focused beam of electrons is exposed
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to the sample and secondary electrons are emitted from the surface which are attracted

to and collected by a detector. From the density of electrons a map of the surface can

be obtained. In this study the SEM micrographs were produced using a Leica field

emission SEM.

2.4 OPTICAL CHARACTERISATION

2.4.1 Photoluminescence

Optical characterisation is a very precise technique for identifying the slightest impuri-

ties in a thin film. Photoluminescence (PL) is one of the most commonly used optical

techniques, with a photon source (laser) used to excite an electron into the conduction

band, after which the electron then relaxes to a lower state by emitting a photon. The

optical emission may involve other states, so that features may correspond to conduc-

tion to valence band transitions (C-V), free excitons (X), excitons bound to neutral

donors or acceptors (AoX), conduction band to acceptor transitions (CA), or donor to

acceptor transitions (DA) as illustrated schematically in fig. 2.9. Photoluminescence

measurements were conducted in the Physics department at the University of Canter-

bury, with the experimental data taken on the GaN thin films and nanostructures by

Mr Reuben Mendelsberg and InN thin films investigated by Prof. Roger Reeves and

Mr. Y.W. Song.

2.4.2 Cathodoluminescence

Photoluminescence probes an area the size of the laser spot, typically on the order of

500µm, which is too large for probing individual nanowires. To obtain information

about individual nanowires cathodoluminescence (CL) can be used, which is based

on the emission of light from electron beam excitation using a SEM. With the en-

hanced resolution achieved with the SEM, spatial variation in the optical properties

can be directly mapped to physical features, as has been seen in ZnO nanowires where

there is a distinctive difference in the luminescence observed from the wetting layer

and the nanowire [81]. In this study the CL measurements were conducted using a
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Figure 2.9 Schematic representation of donor- or acceptor- related and direct radiative recombina-
tions.

JEOL JSM-6500F field emission SEM equipped with a Gatan MonoCL3 cathodolu-

minescence spectrometer and imaging system. The measurements were conducted by

Prof. Masakazu Kobayashi at Waseda University, Tokyo.

2.5 ELECTRICAL CHARACTERISATION

2.5.1 Single Magnetic Field Hall Effect

A very quick and simple analysis tool for determining the electrical properties of semi-

conductors is the Hall effect. This requires only a current supply, voltmeter and mag-

netic field. The Hall effect measurement gives the resistivity, the carrier density and

the mobility of the semiconductor. Using four ohmic contacts in the Van der Pauw

layout (corner contacts on a square sample) the sheet resistance (RS) of the sample is

determined by measuring the resistance across the horizontal and vertical sides allowing

for

e−πRvertical/RS + e−πRhorizontal/RS = 1 (2.7)
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Figure 2.10 Schematic illustrating the Hall effect in a n-type sample.

to be solved [82, 83]. With the use of a magnetic field (0.51 T for this study) perpen-

dicular to the current flow, the electrons accumulate on one side of the sample. This

then can be used to determine the carrier density and mobility. The force due to the

magnetic field is known as the Lorentz force and is given by,

F = qv ×B = q(vxBz) (2.8)

where q is the electrical charge of an electron, B the magnetic field and v is the drift

velocity. The accumulation of electrons at the bottom of the sample (-y direction)

from the downward deflected current gives rise to a upward-directed electric field (+y

direction) (2.10), ε, which balances the Lorentz force to give the Hall field,

εy = −vxBz (2.9)
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The creation of the electric field εy is known as the Hall effect, and the terminal voltage

VH = εyW (W is the film thickness) is the Hall voltage. The drift velocity is defined

as,

v =
J

qn
=

I

Aqn
(2.10)

where J is the current density, n is the number of electrons traversing the cross sectional

area A, and I is the electrical current. This can be substituted into equation 2.9 to

yield

εy = −
(

Jn

qn

)
Bz ≡ RHJnBz (2.11)

where RH is the Hall coefficient and is expressed as,

RH = − 1
qn

(2.12)

for electrons. Therefore by measuring the Hall voltage for a known current and mag-

netic field the carrier concentration and carrier type can be determined by rearranging

equation 2.12, and assuming a homogeneous structure,

n = − 1
qRH

=
JnBz

qεy
=

IBzW

qVHA
(2.13)

where all the right hand terms are known. The equation for sample resistivity can be

written in terms of the mobility of the carriers as,

ρ =
1

q(nµn + pµp)
(2.14)
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where µn, µp are the electron and hole mobility, respectively. Assuming an n-type

semiconductor such that µnn >> µpp, we may write

ρ =
1

qnnµn
(2.15)

Rs =
1

qnsµn
(2.16)

µn =
1

qnsRs
(2.17)

Implicitly assumed in the analysis is that the sample is homogeneous.

To determine the mobility and carrier concentration the Van der Pauw method is

typically used. The technique is broken up into two measurements, determination of

the resistivity and a Hall measurement. For the resistivity measurement Van der Pauw

determined that for an arbitrary shape one only needs to measure the resistance along

the horizontal and vertical directions to be able to resolve the sheet resistance. This is

done by applying a voltage across one edge of the sample and measuring the current

flowing along the opposing edge. Further improvements can be made to the measure-

ment by swapping the sides that the current and voltage are measured from and also

by changing the current polarity, and taking appropriate averages. By changing the

polarity the influence of the thermoelectric Seebeck effect can be reduced. From the

averaged (a total of four resistance measurements per direction) resistance measure-

ments the sheet resistance can be resolved using equation 2.7 by a suitable iteration

method.

For the Hall measurements a known magnetic field is applied perpendicular to the

sample, while a known current is passed across the in-plane diagonal of the sample and

the resulting voltage (Hall voltage) is measured along the opposite in-plane diagonal.

From the Hall voltage the carrier concentration can be resolved using equation 2.13
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and therefore the mobility can be calculated using equation 2.17

To properly use the Van der Pauw method for an arbitrary shaped semiconductor

sample one must have:

1. A sample of known uniform thickness, with no holes.

2. Four infinitely small ohmic contacts close to the boundary of the sample as pos-

sible. The size of the error introduced from the contacts is on the order of D/L,

where D is the average diameter of the contact and L is the distance between the

contacts.

3. Stable temperature conditions to reduce any thermomagnetic effects

4. It is preferred that the measurements are taken in the dark to reduce photocon-

ductance or photovoltaic effects.

2.5.2 Variable Magnetic Field Hall Effect

For thin films, the use of buffer layers grown at low temperatures means that a Hall

effect sample will be inhomogeneous [84, 85, 86, 87]. The situation is further compli-

cated in the case of InN, as it suffers from a surface accumulation layer that can easily

dominate electrical measurements. Therefore, a typical InN film can be qualitatively

represented by three parallel resistors, with current flowing through each layer. How-

ever, instead of having equal resistances which would be the case for a homogeneous

film, the buffer layer is likely degenerate (high carrier concentration) therefore having

a small resistivity. The same is true of the surface accumulation, so the overall mea-

surement is dominated by the buffer layer and surface accumulation layer fig. (2.11).

The contribution of any non-degenerate conduction path can be eliminated through

variable temperature measurements. However, the buffer layers and surface layers are

always degenerate - and to date, there have been no reports of clearly nondegenerate

bulk layers, requiring an alternative.

Fortunately, the sample temperature is not the only variable that can be changed

during the Hall effect measurement; the magnetic field is also a controllable quantity.
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Figure 2.11 Model of a three layer semiconductor, containing a degenerate buffer layer, bulk layer
and a surface accumulation layer. In this case the current path is dominated by the low resistance of
the surface accumulation layer and buffer layer so the effect of the bulk layer is not observed in the
single field Hall effect.

The variable magnetic field Hall effect (VFH) can be used to the determine the influ-

ence of the various carriers and has been extensively used for the analysis of HgCdTe

(see references [88, 89] and references therein). Where n-type HgCdTe can be easily

determined using the standard single field Hall effect (SFH), SFH measurements from

p-type HgCdTe exhibit an anomalous Hall effect [89]. VFH has been able to clarify that

the anomalous Hall effect is either due to multiple carrier layers, or inhomogeneities

[90, 91]. VFH was initially used to investigate InN due to the surface accumulation

layer, with results confirming at least two carrier populations one with an unresolvable

low mobility, and the other a higher mobility attributed to the bulk [92]. Despite its

success, use of VFH has been limited in part due to the requirement of a 10 Tesla

magnet.

VFH adds a significant degree of complexity to the process of characterising thin

films, so only a selected range of samples were measured using the VFH technique.

The samples are prepared with the same four point contacts as for the standard SFH

method, although several measurements are taken across a range of magnetic field

strengths. The current density - electric field relationship can be expressed as
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J = σE (2.18)

where σ is the conductivity. However, σ is actually a tensor quantity due to the

combined effects of the electric field and the magnetic field and therefore equation 2.18

can be written as the matrix equation




Jx

Jy


 =




σxx σxy

σyx σyy







Ex

Ey


 (2.19)

with the magnetic field along the axis. As long as the semiconductor is isotropic in the

measurement plane, σyy = σxx and σyx = -σxy from symmetry. The Hall coefficient

and resistivity equations can then be defined as

RH(B) =
VH

wJxB
=

σxy/B

σ2
xx + σ2

xy

(2.20)

and

ρ(B) =
Vx

LJx
=

σxx

σ2
xx + σ2

xy

(2.21)

The conductivity tensor components derived from the experimental Hall and resis-

tivity data as a function of magnetic field are then fitted to the following forms:

σxx (B) =
∑

k

nkeµk

1 + µk
2B2

(2.22)

σxy (B) =
∑

k

Sknkeµk
2B

1 + µk
2B2

(2.23)

where nk is the electron or hole concentration for a given layer k, µk is its corresponding
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mobility, and Sk is +1 for holes and -1 for electrons. It can be seen that the conduc-

tivity is proportional to the mobility and carrier density, also it is dependent on the

magnetic field. To evaluate the experimental data the conductivity tensor is typically

analysed using either the quantitative mobility spectrum analysis program (QMSA)

[93] or multiple-carrier fitting (MCF) techniques [84]. The data that can be extracted

is the influence of the electrons, holes and surface charges on the electrical properties,

however resulting fits cannot resolve where the features are from unless one is able

to modify regions of the film, possibly the surface, and monitoring what features in

VFH are changed. The VFH is limited by the magnetic field; if only the transverse

component of the conductivity tensor is used, then the lowest carrier mobility that

can be extracted with some accuracy is of the order of B−1, where B is the maximum

magnetic field used. In this work, field strengths of up to 12 T were available.

2.5.3 Capacitance Voltage Profiling

Even though VFH is able to determine that distinct carrier populations exist in an

inhomogeneous film, their location within the film cannot be resolved. One way of

determining the carrier profile of a semiconductor is through capacitance voltage pro-

filing (CV). The CV technique relies on the fact that the width of a reverse biased space

charge region (SCR) (and hence depth being probed) of a semiconductor junction de-

vice depends on the applied voltage to the rectifying contact. To be able to determine

the carrier density from the SCR a small ac signal is applied to the bias voltage. The

small ac signal adds a charge increment to the rectifying contact and an equal charge

of the opposite sign is induced on the edge of the SCR, which causes a change in ca-

pacitance. This change in capacitance enables the carrier density at a specific depth

to be calculated. The CV profiling is limited to the depth of the depletion layer, so

information about the carrier profile is typically limited to the near surface region.

The main requirement for CV profiling is the fabrication of a rectifying junction.

The simplest junction is that formed by a metal sputtered or evaporated onto a clean

semiconducting surface, known as a Schottky diode. When the Fermi energy in the

metal and semiconductor align by a flow of electrons from the semiconductor, a near
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Figure 2.12 Energy band diagram for the ideal metal semiconductor contact, for the case when the
metal work function φM is greater than the semiconductor work function φS : (a) instant of contact
formation and (b) equilibrium conditions. φB is the barrier height of the Schottky contact, χ is the
electron affinity, Eo is the vacuum level, EFM is the fermi level of the metal, and EFS is the fermi level
of the semiconductor.

surface depletion region is generated inside the semiconductor, as shown in fig. 2.12.

The width of the depletion region is given by,

W =
[
2Ksεo

qNd
(Vbi − VA)

] 1
2

(2.24)

where Ks is the semiconductor dielectric constant, Nd is the carrier density, Vbi is the

built in potential and VA is the applied bias. This is assuming that the depletion

region has abrupt boundaries; inside this region the semiconductor is fully depleted

and outside of this it is electrically neutral, as shown in fig. 2.13.

When a small ac signal is superimposed on the reverse bias dc voltage the charge

fluctuates inside the diode. Modelling this with a simple parallel plate capacitor,

C =
KsεoA

W
(2.25)

Inserting equation 2.25 into equation 2.24 results in,
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Figure 2.13 Charge density as a function of position in the depletion approximation.

C =
KsεoA[

2Ksεo
qND

(Vbi − VA)
] 1

2

(2.26)

which can be manipulated to yield,

1
C2

=
2

KsεoqNDA2
(Vbi − VA) (2.27)

Therefore the semiconductor doping density can be determined from the slope of a 1
C2

versus voltage curve, and the Vbi value is determined by extrapolating to 1
C2 = 0. One

assumption that is made when deriving equation 2.27 is that ND does not vary over

the distance W, as variations of ND over the distance W can not be resolved by the

C-V technique [94].

2.5.4 Electrochemical Capacitance Voltage Profiling

For CV profiling a semiconductor junction has to be fabricated. As shown above a sim-

ple rectifier can be made using a Schottky diode. However, for InN no metal Schottky

contacts have been able to be fabricated, even with mercury which is known to easily

form a Schottky contact to essentially all III-V semiconductors [95], suggestive of a

surface accumulation layer. It has been determined by Mahboob et al. using high reso-

lution electron energy loss spectroscopy that there is an intrinsic electron accumulation
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layer present on even clean InN surfaces [96]. An alternative method of fabricating

a Schottky contact for CV is by using an electrolyte to enable electrochemical capac-

itance voltage (ECV) measurements. The technique has a few drawbacks, however,

including the possibility of etching the sample (sometimes an advantage), and a much

weaker/leakier junction. A good review on principles, capabilities, limitations and

potential of the ECV technique is in reference [97].

The early ECV measuring systems were known as Post Office plotters due to the

affiliation of its originators [97]. The setup involves films grown on either conductive

substrates, or on bulk material to allow the substrate to act as a back contact [98].

To create the diode area the sample is pressed against a sealing O-ring on the vessel

containing the electrolyte solution. A carbon rod was employed as the working cathode,

and a saturated calomel electrode was used as a reference electrode. A window for

illuminating the sample and a pump used to agitate the solution were also included as

the ECV process can etch the sample surface.

As the InN samples in this study were grown on insulating substrates the ECV

setup used in this study is slightly different, but also takes into consideration some of

the issues with using a back contact and definition of the diode area using the O-ring.

For the ohmic contact a low resistivity Ti/Au contact ring was formed on the InN

surface. The low resistivity of the ohmic contact ensures that the series resistance is

only dependent on the diode area. Also a low series resistance is required to ensure a

good quality electrochemical Schottky diode which can be determined by the dissipation

factor (D, which is also the inverse of the quality factor (Q)). The smaller the value of

D the better the diode; for our InN films a typically value was 0.3-0.5 (Q 2 - 3). Sell

et al. determined that D should not exceed 0.4 to ensure an error of less than 2.5%

[99].

To insulate the ohmic contact from the electrolyte, and also define the diode area,

a layer of photoresist was applied over the entire sample and exposed using standard

lithography processes. Using the photoresist allows for a set area to be defined that

does not suffer from area change due to electrolyte leakage which can occur in the case

of an O-ring. ECV is very sensitive to changes in area, as the capacitance calculations
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Figure 2.14 Schematic diagram of the electrochemical capacitance voltage measurement setup.

are dependent on the area being precisely known. Also, a smaller area can be created

than by an O-ring, thereby further reducing the series resistance. To complete the

system a drop of the electrolyte is applied to the exposed semiconductor area and

contacted with a platinum mesh probe. Over time the drop does evaporate but three

or four scans can be taken before it will affect the measurement. Fig. 2.14 shows the

schematic diagram of the ECV setup used in this study.

To finalise the setup of the ECV system an electrolyte has to be chosen. The elec-

trolyte has two functions in the ECV technique: 1) the electrolyte forms a Schottky

contact with semiconductor and 2) the electrolyte has a controlled electrochemical dis-

solution reaction with the semiconductor. Thus a given amount of material is removed

with each scan. A range of electrolytes have been used with III-V semiconductors,

these being Tiron, NaOH:EDTA, NaOH and H2SO4 [94]. Electrolytes used for InN

are typically 0.2 M NaOH or 0.2 M KOH with the addition of 0.2 M of EDTA, where

the EDTA neutralises the pH of the solution so that it does not etch the photoresist,

and also improves the etch uniformity. A current-voltage plot for a 0.2 M NaOH with

0.2 M EDTA electrolyte on film 683-InN-YSZ(111), a 1200 nm thick InN film growth on
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Figure 2.15 Current-voltage plot from the ECV measurement of film 683-InN/YSZ(111) under dark
and illuminated conditions. Inset is a magnified view of the stable region showing some decrease in the
current when illuminated.

(111)YSZ), is shown in fig. 2.15. It should be noted that KOH and NaOH electrolytes

takes several hours to etch InN at room temperature, therefore profiling of the surface

accumulation layer, which is around 5 nm thick, can be easily achieved using the ECV

process.

When performing ECV some groups report a rest potential [97, 100], which is a

factor that needs to be considered. There are two types of rest potential, dark and light.

The dark rest potential is a shift of the voltage from the origin due to electrochemical

potential and is often used as the starting point for the measurement as it is assumed

that this is the zero point potential [97]. However, in the ECV setup used in this study

we do not have a reference probe, therefore the dark reference potentials cannot be

determined. The light rest potential is where the reverse current is increased due to

electron flow from the semiconductor into the electrolyte. Shown in fig. 2.15 is the

dark and illuminated I-V, as the ECV scans were typically conducted under normal

room lightly, there is not a significant change in the I-V under lighting conditions so it

has been assumed to be negligible in this study.
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The standard equation used to determine the carrier concentration for the Schottky

diode (equation 2.27) is slightly modified for the ECV process. Instead of the voltage

term being (Vbi−VA) it is replaced with just the applied voltage. Therefore the equation

for the carrier concentration is given by,

NA(w) =
2

qKsεoA2

[
d 1

C2

dV

] (2.28)

also often written as

NA(w) = − C3

qKsεoA2
[

dC
dV

] (2.29)

as
d
(

1
C2

)

dV = −2
C3

(
dC
dV

)
. Equation 2.25 still applies for resolving the depth profile. Also,

integrating the 1/C2 versus V curve can be used to determine the sheet concentration

of the surface accumulation layer.



Chapter 3

GROWTH OF GALLIUM NITRIDE AND INDIUM
NITRIDE EPILAYERS

3.1 GALLIUM NITRIDE GROWTH

For the growth of GaN, sapphire, silicon carbide (SiC) and GaN MOCVD templates are

typically used [28]; the lattice mismatch exceeds 16% and 2.5% for sapphire and SiC,

respectively. Sapphire is often used as the substrate as it is relatively inexpensive. To

reduce the effect of the lattice mismatch the surface can be nitrided, through exposing

the sapphire to a nitrogen plasma; this process forms at least a partial AlN layer [101].

However, it can also lead to a mixture of cubic and hexagonal AlN (and hence GaN)

phases in the film [102]. A low temperature GaN buffer layer can also be used to

reduce the strain effects arising from the lattice mismatch, and poor wetting of the

substrate at high growth temperatures. An alternative substrate is an MOCVD grown

GaN template, as it allows for the use of a lattice matched surface with threading

dislocation densities as low as 5 × 108 cm−2. In this study Ga–polar GaN templates

from Lumilog (semi-insulating GaN templates by Fe-doping) were used, as they are

commerically available and provide a consistent starting surface. Issues faced with

buffer layers and nitridation are therefore eliminated. Further, the Ga–face is known

to be more favourable for the incorporation of dopants [103].

GaN templates are exposed to atmosphere through handling, leading to oxidation

and carbon layers on the GaN surface. This surface contamination layer may disrupt

epitaxy, and so must be removed. To do this the MOCVD template is initially heated

to 600◦C; at this substrate temperature gallium will still stick to the GaN surface. A
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layer of gallium is then deposited for a period of 2 mins. Examination of the surface

by RHEED at this point shows the streaky single crystal pattern has faded to an

amorphous layer. This amorphous layer is expected to be composed of Ga2O3 and

gallium metal. The substrate is then heated to 800◦C, where Ga2O3 is volatile and will

evaporate off the surface, leaving an oxygen free GaN surface ready for growth [104].

3.1.1 Gallium Nitride Growth Regimes: N–rich, Ga–rich

and Intermediate

To grow device quality GaN by MBE it is important to appreciate that there are three

distinctive growth regimes: nitrogen rich (N–rich); gallium rich (Ga–rich) - sometimes

called the gallium droplet regime; and intermediate. What sets these regions apart is

a combination of gallium to active nitrogen ratio (Ga:N) and substrate temperature.

Several growth diagrams have been proposed and a simple model was initially developed

for these three parameters by Heying et al. [105], as shown in fig 3.1a. As understanding

of the MBE growth of GaN has evolved, the accepted growth diagram has increased in

complexity, including the division of the central intermediate regime (fig. 3.1b), and

the inclusion of the Ga coverage at each region and the growth modes that occur (fig.

3.1c). It is worth noting that the precise role of each ’active’ nitrogen species remains

a subject of ongoing study, and therefore each system requires fine tuning to determine

transition points between growth regimes.

The N–rich growth regime (N-stable) is where the active nitrogen flux exceeds

the gallium flux (Ga:N <1). This leads to a GaN surface that is terminated with

nitrogen bonds, therefore the nitrogen would have one bond terminated to the Ga and

three dangling bonds that would lead to significant reduction of the Ga adatom surface

mobility [108]. Theoretical calculations of the diffusion barrier for a N-terminated

surface have shown that the barrier is about five times greater compared to a Ga-

terminated surface [109]. Due to the increased diffusion barrier, the diffusion length of

Ga adatoms is small, therefore leading to statistical roughening of the surface. Also,

the increased diffusion barrier can lead to stacking faults, as Ga adatoms become at non

optimal sites. An example give by Zywietz et al. is a Ga atom which becomes trapped
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Figure 3.1 Evolution of the GaN growth regimes for GaN grown by MBE. a) Heying et al. published
in 2000 [105], b) Adelmann et al. published in 2002 [106], and c) Koblmüller et al. published in 2007
[107].
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at the face centred cubic (fcc) position and does not hop to the wurtzite hexagonal close

packed (hcp) site; a fcc nucleation center is formed, therefore leading to a possible cubic

inclusion [109]. Growth of GaN under the N–rich regime leads to three dimensional

crystal growth, which is indicated by a spotty RHEED pattern. Moreover, the N-rich

grown layers are often insulating due to the incomplete coalescence of the grains; in

the extreme case nanowires are grown instead of a thin film [110].

The Ga–rich growth regime is produced at low substrate temperatures (< 650◦C)

in conjunction with a gallium flux greater than the nitrogen flux (Ga:N > 1). Under

Ga–rich conditions the crystal quality of the GaN films is improved due to the reduced

diffusion barrier of a Ga–terminated surface, known as the Ga–adlayer. The Ga–adlayer

allows for longer diffusion lengths and a step-flow mode resulting in 2D growth [109].

GaN films grown under Ga-rich conditions have flat single crystal regions, producing

a streaky RHEED pattern. However, at these low growth temperatures excess gallium

remains on the surface which leads to the formation of droplets. Compared to the

N–rich growth regime the surface morphology produced is atomically flat, except for

the gallium droplets, and can lead to semiconducting layers with electron mobilities of

around 800 cm2V −1s−1 and carrier concentrations as low as 3×1016cm−3 [26]. Further

optimisation, however, can be achieved.

To overcome the formation of gallium droplets, which would hinder device fabri-

cation, the substrate temperature is typically increased to 720− 770◦C, which leads to

excess gallium being evaporated from the growth surface before gallium droplets can

form. This growth regime is known as the intermediate (or Ga-stable) growth regime.

As the growth environment is under Ga–rich conditions a Ga–adlayer still exists on the

surface of the film and therefore high quality single crystal GaN films can be obtained.

At present the intermediate region is used in MBE growth of active layers for GaN

devices. The improvements from the higher substrate temperature and removal of the

gallium droplets led to increased electron mobilities of around 1000 cm2V −1s−1, while

the carrier concentration remains unchanged at 3× 1016 cm−3 [26].

In fig. 3.1b the intermediate regime is shown as two separate regions, b and c,

classified by the thickness of the Ga–adlayer. Aldmann et al. established the thickness
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of the Ga–adlayer by growing a GaN layer and then monitoring the RHEED intensity

after terminating the growth at a fixed substrate temperature of 740◦C. Growth in

the N–rich growth regime gives no change in the RHEED intensity during and after

growth whereas a gallium layer will attenuate the intensity of the RHEED. Therefore

the time taken for the beam intensity to saturate indicates the thickness of Ga-adlayer

[106]. In the intermediate growth regime, the Ga–adlayer thickness increases from zero

monolayer (ML) coverage to 2.5 ML (region b in 3.1a and b), or a laterally contracted

bilayer of gallium (Ga–bilayer). Following the formation of the Ga–bilayer, Aldmann

et al. observed that the second region of the intermediate region existed, and this was

where the Ga–adlayer had a constant thickness of 2.5 ML (region c in3.1b). The two

different intermediate regimes that Aldmann et al. distinguished are therefore when

the Ga–adlayer is developing (region b), so the thickness of the Ga–adlayer ranges

from 0 - 2.5 ML, and when the Ga–adlayer is a constant thickness of 2.5 ML (region

c) [106]. The region b is the desired growth regime due to the complete formation of

the Ga-adlayer.

More recently Koblmüller et al. considered GaN grown at higher growth tem-

peratures (> 750◦C) in conjunction with RHEED and line-of-sight quadrupole mass

spectroscopy (QMS) to determine the gallium coverage [107]. Using this approach the

Ga–adlayer was determined to range between 0 and 2.5 ML thick, with no saturation

region before the formation of gallium droplets [111]. Also, for Ga–adlayer thickness

above 1 ML, Koblmüller et al. reported that RHEED oscillations are not able to be

measured, but streaky RHEED is sustained. This transition relates to a change in

the growth mode: from layer–by–layer to step–flow growth mode. Moreover, for high

growth temperatures, typically categorised as > 750◦C, the layer-by-layer growth ex-

tends into the N–rich growth regime. The support for the layer-by-layer growth is possi-

bly due to increased diffusion length from thermal energy transfer to the adatoms. The

Koblmüller et al. growth diagram is shown in fig. 3.1c. Also observed by Koblmüller

et al. is a dead zone where GaN growth does not occur at all.
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Figure 3.2 Reflection interferometry analysis using the semiconductor laser.

3.1.2 Determination of the Growth Regimes

Clearly, an accurate determination of the growth regimes is critical in terms of film

quality. They can be determined by monitoring the RHEED pattern intensity, as

already discussed, but also by monitoring the real time growth rate [80]. There are

several growth rate analysis methods available including RHEED and laser reflection

interferometry (LRI). RHEED is good for smooth films growing under the layer–by–

layer growth mode, and oscillation measurements require only several tens of seconds

of growth. However, to study the growth rate over a large range of growth modes aside

from layer–by–layer growth, LRI is a better option. As LRI uses a long wavelength

(600 nm) the effects of surface roughness, typically an order of magnitude smaller

than the incident wavelength, have a negligible effect on the growth rate measurement.

However, as the time taken to measure an oscillation is dependent on the wavelength

of the light source, which is usually in the visible spectrum for alignment purposes, a

precise measurement of the growth rate can take several hours (fig. 3.2).

For this study, the white light source from a k-Space Associates Inc. BandiT band

edge spectroscopy based temperature measurement system was used to illuminate the
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film. The BandiT system uses a white light produced by a quartz-halogen lamp, which

is focused onto the sample. The reflected beam is collected in the detector optics (the

maximum detection diameter is 25 mm) and focused onto a 400 µm optical fiber that is

connected to a solid state spectrometer. The user can therefore determine the growth

rate through intensity oscillations at any wavelength from 380 1100 nm, as long as

the beam intensity does not saturate at the desired wavelength. The spot size of the

white light source was adjusted to the size of the substrate. As a result, the growth

rate measured is an average from the entire film. Furthermore, using a larger spot

size allows for more uniform detection of the growth regimes over the substrate; With

imperfect coincidence of various beams, a small spot size may inaccurately characterize

the growth regime that best describes most of the growing surface.

The growth rate study involved growing GaN and monitoring the reflected beam

intensity. Once a maximum and minimum intensity was measured, the gallium cell

temperature was increased by 10◦C. Fig. 3.3 shows the growth rate versus gallium

flux for a substrate temperature of 750◦C and nitrogen plasma settings of 150 W and

1×10−5 Torr. Two different runs are shown: Ga-polar growth on an MOCVD template

and N-polar growth on a sapphire substrate. The plasma settings were chosen to have

the highest N2 : N ratio to maximise the molecular nitrogen species, based on the work

by Ptak et al. as summarised in section 2.2.4 [77].

The transition from the N–rich to intermediate/Ga–rich growth regime is observed

when the GaN growth rate saturates. For the Ga–polar GaN (MOCVD GaN template)

the growth regime transition occurs at a gallium flux of 1.7×1014 atoms·cm−2s−1, while

for the N–polar GaN (sapphire substrate) the growth regime transition occurs at a lower

flux of 1.3 × 1014 atoms · cm−2s−1. Koblmüller et al. determined that the maximum

Ga–adlayer thickness supported by the Ga–polar and N–polar GaN surfaces was 2.5 ML

and 1 ML, respectively [112]. This difference in the maximum supported Ga–adlayer

thickness may explain why for the N–polar surface we observe the saturation of the

GaN growth rate occurring at a lower gallium flux. For both of the growth rate studies,

when the growth rate saturation occurred, the GaN films became coated with a grey

layer, later determined by ex-situ analysis to be metal droplets.
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Figure 3.3 Growth rate study for Ga-polar and N-polar GaN. The dashed lines represent the tran-
sition from the N–rich to intermediate/Ga-rich growth regimes.

3.1.3 Gallium Flux Dependence

The growth rate studies give an indication of the gallium flux required to achieve

the desired growth regime. However, they do not determine the transition from the

intermediate to Ga-rich growth regime, which can be resolved during or after growth by

checking for the formation of gallium droplets on the surface. To resolve the transition

more clearly two GaN films were grown, as given in table 3.1. The difference in the

growth rate between the growth rate sweep and the single film growth is possibly due

to stability of the gallium flux, or film surface quality. The initial GaN film, 632–GaN–

GaN, was grown with a gallium flux of 1.6 × 1014 atoms · cm−2s−1 on an MOCVD

template. This resulted in a spotty RHEED pattern and SEM which exhibited a

rough granular surface, as shown in fig. 3.4, which is consistent with N–rich growth.

Increasing the gallium flux to 2.0 × 1014 atoms · cm−2s−1, 633–GaN–GaN, retained a

streaky RHEED pattern for the entire three hour growth period. Therefore a gallium

flux of 2.0 × 1014 atoms · cm−2s−1 is enough to achieve a Ga–adlayer at a substrate

temperature of 750◦C for the plasma settings used.
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Figure 3.4 SEM images of GaN films grown to resolve growth regime. Left — N–rich growth regime;
right — growth under the intermediate growth regime. Inserts are the RHEED images taken at the
end of growth.

Table 3.1 Effects of gallium flux on growth rate.

Film number Gallium temperature Gallium flux Growth rate
(◦C) (atoms · cm−2s−1) (nmh−1)

632-GaN-GaN 930 1.6× 1014 279
633-GaN-GaN 940 2.0× 1014 357
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Figure 3.5 AFM image of film 633-GaN-GaN, grown under intermediate regime conditions.

Ex-situ surface analysis of the film 633–GaN–GaN exhibited a flat surface, although

some pitting occurred. Closer examination of the film surface between pits, with AFM,

confirms a terraced surface, as shown in fig. 3.5. The height of the terraces are 2.73

Å , which is consistent with Nowak et al. who reported step heights of 2.7 Å, but from

N-polar GaN. Also the step height agrees with the expected height of 2.6 Å from one

bilayer of (0001) GaN (one Ga-N layer thickness in the direction of the c-axis) [113].

The pits observed in the AFM of film 633–GaN–GaN are about 100 nm in diameter

and have a generally hexagonal shape. These pits are possibly one of two things: 1)

nanotubes [114] or 2) pinholes [115]. Nanotubes generally have diameters less than 40

nm, while pinholes can range up to 800 nm in diameter at the surface. The pinholes

usually have a V-shaped cross-section with each side sloped at 60◦. In some cases

the bottom of the V lines up with a dislocation, suggesting a likely origin. The cross

section of the pits in the film 633–GaN–GaN cannot be cleanly resolved using the AFM,

suggestive of a nanotube that terminates at the MOCVD GaN template.

Even though film 633–GaN–GaN was grown under intermediate regime growth

conditions, there are some nonuniformities on the surface with two different regions

observed with the naked eye: one grey in colour and the other transparent. Using

optical microscopy the grey area was confirmed to contain metal droplets, suggestive of
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the Ga-rich growth regime. The transparent region was free of droplets, suggestive of

the intermediate region. Further, the transparent region was observed at the centre of

the substrate, compared to the grey area that approached from the edges. Therefore,

the growth is most probably occurring within a region on the GaN growth regime

diagram best characterised as a narrow intermediate growth regime. Improvements of

the surface uniformity might then be achieved through higher growth temperatures.

The 4 K photoluminescence spectrum of the MOCVD template used in the GaN

growth study is shown in fig. 3.6. Indicated on the spectrum are the main features.

The donor bound exciton (D0
hX) is the dominant peak, located at 3.476 eV, and is

due to either oxygen or silicon contamination [116]. Free A and B excitons (FXA and

FXB) are located at 3.483 eV and 3.489 eV respectively [116, 117, 118, 119]. A neutral

acceptor bound exciton (A0X) appears as a doublet at 3.461 eV. Also seen are two LO

phonon replicas from the FXA, D0
hX and A0X peaks. Separation of the LO phonon

replicas is 92 meV, as expected [120]. The feature at 3.497 eV has been reported to

be the excited state of the FXA [121]. In comparison to the MOCVD sample, the film

grown under N–rich conditions (632–GaN–GaN) has a single broad dominating feature

at 3.453 eV (fig. 3.6), which does not line up with any of the features of the MOCVD

sample. A band at 3.45 eV has been observed in N-polar films containing a high density

of inversion domains (1011 cm−2) and relatively low density of threading dislocations

(109 cm−2) [122]. Reshchikov et al. tentatively allocated the 3.45 eV feature to be due

to excitons bound to inversion domain boundaries [122, 123]. A peak in the 3.45 eV

region has also been observed in GaN films that contain columnar growth, which is

typical for the N–rich growth regime, although the feature in that case is a doublet

between 3.452 and 3.458 eV, and attributed to an exciton bound to a donor or acceptor

involving a hole from the A or B valence subbands, respectively [124]. Therefore this

feature at 3.45 eV is more than likely a defect related feature due to the poor crystalline

quality of the GaN film grown under N–rich conditions.

For the GaN film grown under the intermediate growth regime conditions (633–

GaN–GaN) the PL produced similar features to the MOCVD sample, for both the

transparent and greyish regions on the 633–GaN–GaN film. The main feature is ex-
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Figure 3.6 Photoluminescence (log scale) from the N–rich growth regime film 632–GaN–GaN. As-
measured spectrum.

pected to still be the D0
hX, and due to strain in the film the PL spectrum has blue

shifted by 11.7 meV. The PL spectrum corrected for strain effect is shown in fig. 3.7,

which also sees the other features lining up with the MOCVD spectrum. The MBE

sample has three peaks which are not in the MOCVD sample; they are at positions

3.430, 3.368 and 3.229 eV. The peak at 3.430 eV may be associated with oxygen [125].

The peak at 3.368 eV is possibly due to cubic inclusions [126]. The third peak, at 3.229

eV, has not yet been assigned a possible origin.

The well-known defect band of GaN, appearing in the visible portion of the spec-

trum, is due to deep level defects in unintentionally doped GaN. In fig. 3.8 the visible

to UV spectra of the GaN films are shown, all of which exhibit a significant defect

band around 2.5 eV. However, the grey region of the film 633–GaN–GaN has a smaller

defect band. The lack of a defect band may be due to improved crystal quality through

a slightly higher gallium flux incident on the substrate in that region. Also, under the

Ga–rich growth regime, gallium vacancies can be reduced, which also leads to reduction

of the defect band intensity [127].

The electrical properties from the gallium flux growth experiment films are given
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Figure 3.7 Photoluminescence (log scale) from the intermediate growth regime film 633–GaN–GaN.
Film 633 spectrum has been shifted by 11.7 meV due to strain effects.

Figure 3.8 Full spectrum of the GaN films showing the difference in the UV band and the defect
band at 2.5 eV.
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Table 3.2 Electrical properties of the gallium flux dependent growths.

Film number Gallium flux Mobility Carrier Concentration
(atoms · cm2s−1) (cm2V −2s−1) (cm−3)

632-GaN-GaN 1.6× 1014 n.a. n.a.
633-GaN-GaN 2.0× 1014 138 5.8× 1017

in table 3.2. For the film 632-GaN-GaN, which was grown under N–rich growth con-

ditions, no electrical measurements could be performed. This is because the N–rich

growth regime produces films by coalescing islands, therefore there are grain bound-

aries between each island which can be a poor conduction path; alternatively, coales-

cence of the islands has not occurred and the grains are still individual entities with

no conduction path between them. By going to the intermediate growth regime the

electrical measurements give reasonable values for MBE grown GaN. The improvement

is due to the increase of the gallium diffusion length through the formation of a Ga-

adlayer, therefore leading to step-flow or layer-by-layer growth. However, in comparison

to Heying et al. who measured mobilities of around 800 cm2V −1s−1 and an order of

magnitude lower carrier concentration of (3 × 1016 cm−3) [26], there is still room for

improvement. Their Hall measurements, however, were taken from an area of 30 µm

× 30 µm compared to 4 mm × 4 mm for our study.

3.1.4 Temperature Effect

Film 633–GaN–GaN, grown under the intermediate growth regime, actually had two

distinct surface morphologies. One region had gallium droplets, indicating the growth

occurred locally under Ga–rich growth conditions, whereas the other did not. The

co-existence of two distinctive regions suggests that the growth temperature is near

the intersection of the three growth regimes of GaN. To expand the intermediate re-

gion regime, the growth temperature can be increased to reduce the gallium droplets.

However, there is an upper growth temperature limitation. With increasing growth

temperature the amount of gallium that sticks to the surface is reduced, and if the

gallium flux is only slightly Ga–rich this may lead to N–rich growth instead (fig. 3.1c).

Also, at growth temperatures above 750◦C, the GaN crystal is known to start to dis-
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Table 3.3 Substrate temperature effect on growth rate.

Film number Gallium flux Substrate temperature Growth rate
(atoms · cm−2s−1) (◦C) (nm · h−1)

667-GaN-GaN 2.0× 1014 730 Not available
633-GaN-GaN 2.0× 1014 750 357
635-GaN-GaN 2.0× 1014 770 300
636-GaN-GaN 2.0× 1014 790 293

sociate according to [128],

2GaN(s) = N2(g) + 2Ga(v) (3.1)

which will see a reduction in the growth rate and a degradation of the electrical prop-

erties [129].

A series of GaN films were grown with varying substrate temperature, as shown

in table 3.3, to investigate the effect on the film quality. All of the films in table 3.3

exhibited streaky RHEED patterns for the entire three hour growth period. Investigat-

ing the films post–growth using SEM showed flat surfaces containing pits, as shown in

fig. 3.9. Imaging of the surfaces with AFM showed terracing had occured. Films 633–

GaN–GaN and 635–GaN–GaN have RMS roughness of 3.2 Å and 3.4 Å, respectively,

however, the film 636–GaN–GaN had an RMS roughness of 8.3 Å. This increase in the

surface roughness is possibly due to the onset of dissociation of the GaN film, or the

growth regime is becoming N-rich. However, on all of the films, micron sized gallium

droplets are seen on the growth surfaces. The growth rate has decreased in going from

750− 770◦C, although the trend does not continue at 790◦C suggestive of possible flux

issues or error in the growth rate measurement.

From the temperature series the electrical properties peak at a substrate temper-

ature around 750 − 770◦C, as shown in fig. 3.10. There are some issues with the

uniformity of the films as, film 635–GaN–GaN (grown at a substrate temperature of

770◦C) produced mobilities from 870 - 86 cm2V −1s−1 and carrier concentrations from

1014 to 1016 cm−3 depending on the area probed. So far the highest mobilities that
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Figure 3.9 SEM and RHEED images (inset) of the temperature dependent GaN growths. Top left:
667–GaN–GaN (730◦C); Top right: 633-GaN–GaN (750◦C); bottom left: 635–GaN–GaN (770◦C); and
bottom right: 636–GaN–GaN (790◦C).
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Figure 3.10 Electrical properties of the substrate temperature dependent GaN growths.

Table 3.4 Electrical properties of the substrate temperature dependent growths.

Film number Substrate Temperature Mobility Carrier Concentration
◦C (cm2V −1s−1) (cm−3)

667-GaN-GaN 730 63 1.6× 1019

633-GaN-GaN 750 138 5.8× 1017

635-GaN-GaN 770 870 5.3× 1014

635-GaN-GaN 770 86 7.3× 1016

636-GaN-GaN 790 51 6.9× 1016

have been measured at the University of Canterbury for GaN on MOCVD GaN is 870

cm2V −1s−1. The highest reported mobility for GaN on a MOCVD GaN template is

1191 cm2V −1s−1 for a 1µm thick film [26], therefore our highest GaN is of reason-

able quality but improvements still could be made. The carrier concentrations show a

similar trend to the electron mobility, with concentrations as low as 5× 1016 cm−3.

The photoluminescence from the film 633–GaN–GaN (grown at 750◦C) has been

discussed in the previous section. The two films at 770◦C (635–GaN–GaN) and 790◦C

(636-GaN-GaN) have significantly different spectra to that of the growth at 750◦C, as

shown in fig. 3.11. The two films grown at and above 770◦C lack any fine structure

in the band edge luminescence. Instead the emission is dominated by a D0
hX (neutral
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donor bound exciton) which is located at 3.473 eV in sample 635–GaN–GaN and at

3.481 eV in sample 636–GaN–GaN. The D0
hX is normally located around 3.476 eV [122],

the difference observed here possibly being due to strain effects [122]. The films 635–

GaN–GaN and 636–GaN–GaN also show a prominent peak at 3.415 eV and 3.423 eV,

respectively. This peak is 58 meV below the dominant UV emission in both samples.

Chung et al. attributed the peak to oxygen or silicon donors [125]. Reshchikov et

al. tentatively assigned a 3.42 eV emission to exciton bound to a surface defect [116].

Between 3.25 eV and 3.38 eV, at least 3 peaks are observed. These lines can be matched

to Y4 = 3.35 eV, Y6 = 3.32 eV and free electron to bound hole type = 3.29 eV. These

are tentatively assigned to excitons bound to structural defects. The free electron to

bound hole (eA) transition is assigned to an unknown acceptor.

The last feature in the near band edge PL spectra of samples 635–GaN–GaN and

636–GaN–GaN, is a donor-acceptor pair (DAP) or eA-type transition at 3.22 eV. Shown

in fig. 3.12 is the ultraviolet versus the defect band spectrum, which also shows reduced

intensity ratio between the UV and defect band with increasing temperature, which

correlates with the observations in the surface morphology and electrical properties.

Therefore, the film 636–GaN–GaN produces the best surface and optical properties,

however to increase the electrical properties a higher substrate temperature of 770◦C is

required. Although this does lead to nonuniformities of the growth regime observed by

the substrate, the use of back coated substrates and the BandiT to measure the growth

temperature might be able to improve the growth. Improved crucible and effusion cells

design would also likely result in improved film growth.

3.2 INDIUM NITRIDE GROWTH

3.2.1 Indium Nitride Growth Regimes

Compared to GaN and AlN, InN is a more challenging material to grow. InN has the

poorest thermal stability of all the nitrides [130, 131]. This is due to the weak In–N

bond energy of 2.0 eV [132], compared to the bond of Ga–N which is 3.1 eV [133]; this

leads to a high dissociation rate for InN. For GaN [105] and AlN [134], self surfactant
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Figure 3.11 Near band edge 4 K photoluminescence (log scale) of the temperature dependent GaN
growths.

Figure 3.12 4 K photoluminescence (log scale) of the temperature dependent GaN growths across
the visible and UV range.
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growth at high growth temperatures and metal–rich conditions produce smooth, high

quality epitaxial films. The ideal growth temperatures for InN are well below the

temperature required to evaporate excess indium metal, however, so to achieve self-

surfactant growth indium droplets will always be present.

Like GaN, growth diagrams are being established for InN (fig. 3.13), and are

dependent on the surface polarity [135, 136]. In-polar InN is typically grown at 450◦C,

while the more thermally stable N-polar films can be grown as high as 600◦C [137, 138].

The growth diagram for In-polar InN, as shown in fig. 3.13b, has three regions: In–

droplet, N–rich and a dead zone. Like the GaN studies, the growth regimes here

been mapped out using QSM and RHEED. The N–rich region is for growth where

the nitrogen flux exceeds that of the indium flux. This region is known for its spotty

RHEED pattern and rough pitted surface. The In–rich regime corresponds to where the

indium flux is greater than the nitrogen flux. It is also known as the In–droplet region,

as under these conditions indium droplets are supported. For growth temperatures less

than 470◦C the transition from N–rich to In–rich occurs at a constant In:N flux ratio.

However, above 470◦C dissociation of InN occurs,

2InN(s) = N2(g) + 2In(l) (3.2)

Therefore, at higher temperatures, not only is an indium flux being produced from

the effusion cell, but the InN film also supplies additional indium to the surface. This

leads to the lowering of the In:N flux ratio required for In–droplets to form. During

the In–rich growth, like GaN, a metal adlayer is present. For the In–polar surface

under In–rich conditions, Gallinat et al. suggests the indium droplets are on a 2.5 ML

adlayer of indium [135], essentially the same as Ga-polar GaN. However, Veal et al.

determined the In-adlayer thickness to be 3.5 ML and 2 ML for In-polar and N-polar

InN, respectively, based on X-ray photoelectron spectroscopy [139]. The In-adlayer is

one monolayer thicker compared to GaN, as it is more energetically favourable. There

is a strong tendency for metallic overlayers to form on InN as the N radius is small in
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relation to the In radius, therefore the spacing of the In-In bond in InN is similar to

bulk In-In bonds in metallic In and it is easier for In to form In-terminated surfaces

[139].

The N–polar surface, which is usually grown on MBE GaN on sapphire, can sustain

growth temperatures up to 600◦C. Therefore N–polar InN films are able to be grown

with an indium droplet free In–adlayer [136], as shown in fig. 3.13c as the In-adlayer

region. The In–adlayer is sustainable, as at temperatures greater than 610◦C the

desorption rate of the indium droplets exceeds the decomposition rate of the InN film.

For growth into the N–rich region the same transitions exist for the N–rich growth of

In–polar InN, but the region of In–droplets is replaced with an In–adlayer coverage as

the droplets are again suppressed.

3.2.2 Determination of the InN Growth Regimes

When we began growing InN, the contemporary thinking was that depicted by the

growth diagram of fig. 3.13a, with InN grown with an In:N flux ratio of unity to

suppress indium droplets as they are undesirable for devices. This led to InN films

with electrical properties of 300 cm2V −1s−1 and 9 × 1018 cm−3, as measured at 0.51

T. The films were grown on sapphire, where a nitridation process and GaN buffer layer

were employed, and also on (111)YSZ that has a lattice mismatch of only 2.5% and

produces In-polar InN [141]. The poor electrical properties were believed to stem from

the plasma source, as many of the best reports employed a Veeco system. However,

Dimakis et al. were able to produce InN films with electron mobility of 850 cm2V −1s−1

and a carrier concentration of 1.6×1019 cm−3 respectively, with the same HD25 plasma

source [142]. Therefore either the In:N flux ratio was the problem, or the plasma source

settings still needed to be optimised. As plasma sources seem to vary even if they are

the same model, we were more inclined to study the In:N flux ratio as we are therefore

only changing one parameter.

To improve our InN film quality it was not possible to utilise the LRI setup em-

ployed in the growth of GaN, as the narrow band gap of InN absorbs the laser light too

quickly with increasing thickness. Instead, RHEED was used to determine the change
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Figure 3.13 Initial InN growth rate diagram published in 2006 by Gallinat et al. [140], In-polar
growth rate diagram published in 2007 by Gallinat et al. [135], N-polar growth rate diagram published
in 2007 by Koblmüller et al. [136].
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Figure 3.14 RHEED sequence for InN on (111)YSZ (film 634–InN–YSZ(111)) for different In fluxes.

in transition from the N–rich to In–rich growth regimes. By increasing the indium flux

every ten minutes, the RHEED pattern can be monitored for change. With the change

of growth regime from N–rich to In–rich, the RHEED pattern changes from a spotty

RHEED pattern to a streaky RHEED pattern, as shown in 3.14. Also, the intensity

of the RHEED is attenuated due to the formation of indium droplets on the InN film

[143]. Originally an indium cell temperature of 780◦C was used for the growth of the

InN films, corresponding to a flux of 3.1×1014 atoms · cm−2s−1. For standard nitrogen

plasma settings of 150 W and 1.25 sccm (1×10−5 Torr), the transition between the N–

rich and In–rich regimes occurs at an indium cell temperature of 830◦C, corresponding

to an In flux of 9.1× 1014 atoms · cm−2s−1. The increase in flux by almost a factor of 3

is mirrored by the film thickness, which is 1250 nm for a three hour growth compared

to 450 nm for the previous N–rich InN film growths.

Following the RHEED study an InN film was grown under In–rich conditions with a

substrate temperature of 470◦C, compared to 450◦C that was used during the RHEED

study; the increase in substrate temperature was to further improve the InN film quality

[144]. With the In–rich growth the RHEED stayed streaky for the entire growth,

although the intensity reduced over the growth period, consistent with indium metal
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Figure 3.15 Surface morphology of the etched InN/(111)YSZ film grown under In-rich conditions.
Left - SEM micrograph and end of growth RHEED (inset). Right - AFM micrograph with a height
scale of 20 nm.

accumulating with increasing growth time. Compared to InN films grown under N-rich

conditions which are typically black in appearance, the InN films grown under In–rich

conditions are grey in colour due to the indium droplets that form on the surface. The

excess indium is easily removed by etching in a solution of HCl, revealing the black

InN film underneath. The surface morphology of the etched InN film is shown in Fig.

3.15. The vast majority of the surface has a flat appearance, with an RMS roughness

of only 2 nm. However, there are regions where the film has not completely coalesced.

The depth of these regions was determined to be as much as 100 nm; the hexagonal

platelet in the AFM image of fig. 3.15 is 150 nm high. From the AFM there is no clear

indication of terracing due to step-flow or layer-by-layer growth modes, however it has

been reported by Gallinat et al. that growth under In–rich conditions leads to spiral

hillock rich morphology [135]. Therefore it may be still possible to increase the quality

of our InN films, and one way is to study the effect of substrate temperature.

From the single magnetic field Hall effect measurements a factor of five increase

was observed for the electron mobility at room temperature by changing to In-rich

growth. The electrical properties were 1120 cm2V −1s−1 and 4.5 × 1018 cm−3, for the

electron mobility and carrier concentration respectively. So far, this represents the

best reported electrical properties for an InN film grown on (111)YSZ. Due to the
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Figure 3.16 QMSA plot of an InN film on (111)YSZ, as measured by variable magnetic field Hall
effect at 150 K.

surface accumulation layer that occurs in InN, this film was re-analysed using variable

magnetic field Hall effect to obtain information about the bulk electrical properties. As

shown in fig. 3.16, a bulk electron mobility was determined to be approximately 2000

cm2V −1s−1, with a peak value as high as 2500 cm2V −1s−1 for a temperature of 150 K.

A hole related feature was also detected, which is present in all of our InN/(111)YSZ

films. Its origin is unclear but is not thought to be an artefact, as the other hole-like

features labelled as ”ghosts” are in the figure and are fitting errors introduced by the

software.

Most of the photoluminescence spectra produced from our InN films grown un-

der N–rich conditions produce only a single Gaussian feature. This is expected as

heavily doped degenerate semiconductors, such as n–type InN crystals with electron

concentrations well above 1018 cm−3, are characterised by band–to–band PL. They are

structureless because of screening of the Coulomb interaction followed by disappear-

ance of excitons, shallow donor and acceptor states, and their complexes [145]. Optical

properties of the In–rich InN film were taken from near the InN/(111)YSZ interface

and near the front surface, as shown in fig. 3.17. The front surface PL spectrum was
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Figure 3.17 Photoluminescence from the InN film (637–InN–InN) grown under In–rich conditions.

made up of two dominant features, 0.677 eV and 0.720 eV. It has been reported that

films grown under In–rich conditions can lead to indium inclusions which produce lower

luminescence features [146]. Ho et al. has observed In inclusions in MBE grown InN

films and report PL with a high energy feature at 0.85 eV, as well as a lower energy peak

at 0.75eV [147]. However, we do not observe evidence of indium inclusions in our InN

films. Instead the multiple peaks observed in fig. 3.17 may be from the recombination

of degenerate electrons with holes trapped by deep acceptors [145].

3.2.3 Substrate Choice

(111)YSZ is not a commonly used substrate for InN growth, due to its cost and availabil-

ity in 10×10 mm2 pieces only. GaN MOCVD templates are a more common substrate,

so to determine how well the In–rich growth suited the larger mismatch on a GaN tem-

plate several InN films were grown, as described in table 3.5. The substrate temperature

of 470◦C was retained to keep consistent with the InN/(111)YSZ growths, which also

is the suggested upper substrate temperature limit of In–polar InN by Gallinat et al.

[135].



3.2 INDIUM NITRIDE GROWTH 70

Table 3.5 InN growth on GaN MOCVD templates.

Film number Indium temperature Indium flux
(◦C) (atoms · cm−2s−1)

660-InN-GaN 830 4.2×1014

657-InN-GaN 820 3.7×1014

The lattice mismatch of InN/(111)YSZ is 2.5% while InN/GaN is 10%. To deter-

mine the relaxation period for InN on YSZ(111) compared to an GaN, the spacing of

the RHEED diffraction pattern can be monitored over time. The diffraction pattern

can then be converted into a strain percentage using [148]

Strain =
aInN − aepi

aInN
=

d(t)− d(∞)
d(t)

(3.3)

where aInN is the lattice constant of strain free InN, aepi is that of the epitaxial grown

InN film, d(t) is the spacing between diffraction features at time t and d(∞) is for

an extended growth period, when the spacing has reached a steady state. As both

the RHEED captures were started at arbitrary times prior to opening the indium and

nitrogen shutters, there is a period of negative thickness in fig. 3.18 that corresponds

to when the substrate heater is raised and waiting for growth to begin. Also in the

InN/GaN scan there was some instability in the RHEED intensity especially in the

region of 20 - 40 nm of growth. The peak strain percentage for InN/GaN was 8%

and for InN/(111)YSZ it was -2%; the difference in sign is due to the GaN having a

larger lattice spacing in comparison to InN, whereas (111)YSZ has a smaller lattice.

The InN/GaN growth seems to be relaxed when the thickness is only 3 nm, while the

InN/(111)YSZ only reaches steady state at 15 nm.

Ng et al. have done a similar study, but looked at the differences in the InN growth

regimes and their effect on the relaxation time [148]. For the N–rich growth, which

results in the Stranski-Krastanov growth mode, the InN film fully relaxes relatively

quickly and the 2D-3D transition occurs after 2-3 bilayers (1.52-1.73 nm). The In–rich

InN/GaN had a rapid relaxation over 1 bilayer, but 2% of the strain remained in the

film. For our In–rich InN/GaN the relaxation occurred over 5 nm, but the maximum
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Figure 3.18 RHEED spacing for InN/(111)YSZ and InN(GaN); the InN/GaN plot shows the abso-
lute values as the RHEED spacing of GaN is larger than InN.

strain we see is only 8% and we do not see a 2% retention of strain. However, this may

due to our d(∞) value being incorrect, which would bring up the maximum strain to

10% and therefore we would also see the same 2% strain retention as Ng et al. Anderson

et al. looked at the effect that the nitrogen species has on the strain incorporation,

with low RF power (high N∗
2 : N) leading to a 50 nm of InN before relaxation was

complete, while with high RF power (low N∗
2 : N) the relaxation period was completed

over 1 nm [149]. With the inclusion of this work and Ng et al. it can be assumed that

the change in the strain relaxation seen by Anderson et al. is due to a change in the

In:N ratio and at the low RF power the In:N ratio has led to a N–rich environment

due to the increased production of N∗
2 , which for GaN is the desire nitrogen species

although this has not been confirmed for InN.

In the case of the In–rich InN/GaN film (660-InN-GaN), the surface morphol-

ogy (fig 3.19a) is similar to that obtained with growth on (111)YSZ substrate (637-

InN/(111)YSZ). However, the measured electron mobility for the InN/GaN film is only

552 cm2V −1s−1 and the carrier concentration is 6.7 × 1018 cm−3. The change is pos-

sibly from the difference in the lattice mismatch introducing more defects from the
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Figure 3.19 SEM images of the InN/GaN films a) grown under In-rich conditions (660–InN–GaN)
and b) grown under near N-rich conditions (657–InN–GaN).

GaN/InN interface. However, when the indium flux was decreased to stop indium

droplets forming on the growth surface, the electron mobility increased by a factor of

two to 1150 cm2V −1s−1, while the carrier concentration remained relatively unchanged

at 6.9×1018 cm−3. As the thickness of the two films is the same the single magnetic field

Hall measurements will still be dominated by the surface accumulation layer, which is

approximately 3 × 1013 cm−2 [95], therefore explaining the minimal variation in the

carrier concentration.

The improvement in the electron mobility can be explained by the effect the in-

dium droplets have on the surface morphology. For the film 660–InN–GaN grown

under In–rich conditions, indium droplets formed on the InN surface. After the in-

dium droplets were removed, instead of a continuation of the flat surface morphology

where the droplets resided, large InN platelets were observed. These platelets may be

produced though a vapour liquid solid process which enhances the InN growth rate.

Therefore this change in growth rate introduces dislocations into the crystal structure

that may hinder the electron path and therefore lead to a reduced electron mobility.

How much of an effect the dislocations will have will depend on when the indium

droplets form to a size that will support the enhanced growth.
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3.2.4 Film Thickness Effect on the InN Film Quality

There have been several studies looking into the effect that the film thickness has on the

electrical properties of InN [43, 150, 151, 152]. Typically the growth studies have looked

at the poor electrical properties of thin films in relation to the density of dislocations

versus film thickness. The results have shown that there is an exponential decay in

the density of threading dislocations from the initial coalescence of the InN islands

to the surface [150]. In comparison to GaN where the threading dislocations lead to

acceptor states [153], those in InN actually form donor states, and add to the as-grown

n-type concentration [154]. However, as the growth persists the reduction in threading

dislocations is offset by the formation of point defects, therefore the as-grown n-type

concentration can be modelled by [154]

n =
1
th

NS,0 + nb +
1
th

∫ th

0
ninhomdz (3.4)

where the three parts are: (i) a localised electron accumulation with specific sheet

carrier concentration NS,0, (ii) a homogeneous background volume concentration nb

and (iii) an inhomogeneous carrier distribution ninhom over the InN film (th is the

InN film thickness). Therefore, with increased thickness the electrical properties will

improve, as both surface and interface states will have less relevance to the overall

properties.

Single magnetic field Hall effect measurements take an average of the electrical

properties, therefore for thin InN films the surface accumulation layer and interface

layer will dominate. The accumulation layer has been investigated by Lu et al. using

capacitance voltage (C–V) measurements, which show a surface sheet carrier density of

1.57× 1013 cm−2 which penetrates 6 nm from the InN surface [95]. Analysis of a thick

(7 µm) InN film by Swartz et al. using variable magnetic field Hall effect showed they

are also able to observe the surface accumulation layer which has mobilities in the range

of 100–200 cm2V −1s−1, compared to bulk mobilities of 4000 cm2V −1s−1 [92]. Swartz

et al. also disclosed that the electrical properties are very inhomogeneous throughout
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Table 3.6 Single magnetic field Hall effect electrical properties from the thickness dependent
InN/YSZ(111) films (* - InN films that were grown on the annealed YSZ(111), which also required a
high indium flux to sustain streaky RHEED).

Film number Film thickness Electron mobility Carrier Concentration
(nm) (cm2V −1s−1) (cm−3)

683-InN-YSZ 5000 1281 6.8×1018

678-InN-YSZ 5000 735 1.2×1019

637-InN-YSZ 1250 1120 4.5×1018

674-InN-YSZ* 500 442 1.5×1019

672-InN-YSZ* 200 210 2.8×1019

671-InN-YSZ* 100 230 3.7×1019

670-InN-YSZ* 50 136 8.5×1019

682-InN-YSZ 5 29 5.0×1020

the bulk. After the properties of the surface accumulation were removed, they found

that the first 1 µm of an InN film has an increased carrier concentration to the interface

of the InN/buffer layer. Degenerate layers at the substrate interface are also seen in

GaN/sapphire films grown by HVPE and dominate the electrical properties [84].

In previous thickness studies the growths were conducted on highly mismatched

GaN or AlN buffers. Yamaguchi et al. observed that by growing on substrates/buffers

with reduced lattice mismatch, an improvement in the electrical properties could be

achieved [152]. Therefore with the growth on (111)YSZ it should be possible that we

would see a further improvement in the electrical properties; also, optimised insulating

buffer layers are not required. The films grown in the thickness dependent series on

(111)YSZ are given in table 3.6. Some of the films were grown on (111)YSZ that

was annealed at a temperature of 1200◦C for 2 hours, resulting in a terraced surface

as verified by AFM before growth. Two 5 µm films were grown, as the initial film

had poorer electrical properties, similar to film 660–InN-GaN. The reduction in the

electrical properties is possibly due to one of three things: excess indium accumulation

that degrades the surface; heat absorption increase due to significant thickness therefore

leading to overheating of the film as the InN becomes thicker and causes the film to

decompose; and/or the indium cell flux may have decreased during the 12 and a half

hour growth period, therefore causing a change in the growth regime [43].
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Fig. 3.20 shows the electrical properties of the thickness dependent InN/(111)YSZ

films using single magnetic field Hall effect. With the increase in the film thickness the

mobilities and carrier concentration have improved, which is the same trend observed

in other InN thickness dependent studies. These films do not reach the same mobilities

as some of the highest reported electron mobilities of 2250 cm2V −1s−1 and carrier

concentrations of 3.5 × 1017 cm−3 for a film thickness of 2 µm, using a Ga-droplet

GaN buffer on a GaN template [140]. However, compared to Yamaguchi et al. we

do produce better mobilities for just InN on (111)YSZ compared to their InN/GaN

films [152]. If we instead compare the electron mobility to the carrier concentration,

our InN/YSZ(111) films are consistent with the work by Lu et al. [43]. Therefore our

limiting factor is the carrier concentration, which can be related to the defect density

in the films.

The films grown thinner than a micron are most probably dominated by the surface

accumulation layer and threading dislocations near the interface. Variable magnetic

field Hall effect (VFH) measurements were conducted on all the samples to exam-

ine how the bulk carriers are affected by thickness. In all the samples, except 682-

InN/(111)YSZ, three features were observed: the surface accumulation layer, in most

cases with a mobility less than 100 cm2V −1s−1, a bulk n–type feature, and a hole

feature which seems to co-exist with the bulk feature. The hole feature could not be

resolved from the 5 nm thick film (682-InN/(111)YSZ) data; this may be due to poor

quality and incomplete coalescence of the film. The VFH data is given in table 3.7 and

plotted as a comparison of the single magnetic field Hall effect (SFH) in fig 3.21. The

overall improvement of the electrical properties with thickness is still seen in the VFH

results. However, for the thickness range from 10 nm to 5000 nm the VFH results have

higher mobilities and lower carrier concentration, as the surface accumulation layer

and interface layer are having a significant effect on the SFH electrical properties. For

the film grown to a thickness of 5 nm (682-InN/YSZ(111)), which is expected to be

completely compensated by the threading dislocations and surface accumulation layer,

the VFH data is not significantly different from the single field data. With the film

thickness of 5000 nm, the bulk is large enough that single field measurements are be-
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Figure 3.20 Electrical properties for the thickness dependent InN/YSZ(111) films using single mag-
netic field Hall effect to determine the electrical properties.

coming more reliable, although it is expected that SFH measurements will not be able

to completely resolve the bulk properties even for thicker InN films. When it comes to

the InN thickness dependent studies most groups only report single magnetic field Hall

effect electrical properties.

In fig. 3.22 the photoluminescence taken from the complete range of InN films of

differing thickness is shown. For all the films from 5 nm to 5 µm there is a PL feature

in the region of 0.7-0.73 eV. The position of the main PL peak cannot be correlated to

changes in the electrical properties, even though the carrier concentration ranges from

1019 to 1021 cm−3 which leads to conduction band filling and can affect the optical

properties through the Moss-Burstein shift. In contrast to absorption, however, states

near the bottom of the conduction band can participate in recombination. Therefore,

the band filling has a smaller effect on the PL process than in absorption. The differ-

ences in the PL position likely arise from strain in the crystal lattice. The only trend

that exists is that with increasing film thickness the intensity of the PL spectrum in-

creases, and in the 5 µm thick film (683–InN–(111)YSZ) several additional features are

observed and are possibly LO phonon replicas suggestive of a high quality InN film. It
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Table 3.7 Variable magnetic field Hall effect electrical properties of the thickness dependent growths
of InN/YSZ(111) films (* - InN films that were grown on the annealed YSZ(111), which also required
a high indium flux to sustain streaky RHEED).

Film number Film thickness Electron mobility Carrier Concentration Feature
(nm) (cm2V −1s−1) (cm−3)

683-InN-YSZ 5000 1393 5.7×1018 n–type bulk
5000 1142 6.2×1017 p–type
5000 ≤100 6.6×1018 surface

674-InN-YSZ* 500 746 5.8×1018 n–type bulk
500 850 3.8×1017 p–type bulk
500 ≤100 1.7×1019 surface

672-InN-YSZ* 200 268 1.5×1019 n–type bulk
200 360 8.5×1017 p–type bulk
200 ≤100 1.2×1019 surface

671-InN-YSZ* 100 397 9.3×1018 n–type bulk
100 352 2.0×1018 p–type bulk
100 ≤100 4.0×1019 surface

670-InN-YSZ* 50 395 4.4×1018 n–type bulk
50 266 2.7×1018 p–type bulk
50 134 7.1×1019 surface

682-InN-YSZ 5 11 9.4×1020 n–type bulk

Figure 3.21 Comparison of the electrical properties determined using single magnetic field Hall effect
and variable magnetic field Hall effect, for the thickness dependent InN/YSZ(111) films.
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should also be noted that initially the PL from the 5 nm film was believed to be from

the InN layer. However it is likely that it is instead from the YSZ(111) substrate, as

photoluminescence from a bare (111)YSZ substrate exhibits a similar feature, with the

addition of the 5 nm InN layer the spectrum does not have any additional features,

although the intensity is slightly reduced.

3.2.5 Imaging of the Accumulation Layer

The surface accumulation layer is a feature that is present in all InN films. In the VFH

data from the thickness dependent InN/(111)YSZ films a feature was resolved to have a

low mobility of 100 cm2V −1s−1 or less and was labelled the surface accumulation layer.

To confirm that the low mobility feature is actually the surface accumulation layer the

near surface profile of the film 683-InN-YSZ(111) was analysed using electrochemical

capacitance voltage (ECV) profiling. Current voltage measurements of the electrolyte

blocking contact is shown in fig. 2.15; the stability of the electrolyte allows for a scan

range of -1.5 V to 0.5 V. Plotting the capacitance data as C−2 versus bias voltage

(fig. 3.23) and using equations 2.28 and 2.29, the profile of the carrier concentration

in relation to the depletion width can be calculated, as shown in fig. 3.24. From

the ECV the near surface carrier concentration reduces from 5× 1019 cm−3 to a bulk

carrier concentration of 5 × 1018 cm−3. The bulk carrier concentration determined

by ECV is consistent with the VFH value of 5.7 × 1018 cm−3. The difference in the

carrier concentration of the surface and bulk is around one order of magnitude, which is

smaller in comparison to Li et al. who have reported a change in carrier concentration

of around three orders of magnitude [155]. The sheet concentration from the ECV

measurements was determined to be 9.2 × 1012 cm−2, which is somewhat lower than

the value of 3× 1013 cm−2 was reported by Lu et al. [95].

3.3 SUMMARY

During the course of this work we have been able to improve both our GaN and InN film

quality through the use of metal rich growth. With the GaN there are still significant
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Figure 3.22 Photoluminescence spectra from the thickness dependent InN/YSZ(111) thin films, a)
5000 nm b) 500 nm, c) 200 nm, d) 100 nm, e) 50 nm and f) 5 nm.
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Figure 3.23 Capacitance versus forward bias voltage obtained using ECV with 0.2 molar NaOH and
0.2 molar EDTA electrolyte at a frequency of 3 kHz; also shown is C−2 versus voltage.

Figure 3.24 Carrier concentration versus depth determined using ECV, with a 0.2 molar NaOH
and 0.2 molar EDTA electrolyte at a frequency of 3 kHz. The dashed line shows the bulk carrier
concentration as determined by variable magnetic field Hall effect. The depth scale is uncalibrated.
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steps that could be taken to further improve the electrical properties and uniformities

of the film. For the InN we have been able to grow high quality InN, however some

fine tuning of the growth parameters and exploring the high temperature limitations

might allow for better material on (111)YSZ. One of the main issues is the actual

substrate temperature. For the GaN and thick InN films, monitoring of the film surface

temperature using BandiT would allow for better feedback to the substrate heater

controller. Therefore this would ensure a consistent substrate temperature during the

film growth.



Chapter 4

SELF SEEDED GALLIUM NITRIDE NANOWIRES

4.1 UNEXPECTED GROWTH

As described in section 1.3, there have been several reports on the growth of GaN

nanowires by molecular beam epitaxy. The growth of GaN nanowires by MBE is

typically conducted in the N–rich growth regime for both the vapour liquid solid and

vapour solid techniques [56, 57, 58]. Geelhaar et al. demonstrated that GaN nanowires

were able to be grown using a Ni catalyst and that the length of the nanowires saturates

at 7.5 µm; also, when changing from the N–rich to Ga–rich regimes during growth,

increased lateral growth resulted [56]. Debnath et al. used a silicon substrate to grow

GaN nanowires with diameters from 15 to 300 nm without a catalyst using the N–rich

growth regime [156]. Bertness et al. have used a Si/Al/AlN/GaN growth process to

produce spontaneous GaN nanowires that are centred in hexagonal pits [57]. In this

chapter, the unexpected growth of self-branched GaN nanostructures using the Ga–rich

growth regime is described.

Determination of the flux required to achieve intermediate regime growth condi-

tions is generally done by measuring the growth rate as the Ga flux is increased. This

can be done using a sequence of film growths. Moreover, utilising LRI, it is possible

to do the same by growing a series of ’films’ on a single substrate. It was after such a

series of experiments that the branched structures were discovered.

Fig. 4.1a shows the growth sequence for the gallium flux dependent growth. The

reflected signal from the substrate was very weak and the growth rate oscillations were

not pronounced enough to obtain reliable growth rate information. By the end of the
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growth the intensity of the reflected beam did not exceed the ambient light intensity

and the surface had a grey coating that could be associated with gallium metal. On the

following day it was attempted to desorb the gallium layer by firstly heating to 800◦C

and then further increasing to 840◦C. The substrate was also exposed to a nitrogen

plasma to convert any remaining Ga to GaN. The GaN growth was then restarted

and a temperature dependent study was conducted, as shown in fig. 4.1b. During the

entire study the reflected beam was weak; this could be related to significant surface

roughness as the RHEED exhibited a spotty pattern during the entire growth.

The as–grown GaN film had a non-uniform surface, as shown in fig. 4.2, and

imaging of the different regions showed that the majority of the surface was rough with

hexagonal cross section pillars consistent with the N–rich growth regime. In an area

of 70 mm2, nanowires were observed. The nanowires had base diameters of 150±50

nm and were typically 1–2 µm in length. A region inside of this area (approximately

20 mm2) exhibited nanowires with base diameters of 300±50 nm, lengths up to 8 µm,

and self-nucleated branches, as well as kinking. The non-uniformities are the result

of imperfect coincidence of the Ga and nitrogen beams; several growth regimes could

therefore be supported on the substrate simultaneously. Also, a single heating zone

effusion cell was used for the gallium source, which can lead to gallium collection on

the crucible lip, and gallium spitting and/or lack of gallium beam uniformity.

4.2 ANALYSING THE BRANCHING NANOWIRES

There are already several known methods for growing hierarchical branching struc-

tures and nanowires. A common approach employs an external catalyst: after initial

growth of the primary nanowires (trunk), an additional application of the catalyst (as

nanoparticles) can be used to seed the secondary nanowires (branches). The secondary

deposition of the catalyst has been used to grow branching nanostructures of InAs [157]

and GaP [158]. Su et al. have shown that in the case of AlGaN, that instead of growing

AlGaN nanowires, the GaN forms a trunk and the AlN then forms branches [159]. In

solution growth processes hierarchical nanowires have also been grown through a self-

assembly process [160]. ZnO is known to produce a colourful range of nanostructures
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Figure 4.1 a) Gallium flux dependent growth sequence for GaN on sapphire. b) Subsequent tem-
perature dependent growth of GaN on the same substrate used in the gallium flux dependent growth.
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Figure 4.2 SEM micrographs taken for several regions of the substrate.
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via a vapour solid (VS) process, and hierarchical nanostructures have been observed

[161]. There are also reports of the growth of a self-seeding (self-catalytic) process,

where in addition to growing the trunk, branches are nucleated at the same time during

InN nanowire growth [162]. Typically the self-seeding process occurs when one of the

constituent materials is tin, indium or gallium as they are liquid at most growth tem-

peratures and have a low vapour pressure. Under the right conditions during growth

the nucleation material can form additional droplets for the branch nucleation as a

result of adatom segregation.

4.2.1 Branching Nanowire Composition

The droplets visible on the end of the trunks and branches in the upper-left SEM image

of fig.4.2 are strongly suggestive that the growth is due to a vapour liquid solid (VLS)

process. During the growth only the gallium and nitrogen sources were purposely

exposed to the substrate. Although the substrates were mounted using an indium tin

alloy, it is unlikely that this will directly affect the growth based on many experiments

where GaN epilayers were grown. The nanowires were examined using energy dispersive

spectroscopy (EDS) to determine their composition. Over a 100×100 µm2 area, only

features related to gallium and nitrogen were detected. However, due to the size and

sparseness of nanowires the underlying GaN surface also contributed to the signal,

so no unambiguous determination of the nanowire composition could be obtained by

examining the as-grown film. EDS analysis of the 10 µm diameter droplet head on one

of the larger wires that were also produced only detected gallium atoms, suggesting the

growth was excited solely by gallium.

When the nanowires were transferred to a silicon substrate through sonication in

solvents, the EDS spectrum exhibited carbon, oxygen, silicon, gallium, nitrogen and

indium related peaks, as shown in fig. 4.3. The carbon is related to the coating applied

to the structures to reduce charging, while the silicon is from the silicon substrate and

the oxygen is possibly from Ga2O3 that readily forms on GaN. The indium peak is seen

in all three point scans (fig. 4.3) with the same intensity. Therefore it is unlikely from

the nanowires and is possibly from when the nanowires were removed from the substrate
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using the ultrasonic bath, as indium was used to mount the original substrate. The

point scan of the nanowire shows a gallium and nitrogen composition, while the droplet

still only has gallium again suggesting a pure gallium droplet. Further clarification of

the nanowire composition was observed when the nanowires were wet etched, leaving

nanowires without any terminating droplets (see fig. 4.4). High resolution transmission

diffraction of individual droplets showed an amorphous structure, possibly related to a

liquid phase material. Given the low melting point of gallium (30◦C) the droplets are

expected to be liquid due to localised heating from the e-beam, however.

4.2.2 Branching Nanowire Structural Analysis

When growing nanowires using the VLS process the propagation angle of the nanowire

is able to be controlled by the underlying surface, at least if epitaxial growth is achieved

with the substrate. The propagation angle of the GaN nanowires in this study appears

to have a random angle relative to the substrate. However, selected area electron

diffraction (SAED) suggests that the trunk direction is along the c-axis, the expected

growth direction of the GaN thin film. Also, the rough surface observed on the trunk,

as shown in fig. 4.5a, has been reported for nanowires that grow in the c-axis direction

[163]. The branches have a smooth surface morphology which would be consistent with

a non-polar direction (see fig. 4.5b) [163]. Rough trunk surfaces have also be observed

in silicon nanowires due to oscillations in the contact angle of the droplet [164].

HRTEM analysis of the junction between the branch and trunk revealed no defect

structures. The growth direction of the crystal from the trunk to branch is along the

[100] direction (m-plane or [1010]) as determined by SAED (fig. 4.6). Therefore the

branches are expected to be at 90◦ to the trunk, yet SEM shows the branches are typi-

cally at angles of 105◦ to 115◦ with respect to the trunk. In the case of GaP nanotrees

the region of the branch to trunk junction consists of twinning defects, specifically

rotational twinning of the crystal lattice, perpendicular to the trunk growth direction

and terminating at the edge of the branch. In that case, the crystal structure does not

change direction to maintain the same crystal growth direction for the trunk and branch

[165]. Moreover, the crystal structure direction at the branch droplet is perpendicular
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Figure 4.3 EDS analysis of the branching GaN nanowires that were dispersed onto a silicon substrate
to reduce the imaging from the GaN substrate. The nanowire is composed of Ga and N, while the
droplet only has a Ga composition. As the indium is seen even on the bare silicon it is likely from
substrate handling as In is used in mounting.
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Figure 4.4 SEM imaging a branching GaN nanowire with the gallium droplets removed by wetting
with HCl.

Figure 4.5 TEM images showing surface morphology of polar and non-polar nanowire growth: left
– GaN trunk grown in the c-axis direction (polar surface); center – GaN branch growth in the m-axis
direction (non-polar direction), and right – Junction region.
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Figure 4.6 SAED analysis of the branch to trunk junction .

to the branch growth direction. A region of single crystal growth is seen acting as a

buffer between the two crystals, as shown in fig. 4.7. For the case of InAs branching

nanowires, where the branches grow 90◦ relative to the trunk, the twinning induced

in the trunk propagates all the way along the branch and terminates at the droplet

head, without a buffer crystal region [165]. Of all the GaN nanowires examined using

LRTEM in this study, none have exhibited features that can be related to rotational

twinning or other defects.

Dick et al., who grew their branching nanowires using the secondary catalyst pro-

cess, observed the majority of branches nucleate at the same time [165]. Branches that

are within a diffusion length of the adatoms from the substrate grow faster than the

branches that are further up the trunk. This is because the collection area of adatoms

on the substrate is greater than the collection area of the trunk. Branches that are

further than a diffusion length away from the substrate all have the same growth rate as

they evenly share the same collection of adatoms. Moreover, branches that are close to

each other have to compete for the adatoms, so the branches will have reduced length

compared to a single branch at the same site; the total length, however, is expected to

be the same as a site with only one branch.

In the growth of the branching GaN nanowires in this study, it was observed that
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Figure 4.7 HRTEM images of the the crystal structure in the branching GaP nanowires and branch-
ing InAs nanowires of Dick et al. [165]. a) Branching GaP nanowire (the arrow indicates a region of
single crystal growth between the trunk and branch regions that contain twin planes), b) branching
InAs nanowire (the arrows indicate the growth direction of the trunk and branch) and c) the droplet
region of the branching InAs nanowire that shows that the twin planes extend the entire length of the
branch as the branch grows perpendicular to the trunk.

with increased trunk length the number of branches also increases (fig. 4.8a), which

suggests that new branches are nucleating as the growth progresses. The distance

between branches remains around 800 nm except for the branch closest to the tip of

the trunk (fig. 4.8b), suggesting the main controlling factor is either adatom diffusion

length or the arrival rate of adatoms. Moreover, the branches closest to the base of the

nanowires are typically longer in length compared to the branches closest to the end of

the trunk (fig. 4.8c). In the case of Dick et al., the number of branches did not change

throughout the growth [165], however as we believe we are nucleating branches during

the growth, the growth dynamics will be slightly different. Initially all the adatoms will

only support one branch. Then, with the additional nucleation of branches, the amount

of adatoms will be averaged over the total number of branches. With increasing length

of the trunk and branches their growth rates become independent of the adatoms from

the substrate, and instead their growth rate is dependent on the adatoms that are

collected on the structure itself. It is therefore expected that the resulting structure

will be a cone shape, which is what we observed from the analysis of several branching

nanowires.
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Figure 4.8 Analysis of 20 GaN branching nanowires, extracting a) number of branches versus trunk
length (the solid line is a linear fit through the data points showing an increasing number of branches
with trunk length), b) distance between pairs of branches, as describe by the inset (the solid line is a
linear fit through all the data points, while the dash line is a linear fit ignoring the distance of the first
branch to the tip of the trunk) and c) length of branches compared to position on trunk, as describe
by the inset (the line is a linear fit through all the data points, showing that branches near the base
have a longer length).
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4.2.3 Optical Properties of the Branching Nanowires

A great deal is known about the optical properties of GaN and so such characterisation

can be very useful. Given the size and sparsity of the nanostructures, photolumines-

cence can be problematic. A better alternative in this circumstance is cathodolumines-

cence (CL), which can provide information regarding spatial variation of emission across

an individual structure. Room temperature CL of individual branching nanowires (fig.

4.9) show a clear indication that there are three distinct regions of luminescence. The

terminating droplets did not emit any luminescence, which is further evidence that the

droplets are essentially pure Ga metal. The trunk and branches exhibited luminescence

at 3.44 eV, which correlates well with reported CL from an individual GaN nanorod

with a 120 nm diameter at room temperature [166]. As the excitonic Bohr radius for

GaN is 11 nm [167], there would be minimal difference in luminescence peak location

between a nanowire/nanorod with diameter of 300 nm and one of 100 nm.

At the interface between the trunk of the nanowires and GaN epilayer, a lower

energy peak at 3.1 eV was observed. To achieve a red shift of 300 meV, that portion

of the nanowire would have to be under considerable tensile stress [168]. The change

in lattice constant required to see a 300 meV shift in CL can be estimated by first

determining the energy shift due to strain:

∆Eg = Eg(GaN),strained − Eg(GaN),unstrained (4.1)

and then computing the in-plane strain, ε1: [169]

ε1 =
∆Eg

2
(
ac⊥ − ac‖C13

C33

) . (4.2)

where ac⊥ is the in-plane deformation potential and ac‖ is the deformation potential in

the growth direction. From ε1 the change in lattice constants are obtained: [169]
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Figure 4.9 Cathodoluminescence, conducted at 80 K, examining a single GaN nanowire and the
interface of the nanowire with the GaN underlying epilayer. The nanowire exhibits luminescence at
3.44 eV (360 nm), while the interface of the nanowire with the GaN epilayer luminescence at 3.1 eV
(400 nm). Regions of interest: a) nanowire trunk, b) kink site or interface between the nanowire and
that of the underlying GaN epilayer and c) Ga droplet head.

ε1 =
ananowire − abulk

abulk
and ε3 =

cnanowire − cbulk

cbulk
= −2

C13

C33
ε1. (4.3)

The calculated deformation of the lattice is a 0.104 Å decrease in the a-axis (tensile)

lattice constant while the c-axis lattice constant has an increase of 0.086 Å (compres-

sive); values of Eg(GaN) = 3.4 eV, ac⊥ = 7.24, ac‖ = 10.53, C11 = 396, C12 = 144, C13

= 103, and C33 = 405 were used in the calculations, after references [170, 171]. These

values for the changes in the lattice constants are an order of magnitude larger than

for reported strain effects on the luminescence in smaller diameter nanowires that had

a PL peak at 3.2 eV, where values of -0.0089 Å and 0.0080 Å were determined by x-ray

diffraction for the a–axis and c–axis, respectively [168]. ZnO nanowires that have been

investigated by CL also have a low energy feature at the wetting layer, which has been

attributed to low quality crystal growth at the interface by HRTEM [81].
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4.3 EXPLAINING THE GROWTH

The growth of nanowires by the VLS process can be broken down into three parts.

1. The first part is to apply a catalyst to the surface that will excite the growth.

2. Once the growth surface is prepared the catalyst needs to be supersaturated to

start the growth.

3. The final stage of the growth is retaining a positive growth environment for

nanowire growth to be maintained.

4.3.1 Role of the Catalyst

For the growth of nanowires by the VLS process a catalyst is introduced to excite the

structured growth. The early requirements of the catalyst were that:

1. It forms a liquid with the desired growth material;

2. The solubility of the catalyst in the solid compared to the liquid is greater than

unity;

3. The equilibrium vapour pressure of the catalyst is small;

4. The catalyst is inert;

5. The catalyst forms the desired contact angle to the surface, which is controlled

by the interfacial energies – vapour-solid, vapour–liquid and liquid–solid;

6. The catalyst can be one of the growth materials;

7. Temperature control is required to ensure a solid intermediate phase is not formed;

and

8. For unidirectional growth the solid-liquid interface needs to be well defined crys-

tallographically [172].
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An added requirement is the catalyst does not modify the growth apart from increasing

the growth rate underneath the catalyst. Basically, the catalyst is seen as an entity

that induces a faster growth in a localised area, preferably at the expense of growth in

other areas.

On an epitaxial surface the energetic active adatoms diffuse around the surface

until they find a site to join and release their remaining kinetic energy. The adatoms

also have the option of desorbing from the surface and therefore not taking part in the

growth. In the case of an ideal surface the adatoms will join a lattice site to promote

layer-by-layer growth and the energy will be released into the lattice without causing

defects. Also, the idealised epi-surface is flat and allows for near infinite diffusion until

a step is found. In contrast, an epilayer with a liquid catalyst on it would act as a

sink, as the catalyst is seen as an ideally rough surface. Therefore it is more likely

that adatoms will be incorporated into the droplet and accelerate the growth under

the droplet region.

In the situation where growth is self-seeded (loosely termed self-catalytic) there is

no external material introduced to excite the nanowire growth. In the case of GaAs,

InP and InN, either a substrate of the semiconductor can be used, or an epilayer de-

posited. It is then annealed to produce liquid droplets, possible due to a low thermal

decomposition temperature [173, 174]. In the case of GaN the decomposition temper-

ature does not lead to a reaction that supports gallium droplet formation on the GaN

surface, but rather both constituents evaporate:

2GaN(s) = 2Ga(g) + N2(g) (4.4)

However, it has been reported that GaN can go into a liquid state in high vacuum and

that this can lead to enhanced decomposition of the GaN [175]

4GaN(s) = 4Ga(l) + 2N(g) + N2(g) (4.5)
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Koleske et al. also suggested that sublimation of GaN is possible [176],

GaN(s) = GaN(g) or [GaN ]x(g) (4.6)

For MBE growth of GaN equation 4.4 is the accepted reaction, as at the typi-

cal growth temperatures gallium droplets are not observed on the GaN surface [176].

Therefore, to produce the self-seeding GaN nanowires gallium needs to be either de-

posited on the surface to form gallium nucleation sites, else formed by growing under

a Ga–rich growth environment. Initial efforts to recreate the self-seeding GaN growth

involved depositing a layer of gallium directly onto the sapphire substrate at room

temperature and, separately, at the substrate temperature of 800◦C. In both of these

cases the resulting growth did not lead to GaN nanowires, instead it represented GaN

growth under N-rich conditions (fig. 4.10a), which suggests that the gallium layer has

evaporated off the sapphire surface, or the contact angle of the gallium droplets is too

shallow to support the nanowire growth (fig. 4.11). The contact angle of the gallium

droplets follows Young’s equation [177], which can be written as,

γs − γsl = γl cos θ (4.7)

where γs is the surface tension of the solid (interfacial tension between the solid and

gas), γsl is the interfacial tension between the solid and the liquid, γl is the liquid

tension of the solid (interfacial tension between the liquid and gas) and θ is the droplet

contact angle. A study of the droplet contact angle versus substrate temperature for

gallium on GaAs showed that at high temperatures the contact angle is reduced and

therefore wets the surface instead of balling up [178]. Also upon annealing a droplet

undergoes Ostwald ripening, whereby small droplets migrate to larger droplets.

In a separate experiment a N-rich GaN layer was grown and 2 hours into the growth

a gallium layer deposited before continuing the GaN growth for 5 mins. Very short (10

nm) GaN nanowires were observed as a result of the GaN growth (fig. 4.10b). The
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Figure 4.10 SEM images of GaN of a) Ga deposited on sapphire, b) Ga deposited on GaN and c)
growth using the Ga–rich droplet formation.

Figure 4.11 Droplet contact angle dependence on the interfacial energies, a) non-wetting and b)
wetting.
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mechanism for growth of nanowires this way is likely due to a change in the droplet

contact angle, as droplets formed on a rough surface have larger contact angles (required

for nanowire growth). Rough surfaces promote hydrophobic droplet formation:

r × (γs − γsl) = γl cos θ (4.8)

where r is the surface roughness factor [179, 180].

r =
actual surface

geometric surface
(4.9)

Also, the strongly columnar growth that occurs in the N–rich GaN growth regime could

lead to the gallium droplets becoming trapped on top of the GaN columns. Therefore

the droplet is confined by a smaller surface area, resulting in enhanced growth in the

axial direction [181].

When the deposition time of the gallium was increased in an effort to produce

gallium droplets with the same diameter as that of the branching GaN nanowires,

nanowire growth was not observed. Instead, the gallium droplets became multifaceted,

possibly due to N–rich growth leading to formation of GaN on the exterior and pre-

vention of VLS. Another way of producing gallium droplets is through the Ga–rich

growth regime, which may also be the required growth regime to minimise the vapour

solid growth. Using the Ga–rich growth regime and the heating process of the initial

branching growth, as shown in fig. 4.1b, GaN nanowires that grow perpendicular to the

substrate with intermediate branching growth have been achieved (fig. 4.10c). There-

fore, the Ga–rich growth regime seems to be the most likely method for providing the

catalyst to excite the nanostructures, as the structures produced are similar to those

of the original branching GaN nanowire growth. However, this only explains the initial

stage of the nanowire growth.
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4.3.2 Supersaturation and Nanowire Growth

A key component in the traditional VLS process is supersaturation of the liquid layer

with the growth material. In the case of Au–Si for example, supersaturation occurs

when the amount of silicon in the gold droplets exceeds the solid–liquid equilibrium

transition point at a constant growth temperature [172]. After the gold droplet is

supersaturated, silicon is precipitated out of the droplet, leading to the growth of the

nanowire. The composition of the liquid Au-Si alloy then returns to the solid-liquid

equilibrium point unless more Si is supplied. Typically the gold catalyst will reside

on the top of the nanowire. Also, during the supersaturation process the gold droplet

contact angle increases, as the γSG tensor now extends down the nanowire.

In the case of self-seeding growth, there remain fundamental questions regarding

the action of the catalyst in the formation of a nanowire, and it is unclear if the

supersaturation process even applies. From various reports on the growth of self-

catalytic SnO2 [182] and GeO2 [183] nanowires it is assumed that the liquid droplets of

Sn and Ge readily absorb oxygen and the nanowire growth occurs at an unknown point

of saturation. Vaddiraju et al. have grown self-catalytic InN nanostructures using

reactive vapour transport and they explain the growth by two cases [162]. The first

case is where InN initially forms and then indium droplets preferentially form on the

incomplete InN crystals, leading to 1D nanowire growth on top of the InN crystal by

liquid phase epitaxy (LPE). The second case is where indium droplets have formed on

the bare substrate and atomic nitrogen from the decomposing NH3 absorbs into the

indium droplet producing multiple InN nanostructures from the one droplet. Again,

the nucleation of InN is thought to occur through an LPE process. The LPE process

that was suggested by Vaddiraju et al. is the expected process for the growth of the

GaN nanowires in this study [162], since during the growth a N-rich GaN underlay is

first grown then with the increased gallium flux gallium droplets form on the rough

GaN surface to excite the nanowire growth.

The gallium droplet acts as the gallium source and confines the axial growth, while

the nitrogen penetrates the droplet or the liquid solid interface between the droplet and

the underlying GaN layer to form the GaN nanowire. When growing GaN in the GaN
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Figure 4.12 HCl etching of the micron size gallium droplets that form during the nanowire growth.
Left - as-grown sample and Right - after etching in HCl exposing the structured growth within the
droplets.

intermediate growth regime, the nitrogen is able to penetrate the 2.5 ML Ga adlayer

on the GaN surface. For the growth of GaN nanowires in the presence of large gallium

droplets, wet etching with HCl reveals GaN structures inside of the liquid droplets

(fig. 4.12). This type of polynuclear growth mode has been modelled by Dubrovskii

et al. who predicted that for small liquid droplets (an exact droplet size was not be

proposed) mononuclear growth will be achieved [184], which is the desired growth mode

for nanowires.

In all experiments which resulted in the growth of nanowires, the same heating

process was used, where the substrate is taken to 860◦C before reducing to 800◦C as

shown in fig. 4.1b. This heating process is expected to change the GaN growth regime

at the GaN surface, in that it suppresses the growth of gallium droplets. The result is

a suppression of polynuclear growth, as under either the N–rich or intermediate growth

regimes, excess gallium should not accumulate on the film surface. Therefore the Ga

droplets reduce in size, and will be confined to the top of the nanowire or column that

has already started to grow due to polynucleation. Once the nanowires have started

to grow, as long as the growth parameters are kept constant, it is expected that the

nanowire growth will be sustained
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Figure 4.13 Branch nucleation through the accumulation of excess gallium on the trunk.

4.3.3 Branching Nucleation and Growth

The nucleation of branches can be understood in the context of the previous discus-

sion. From the analysis in fig. 4.8 the branching growth appears to occur essentially

simultaneously with the growth of the trunk. This would exclude a secondary catalyst

deposition from another source in the chamber. Other reports [182] of self-seeding

branching nanowire growth achieved through a VLS process generally assert that the

growth material builds up on the trunk and a nucleation site for a branch is produced,

as shown schematically in fig. 4.13. Such a process is possible in the present study, as

the growth regime is expected to be Ga–rich, or near Ga-rich. In such a simple model

however, the droplet formation would occur with a random spacing and there seems to

be a high frequency of branches spaced apart by roughly 800 nm, as shown in fig. 4.8.

This suggests that there is a controlling factor for the branch nucleation sites and that

it may not be purely random.

In SEM micrographs of vertically grown GaN nanowires that show the nucleation

of branches, some have a secondary droplet attached to the trunk droplet, or in close

proximity to it, on the side of the trunk (fig. 4.14). The secondary droplet is possibly
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Figure 4.14 Self–seeding GaN nanowires that have a secondary droplet near the droplet of the trunk.

due to the trunk droplet wetting the side of the nanowire, and with increased growth

of the trunk the droplet has elongated and separated. Whether this was in some way

supported by the volume of the droplet increasing past some vertical value, or the

contact angle decreasing as a result of thermal fluctuations, is unclear. It is interesting

to note that in the case of silicon nanowires grown by MBE using a gold catalyst, the

gold covers the entire structure, as well as the substrate, and even forms small droplets

on both surfaces. Real time TEM of VLS nanowires has also shown that it is possible

for the gold droplets at one nanowire to migrate to a neighbouring nanowire [185].

Therefore the flow of gallium on the sides of the trunk from the large droplets on the

substrate or other droplets on the nanowire is possible, and due to the rough surface of

the trunk may lead to the build up of a gallium nucleation site. However, this process

would be heavily dependent on the diffusion length of the gallium adatoms.

There has also been some interesting research done in the past on the effect of

thermal gradients in the growth of silicon whiskers [172]. When a gold particle is placed

on a silicon surface and heated to the liquid stage, the droplet has a uniform hemisphere

shape. When a thermal gradient is introduced across the silicon substrate, the gold
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particle elongates in the direction of the highest temperature zone. Elongation can

lead to the break up of the gold droplet if the surface energies are exceeded. Therefore,

an array of silicon whiskers is grown. This could be achieved in the case of branching

GaN nanowires if the tip of the trunk is sufficiently colder than the base, leading to a

strong thermal gradient. To sustain the growth, the gallium in the droplet would need

to be replenished, which is achievable in a self-seeding growth process under constant

gallium flux.

There are a number of possible explanations for the branching growth. Several of

the growth processes would require instabilities in the temperature to induce branching

growth. As growth is under Ga–rich conditions the main reason for branching growth

is going to be due to gallium droplet nucleation on the trunk structure.

4.3.4 Growth Sequence

From the analysis of the branching GaN nanowire growth a three process growth se-

quence has been developed, as shown in fig. 4.15. The first stage of the growth is the

formation of gallium droplets which is achieved by growing in the Ga–rich regime. The

next stage is still not completely resolved, but the combination of exposure of gallium

and nitrogen and annealing of the GaN film leads to the conditioning of the gallium

droplets to nucleate the nanowires. The final stage is the growth of the nanowires. The

initial growth of the nanowires was done with a plasma source fitted with a 276 hole

aperture plate and settings of 150 W and 1 × 10−5 Torr; the settings for the effusion

cells and growth temperature are included in figs. 4.1a and 4.1b. With the change in

the plasma source to an aperture plate with 488 holes, the plasma settings were re-

tained, but this meant that the temperature settings for the gallium cell were required

to be changed. Parameters that have been able to produce nanowires with the new

plasma source configuration are shown in fig. 4.16. This film was grown on a 50 mm

diameter sapphire substrate and only the outer edges exhibited growth between the

large gallium droplets. When the growth parameters were modified to suppress the

large droplets, nanowires ∼1 µm long were grown, as shown in fig. 4.10c; again, the

growth only occurred on a small section of the substrate.
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Figure 4.15 Self-seeding GaN nanowire process diagram. Stage 1 is where a Ga–rich growth regime
is used to produce gallium droplets for the nanowire growth; typical growth rate that is required is 390
nmhr−1. Stage 2: increased substrate temperature, and Stage 3: the expected region for the growth
of the nanowires.
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Figure 4.16 Additional self-seeded growths of GaN nanowires/rods using the growth diagram in fig.
4.15.

4.4 ISSUES PERTAINING TO CONTROL OF GROWTH

4.4.1 GaN Nanowire Growth Rate

A comparison of the growth rates achieved in this study can be made against the

growth rates measured for self-catalytic growth of MBE GaN nanowires by Bertness

et al. and Calarco et al. [186, 187], to MBE grown GaN nanowires using the VLS

process with Ni acting as the catalyst by Geelhaar et al. [56]. Both Bertness et al.

[186] and Debnath et al. [156] grew GaN nanowires using the N-rich regime without a

catalyst. Debnath et al. reported growth rates of 0.32 Å/s and 0.67 Å/s for nanowires

with diameters of 100 nm and 50 nm, respectively [156]. Specific growth rate values

were not reported by Bertness et al. although they suggest that the growth rates in

the spontaneous growth of GaN nanowires is typically 100× to 1000× slower than the

VLS process. For the branching GaN nanowires in this study, the growth rates of the

trunk are estimated to be 19 Å/s, based on the growth of the nanowires occurring

when the substrate temperature was decreased to 800◦C. For the vertical self-seeded

GaN nanowires the growth rate was 1.4 Å/s, resulting in a diameter of 120 nm. Thus

the Ga–rich growth seems to have significantly enhanced growth rates over the N–rich

growth.
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Geelhaar et al. has grown GaN nanowires by MBE, using the N–rich regime with

a thin nickel layer on sapphire [56]. Axial growth rates of 2.2 Å/s were achieved for

50 nm diameter nanowires, with the length of the nanowires saturating at 7.5 µm

[56]. As 50 nm GaN nanowires have not been grown in this study the growth rates

achieved by Geelhaar et al. cannot be directly compared. However, in the case of

MBE nanowires the axial growth rate is inversely dependent on the nanowire diameter

[188, 156]. Therefore it is expected that our growth rates would be higher for the

self-seeding process than for the nickel catalyst. Overall the use of the Ga–rich growth

regime seems to enhance the growth rates to compared typical MBE growth of GaN

nanowires using the N–rich growth regime.

4.4.2 Effect of Nitrogen Species

For the growth of the vertical and branching GaN nanowires there is a significant differ-

ence in the growth rates. Several variables come into play here: substrate temperature,

III/V ratio, and also the composition of the nitrogen plasma. For both types of growth

the substrate temperature was maintained the same, while the effects of the III/V ra-

tio and the nitrogen composition are dependent on each other. The main difference

between the two sets of growths is that the plasma aperture was changed from having

276 holes to 488 holes. Bertness et al. have also looked at the effects of the plasma

source on GaN nanowire growth [189]. From their study it was apparent that atomic

nitrogen was associated with the nucleation of the GaN nanowires, while molecular

nitrogen was the controlling species of the nanowire growth rate. In the case of the

growth of self-seeding GaN nanowires a similar trend is seen. Going from the 276 hole

(branching GaN nanowires) to the 488 hole (vertical nanowires) aperture plate results

in an increase of the atomic to molecular nitrogen species ratio from 2.5 to 3.8, as

determined using optical emission spectroscopy through the back of the plasma source

(see fig. 4.17). In the case of the individual species, the molecular nitrogen popula-

tion undergoes a decrease and the amount of atomic nitrogen increases, when changing

aperture plate geometry from 276 holes to 488 holes. This is partly consistent with the

results of Ptak et al., who reported that molecular nitrogen is the most efficient nitro-
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Figure 4.17 Optical emission spectroscopy for a) atomic nitrogen and b) molecular nitrogen. The
black line is for the 276 hole aperture plate and the red line is for the 488 hole aperture plate.

gen species in terms of GaN epilayer growth and that the aperture plate configuration

can significantly affect the composition of species exiting the plasma source [77].

4.4.3 Nanowire Growth Mode

There are two basic nanowire growth modes, equilibrium thermodynamics/diffusion

(e.g. minimising surface energy) and kinetic (e.g. reactant supersaturation in a catalyst

drop) [110]. Analysis of the vertical GaN nanowires in this study show that the length

of the nanowires are typically 1200 nm long with a diameter of 120±40 nm, although

the larger diameter nanowires that have been measured seem to be shorter in length

which is seen when the nanowires are grow by diffusion, as shown in fig. 4.18. For

GaN and silicon nanowires grown by MBE the growth rates are inversely dependent

on the diameter of the nanowire [188, 156]. Instead of having to activate the growth

material, in the case of CVD growth, MBE growth directly provides the adatoms to

the surface of the nanowire and substrate, therefore the growth is based on adatom

diffusion. For GaN nanowires the adatoms diffuse up the m-plane side to the c–axis

tip of the nanowire that has a higher sticking coefficient leading to enhanced axial
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Figure 4.18 Growth rate dependence on the nanowire diameter, obtained from the vertical GaN
nanostructures.

growth [110]. As the smaller nanowires also have a small surface area, completion of a

monolayer is faster compared to a larger diameter nanowire.

In this study GaN no nanowires with diameters less than 80 nm have been grown

using the self-seeding growth process. Also, in the branching GaN nanowire growth

several wires with 100 µu diameters were observed with a length of several hundred

microns. This lower diameter limit and growth rate that is dependent on the structure

diameter has been observed by Givargizov et al. for the growth of VLS silicon whiskers

[190]. They concluded that the growth mode was kinetic based on different supersatu-

ration achieved by different diameter structures, with a decreasing diameter leading to

a decrease in the supersaturation [190]. The decrease of the supersaturation is given

by the Gibbs-Thomson expression as,

∆µ = ∆µo − 4Ωα

d
(4.10)

where ∆µ is the effective difference between the chemical potentials of silicon in the
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vapour phase and in the whisker (which is also the driving force for the whisker growth),

∆µo is the same difference at a plane boundary (d →∞), α is the specific free energy

of the whisker surface, and Ω is the atomic volume of silicon. The growth rate, V, of

the whisker in relation to equation 4.10 is,

V ≈ (
∆µ

kT
)
n

(4.11)

which is determined from growth data. With reducing wire diameter the growth rate

decreases because the supersaturation decreases. This is due to the increasing vapour

pressure and solubility of silicon as the diameter of the whisker becomes smaller [190].

The GaN nanowires grown in this study show support for both the diffusion and

kinetic growth modes. However, at the nanowire scale the growth rates are more

suggestive of diffusion based growth which is expected for MBE growth of nanowires.

4.4.4 Nanowire Diameter Control

In traditional VLS growth, the diameter of the catalyst controls the diameter of the

nanowire. The size of the droplet can be decreased through higher growth temperatures

where the catalyst evaporates, although high growth temperatures may adversely affect

the nanowire growth through the introduction of defects. For the self-seeding process,

the size of the droplet can be modified by controlling the material that forms the

droplet, in this case the gallium flux. With a higher gallium flux, excess gallium can

lead to branching nanowires. However, if the gallium flux is reduced too much the

droplet will be completely consumed. Under the right conditions reducing the gallium

flux should lead to a reduction in the nanowire diameter, and the gallium droplet can

be sustained at the smaller diameter as long as the gallium flux is equal to the combined

desorption rate and consumption rate of gallium from the droplet for nanowire growth.

In film 560–GaN–GaSa the gallium cell temperature was reduced from 980◦C to

960◦C when the GaN nanowire growth was at stage 3 for 2 hours. This resulted in

nanowires with morphologies as shown in fig. 4.19. The GaN nanowires had an initial
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Figure 4.19 Modification of the diameter of the GaN nanowires by adjusting the gallium flux during
growth.

taper angle of 6◦, which is possibly from gallium evaporation, which then increased

to 12◦ due to the imbalance in the conservation of gallium with the reduction of the

Ga cell temperature. Therefore, the Ga droplet diameter has to reduce as not enough

gallium is being supplied to support the gallium evaporation rate and consumption of

gallium by the nanowire. In this case the taper angle then reduces to 4◦ representing

a new equilibrium state. However, this would also mean that the nanowire growth

rate has reduced as the Ga evaporation rate would still be the same. This process has

demonstrated that the growth of small nanowires can be achieved by careful control of

the gallium flux.

4.5 SUMMARY

Both vertical and hierarchical (branched) GaN nanostructures have been grown by

MBE through a combination of annealing and use of the Ga–rich growth regime. The

self-seeding process allows for a variety of nanostructures to be grown. With a high

Ga–rich environment secondary gallium droplets and branches are observed on the

trunks of nanowires. For conditions where the gallium flux is reduced the diameter of
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the nanowire can be reduced due to the modification of the gallium droplet. Reduction

of the gallium flux leads to the terminating droplet being completely consumed and

the nanowire growth is then terminated. The branching nanowires exhibit a high

degree of crystallinity, producing typical optical properties for GaN, except in regions

of kinked and substrate interface growth. The growth of self-seeding nanowires is a way

of reducing impurities that need to be added to start the nanowire growth using the

standard VLS process. Further, the growth rates reported here are superior to what

has been achieved for the N–rich growth of GaN nanowires by MBE.



Chapter 5

GALLIUM NITRIDE NANOWIRE DEVICE
FABRICATION AND CHARACTERISATION

With the need to reduce the size of devices as well as their power consumption,

nanowires have been seen by many as the way forward, as the growth of such structures

is a comparatively simple process. However, even though most of the device processing

involves scaling down fabrication techniques already in existence, working with such

small structures presents new challenges. Usually the nanowires are dispersed onto

an insulating surface after growth, and contacts are then fabricated to make planar

devices (fig. 5.1a). This allows for the optical and electrical characteristics of single

nanowires to be determined. Devices that have been fabricated in such a fashion do not

greatly reduce the overall size of devices, but rather only the active area. To achieve

smaller devices, structures based on as-grown vertical nanowires (fig. 5.1b) are being

considered. Therefore, the device size can be expected to approach the cross sectional

area of an individual nanowire. This chapter covers the fabrication of both planar and

vertical nanowire devices using the branching GaN nanowires and vertical nanowires,

respectively.

5.1 PLANAR DEVICES

5.1.1 Fabrication

There are three techniques that can be employed in the fabrication of contacts to

nanowires: (1) standard photolithography, (2) electron beam lithography (EBL), and

(3) focused ion beam (FIB) processing. Standard photolithography is a highly de-
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Figure 5.1 Typical structures of a) planar and b) vertical nanowire devices without a gating contact.

sirable method for fabricating contacts, as it does not require specialised equipment

beyond that already used already by industry. However, the achievable feature sizes

in photolithography are limited by physical characteristics of the mask, as well as the

exposure optical wavelength and practical pattern alignment considerations. In the

case of CVD-grown nanowires, where long structures (>5µm) are able to be grown

over a short time, photolithography can be a viable contacting process. However, for

MBE-grown nanowires and more so the branching GaN nanowires in this study, the size

of the nanostructures does not allow for the chrome masks to be easily aligned under

an optical microscope. Also, due to the unique shape of each branching nanowire a

new mask would be required for each nanowire. Compared to photolithography, EBL

has higher alignment resolution through the use of the electron microscope. More-

over, pattern fabrication can be customised for each individual nanowire, although the

ability to view the nanowires through the e–beam resist can be an issue. FIB is a tech-

nique that uses a focused beam of gallium ions, instead of electrons, which allows for

nano-machining of the sample. It can be used to deposit platinum layers for contacting

between nanowires and pre–fabricated contact pads. FIB would be an ideal technique

for the fabrication of contacts to nanowires, as the number of processing steps can be

reduced and better contact transitions can be fabricated. Moreover, the visibility of the

nanowires are not hindered by a resist layer. However, such instruments are expensive
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and as not as common as EBL systems, and were not available for this work.

In this study a RAITH 150 EBL system was used to fabricate contacts to the

branching GaN nanowires. The basic process is as follows: An e-beam resist (poly-

methyl methacrylate (PMMA)) is first spun onto a substrate which holds the nanowires.

The EBL system is then used to write a pattern onto the resist layer. Subsequently a

metal layer is evaporated onto the surface and lifted off to leave metal coverage where

desired. This process is what is typically reported for contacting to nanowires and seems

to work well for nanowires with small diameters (10–50 nm). However, the branching

GaN nanowires have a diameter in the range of 50–200 nm, which can affect the qual-

ity of the contacts. For a thin metal layer the nanowire can act as a shadow mask, so

that the metal does not completely encapsulate the nanowire, as shown in fig. 5.2. If

the metal layer thickness is increased without changing the resist thickness, the metal

is unable to be lifted off without the use of an ultrasonic bath, which unfortunately

causes the nanowires to lose adhesion to the substrate surface. A metal layer thickness

less than one quarter of the electron beam resist thickness can be lifted off successfully

without the aid of an ultrasonic bath. However, a thicker resist layer makes it harder

to see through to locate nanowires. Visibility can be increased by going to a higher

accelerating voltage, but this leads to faster exposure rates of the electron beam resist

which then reduces the visibility of the nanowire through the electron beam resist.

To overcome these obstacles, a new process was developed, shown schematically

in fig. 5.3 and described in detail in Appendix A. The process involves creating metal

alignment markers to improve the alignment of the following contact masks, which

reduces the need to observe the actual nanowire. Before the contact pattern can be

fabricated onto the nanowire an additional imaging step is essential so that the contact

mask can be designed before the nanowire is buried under the electron beam resist.

A thicker electron beam resist can then be applied to fabricate thicker contacts. The

nanowires are nearly invisible under the thicker resist layer; although the metal markers

are still able to be seen they are not as sharp as desired to achieve perfect alignment.

So far an electron beam resist up to a thickness of 800 nm has been used, allowing for

contacts as thick as 120 nm to be fabricated.
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Figure 5.2 SEM micrograph taken of a GaN nanowire that was attempted to be contacted, which
exhibits both incomplete metal wrapping and also the nanowire is not flat on the Si3N4 surface. Shown
on the right is a schematic of the metal coating on the nanowires.

As alluded to previously, devices based on branching nanostructures pose a num-

ber of challenges. A key issue is that they rarely if ever lie entirely parallel to the

substrate, making one or more contacts geometrically difficult. Nanowires that do not

sit flat on the substrate can be detected when the resist layer is applied, as there is a

change in contrast where an object is displaced from the substrate surface. Contacting

such features requires additional steps to those described previously. By overexpos-

ing (×20 energy dose) the PMMA layer, polymer chains strengthen such that when

washed with acetone the PMMA remains. This allows the nanostructures to be par-

tially embedded within an insulating PMMA layer, as shown in fig 5.4, allowing for

contacts to be fabricated to branches not in touch with the substrate. Such a process

has been used for the fabrication of GaN nanowire LEDs where n–type GaN nanowires

are dispersed onto a p-type substrate and then a contact is applied to the substrate,

while the PMMA/SiO2 acts as an insulating layer for a top contact to be applied to

the nanowire [191]. A similar nanowire LED structure was fabricated in this study,

however larger metal particles generated from the ultrasonic process, possibly indium,

led to shorting of the top contact with the p-Si substrate.

Aside from nanowires on the substrate surface, also present are organic and in-

organic particulates. These contaminants can cause issues with the metal lift off, es-

pecially if they are larger than the thickness of the e-beam resist, as the tops of the
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Figure 5.3 Process sequence used to fabricate contacts to the branching GaN nanowires. a) Starting
with a Si3N4/Si substrate, b) nanowires are applied, c) 400 nm PMMA bilayer is spun on, d) markers
are exposed using the EBL system, e) Ti/Au (10 nm/40 nm) contacts evaporated, f) markers are lifted
off, g) 800 nm PMMA bilayer is spun on, h) contacts to the nanowire are exposed, i) Ti/Au (10 nm/90
nm) contacts evaporated and j) contacts are lifted off in boiling acetone.
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Figure 5.4 SEM image of a GaN nanowire that has been embedded into a PMMA layer, which was
exposed with a dose twenty times stronger than typically required to expose contact areas into electron
beam resist, then a Ti/Au contact has been applied on top of the PMMA.

particles lead to a metal coating and non-uniform lift-off. One means of reducing the

contaminants is by etching the entire as-grown sample in HCl, removing metal from the

back surface of the substrate (used for mounting to the growth block) and preventing

it from releasing particles in the ultrasonic bath. Organics can be removed with a dip

in aqua regia, or oxygen plasma ashing for several minutes. In this study dipping of

the nanowires in HCl after placement on the Si3N4/SiO2 substrate was done, as at

the time contaminants from the substrate were not expected to be an issue. An oxygen

plasma asher was also used, especially on samples that had signs of solvent residue on

them, however it was not clear if this process had any adverse effects on the nanowires

as contacting issues to both non-ashed and ashed samples prevented a large enough set

of I-V data to be collected to determine a trend.

5.1.2 I-V Characteristics

For the I-V measurements of the nanowires an HP 4155A semiconductor parameter

analyser was used. Only 10% of the contacted nanowires produced measurable I-V (i.e.
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Figure 5.5 a) Non-linear I-V from the GaN nanowires, which can be represented as back to back
leaky diodes (shown in the inset). b) I-V from some GaN nanowires is representative of a single electron
charge.

were not an open circuit). I-V characteristics of the initial set of nanowire devices were

in all cases non-linear as shown in fig. 5.5a, which can be modelled as two back-to-back

leaky Schottky diodes. The most likely explanation is a thin Ti layer, allowing the

Au layer to make a poor quality Schottky contact, although since the Ti and Au are

not being evaporated from the same angle it is also possible for the gold to form on

areas that are not coated with Ti. Improvement of the contacts can be achieved with

increasing the Ti thickness to approximately 10 nm, resulting in reasonably linear I-V.

This is comparable to what others have observed for GaN nanowires [192], although

too thick of a Ti layer increases the contact resistance. Some of the I-V scans represent

a spectrum related to a single electron charge [193], with the current being suppressed

for low voltages and at high voltages the current shows a step like increase fig. 5.5b.

The resistance values obtained from linear I-V of GaN nanowires, 20 kΩ – 900

kΩ (fig. 5.6), are comparable for those of CVD GaN nanowires that have diameters

ranging from 50 to 150 nm [194]. The equation of the resistivity of a homogeneous

conductor is given as
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R = ρ
l

A
(5.1)

where ρ is the material resistivity, l is the length of the conductor along the direction

of current flow and A is the cross sectional area of the current pathway. Shown in

fig. 5.7 is the measured resistivity as a function of GaN nanowire diameter, which

shows that nanowires with smaller diameters have a higher resistivity. An increase in

the resistivity for GaN nanowires can be caused by surface Fermi-level pinning above

the conduction band leading to band bending and a depletion region on the surface of

the nanowires [195]. The depth of the depletion region is dependent on the material

quality; for CVD grown nanowires the pinch off of the conduction channel occurs at a

diameter of 20 nm while for MBE grown nanowires the pinch off is at 85 nm, with the

depletion region typically 50 - 100 nm deep [195]. The difference in the two samples

is that the background carrier concentration for the CVD samples is higher, leading

to a small resistivity and reduced depletion region depth into the nanowires [196]. In

this study the pinch off is occurring for GaN nanowire diameters of 100 nm, which is

consistent with other GaN nanowires grown by MBE [196].

So far most of the branching structures have yielded conduction through only one

pair of contacts. However, a three terminal nanowire device has been fabricated with

linear I-V through only one pair of terminals (B-C), as shown in fig. 5.8, while the

third terminal (A) is acting like a weak Schottky contact. It is possible that terminal

A could be used as the gate for a transistor. To investigate this possibility I-V sweeps

were performed across terminals B to C as A was varied between -2 V to 2 V (fig. 5.9).

For a typical nanowire FET structure the I-V is centred at the origin and then with

changes in the gate voltage the slope of the current (IDS) is modified [68]. From the

three terminal GaN nanowire device we observe a different I-V curve. With a zero gate

voltage the I-V is linear. When a non–zero gate voltage is applied, the IDS at a zero

bias across the drain and source terminals is increased with a negative gate voltage and

decreased with a positive voltage. The change in IDS is possibly from leakage current

from the gate contact. The modification of IDS is not a constant along the entire
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Figure 5.6 I-V scans taken from branching GaN nanowires that exhibited linear I-V.

Figure 5.7 The resistivity of the GaN nanowires as a function of the nanowire diameter.
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VDS sweep from -0.5 to 0.5 V, which would be seen for a completely resistive junction.

Instead, for an increase in the negative gate voltage, the slope of IDS for VDS in the

range of 0 to 0.5 V increases more significantly than the decrease in slope of IDS , over

0 to -0.5 V VDS . The opposite is observed for a positive gate voltage. This non-linear

change in IDS is possibly due to some gating from the third terminal, or self-gating

that can occur at the metal to nanowire contact [197].

In the literature there are only a couple of reports on 3-terminal contacts to

branched semiconductor nanowires. Cui et al. reported non-linear I-V with suppressed

current flow at low voltages and step like current at high voltages from CdTe tetrapods

[193]. They attributed this to single electron transport. The main part of the report

investigated using the substrate as a gate which allowed for control over the length of

the zero conductance gap; when the third terminal was instead used to gate the single

electron transistor, the coupling efficiency was only 70% compared to a standard back

gate. Suyatin et al. have reported successfully making contacts to three terminals on

a single InAs branching nanowire grown using a secondary deposition process [197].

They used the three terminal nanowire junction to mix together a 9 MHz and 10 MHz

signal by applying each signal to one of the terminals and measuring the mixed signal

on the third terminal. They also were able to analyse the phase difference when two

signals of the same amplitude and frequency were applied.

To ensure that the observed I-V was characteristic of the nanowires themselves, I-V

measurements were conducted under both dark and illuminated conditions. A UV light

source designed for erasing EPROMs (wavelength 365 nm) was used to provide excita-

tion. The I-V showed a detectable current change between dark and UV-illuminated

conditions (fig. 5.10). A constant voltage of 100 mV was applied across the GaN

nanowire, and the current was monitored as the lighting conditions were changed. For

both the turn off and on transition the change in current is essentially instantaneous

for the coarse time scale used (fig. 5.11). However, the transition for (UV) on to (UV)

off sees a current change of only 600 nA, while in the (UV) off to (UV) on transition

the current change is 200 nA. Had the current under illumination reached the same

current level in both cases with only a difference in the dark current, it could be as-
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Figure 5.8 (a) Branching GaN nanowire device. (b) Current-voltage measurements for all combina-
tion of terminals.
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Figure 5.9 Gated current–voltage characteristics of the three terminal contacted branching GaN
nanowire shown in 5.8a, with linear and log plots. Terminal A is the gate contact.
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Figure 5.10 I-V from a GaN nanowire under dark conditions and then illuminated with a UV lamp.

sumed that there is a persistent photoconductivity effect occurring, which is known to

occur in GaN nanowires [195]. However, the opposite is occurring so the difference is

more likely due to settling of the UV lamp, as the transition from on to off was after

the lamp was left on for a period of 5 mins before the measurement was conducted.

After the scans the conduction path was completely lost due to mechanical failure of

the nanowire.

FET structures are often used to measure the electrical properties (carrier con-

centration and mobility) of nanowires. The devices are often fabricated by using a

standard two terminal contact scheme, with the substrate used as the gate and a SiN

layer between the substrate and nanowire serving as an insulator, or else the nanowire

can be coated with an oxide allowing for a top gate to be fabricated. Stern et al. have

demonstrated that for GaN nanowires, there is little difference between using a top

or bottom gate [194]. In the present work, a FET structure was fabricated using the

silicon substrate as the gate contact. However, despite applying gate voltages as high

as 20 V (the maximum value of the parameter analyser) essentially no modulation of

the I-V was observed, as shown in fig. 5.12. Possible reasons for this are the SiN is too
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Figure 5.11 Transition from a) UV on to off and b) UV off to on, using a 100 mV bias applied across
the GaN nanowire.

thick and therefore the field from the gate (substrate) had no effect on the current flow

through the nanowire. It is also possible that the background carrier concentration

level was too high to be affected by the gate.

5.2 VERTICAL DEVICES

Separately from the branching nanostructures, vertical devices were also fabricated.

Planar nanowire devices are seen as a way of measuring electrical properties of individ-

ual nanowires. They are also useful for making gas sensors [198], photon detectors [60]

and FETs [68]. However, as discussed earlier the way forward is through the fabrica-

tion of vertical structures, where the nanowires are retained on the substrate used for

growth and the device is then fabricated from the standing nanowires. Vertical FET

structures have been already fabricated by several groups interested in interfacing III-V

semiconductors with silicon technology [199]. To date, there has been a lack of studies

into the development of GaN devices in vertical geometries.
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Figure 5.12 I-V from the attempted FET structure using the silicon substrate as the gate.

5.2.1 Fabrication

In contrast to planar devices, the main issue with vertical nanowire devices is getting

the top metal contacts at the desired location, since contact to the base of the nanowires

can make direct use of the substrate. To probe the top of individual nanowires a metal

coated AFM cantilever can be used, although imaging of the nanowires can be hindered

due to the roughness of a nanowire surface. To reduce the surface roughness, a layer of

PMMA can be spun on, and annealing at 185◦C has the effect of planarising the PMMA

layer and exposing the tops of the nanowires (fig. 5.13). An additional oxygen plasma

ashing can be used to remove residual PMMA on top of the nanowires, and etching with

HCl removes the gallium droplet and exposes a flat surface for the AFM tip to probe.

Using this same preparation technique, it is also possible to create large contact pads

using a shadow mask, therefore allowing for multiple parallel nanowires to be analysed

at one time, giving greater current flow. Assuming that each individual nanowire has

similar properties, the data can be extrapolated to give that of an individual nanowire.
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Figure 5.13 GaN nanowires from film 535-GaN-GaSa. a) As-grown GaN nanowires; b) GaN
nanowires with a PMMA layer used for planarising the surface; and c) AFM imaging of the planarised
GaN nanowires.

5.2.2 I-V Characteristics

I-V measurements were performed using commercial Au/Cr coated AFM tips, with the

gold being the external metal layer. For the voltage supply the AFM tip was biased

between -12 and 12 V. Using the extender and data signal boxes for the Nanoscope IIIa

the current was collected using a Keithley 6457 picoammeter. Ten to twenty separate

measurements were taken at each bias voltage to remove issues with stability of the

current flow, as well as residual capacitance. Typical nanowire I-V resembled that of

a Schottky diode (fig. 5.15), which is expected as gold has a higher work function in

comparison to GaN. The diode characteristics, barrier height and ideality factor, can

be determined using the expression for thermionic emission for a Schottky barrier

I = Is

(
exp

[
qV

nkT

]
− 1

)
(5.2)

where Is is the saturation current and is determined from the ln(I) versus V plot at

the V = 0 intercept. It can be calculated using

Is = AA∗T 2 exp
(−qφB

kT

)
(5.3)

where A is the diode area, A* is the Richardson constant (for GaN it is 26 AK−2cm−2),
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Table 5.1 Tabulated results for the Schottky contacts to GaN nanowires.

Contact Type Effective Ideality Rectification Reference
Barrier Height (eV) Factor Ratio

Au on GaN 1.07 1.37 - [200]
thin film
Ag on GaN 0.82 1.01 - [104]
thin film
Contact AFM 0.39 80 -
(Au/Cr)
PMMA layer
Contact AFM 1.07 3.73 2.56
(Au/Cr)
No PMMA layer
Silver Pad 0.84 4.27 1.33
Gold Pad 1.03 4.12 3.49

φB is the effective barrier height, and n is the ideality factor. The ideality factor is

determined from the slope of the ln(I) versus V plot using equation 5.2 and the barrier

height is determined from the Is value using equation 5.3. Analysis of the I-V is

provided in table 5.1. The barrier height determined for the diode without the PMMA

layer is similar for GaN thin film Schottky diodes in the literature (barrier height of

1.07 eV with ideality factor of 1.37), although the ideality factor is significantly higher

[200]. Deb et al. have also conducted a similar study for GaN nanowires embedded in

silicon dioxide, using Ti/Pt coated AFM tips; for n-type GaN they determined their

ideality factor to be 6.5 with a barrier height of 0.62 eV assuming a contact area of 20

nm, compared to an ideality factor of 1.28 and a barrier height of 0.94 eV for a GaN

thin film. [63]. The difference in the ideality factor can be associated with reducing the

size of the diode, leading to a reduction of the barrier thickness and hence an increase

in tunnelling current (non–ideal) [201]. There also seems to be a major difference in

the ideality factor when the sample was coated with PMMA (80) compared to without

(3.7). PMMA has been used to protect nanowire devices from ageing so this increase

is not expected to be from surface effects [202]. The difference is possibly due in part

to a fitting error as the AFM process does not allow for a large enough voltage spread

to be measured due to contacting issues.

With the AFM a significant amount of time has to be devoted to imaging and
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Figure 5.14 AFM setup for measuring the I-V from the vertical GaN nanowires without the PMMA
layer.

Figure 5.15 I-V measurement taken from the GaN nanowires using the gold coated AFM tip. a)
linear scale and b) log scale.
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moving the AFM tip to ensure that the tip is on top of a nanowire. Also, it is required

that the force is great enough to maintain contact with the nanowire throughout the

entire process without breaking the AFM tip or the nanowire. Also, as the metal

coating has to be thin to ensure the imaging capabilities are maintained, the metal

layer can be easily rubbed off. To remove some of the issues with the AFM, large

contacts (circle with a diameter of 0.5 mm) of gold, silver and Ti/Al were deposited

using a shadow mask onto a sample of GaN nanowires that were etched in HCl to

remove the gallium droplet and expose the flat surface of the nanowire. The resulting

I-V from the large contact pads all gave non-linear I-V, even the Ti/Al contacts which

may have oxidised due to a lack of a non–oxidising capping layer (e.g. gold) (fig. 5.16).

There was no current measured when the probes were directly touched to the PMMA

coated GaN. The results are provided in table 5.1, which are similar to thin film diodes

reported in the literature [104, 200]. Deb et al. did try to make Schottky diodes using

this approach, however the diodes all had linear I-V curves [63]. They assumed the

linear I-V was due to the metal forming on the non-polar sides of the nanowires, as

the top of their nanowires had a cone shape, which has enhanced conduction [63]. As

our GaN nanowires are left with a flat termination surface after HCl etching, we were

therefore able to achieve Schottky diodes as the surface we fabricated contacts to was

only the c-plane surface of the GaN. The ideality factor for both the gold and silver

pads is still significantly high so the tunnelling current remains an issue for nanowire

diameters of 100–200 nm [201].

5.3 SUMMARY

Branching GaN nanowires have been analysed using planar contacts, while vertical

nanowires were retained on the substrate and analysed using a vertical contact struc-

ture. Contacts to the vertical nanowires were all Schottky in nature, with values for the

barrier height consistent with those reported for gold and silver Schottky diodes. The

GaN branching nanowires produced resistance values similar to CVD GaN nanowires.

The three point contact results are limited, however from the results achieved suggest

possible further applications for nanowires and maybe looking at the effect that the
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Figure 5.16 Semilog plot of the current - voltage characteristics of GaN nanowires contacted with
gold, silver and Ti/Al contact pads respectively, fabricated by evaporating through a shadow mask
placed in contact to a sample of GaN nanowires coated in PMMA and etched in HCl.

gating has on a frequency place across the nanowire.



Chapter 6

ACCEPTOR DOPING OF INDIUM NITRIDE

Research into the fundamental properties of InN has increased dramatically since Davy-

dov et al. contended in 2001 that the actual band gap of InN was less than 1 eV, roughly

half the conventionally accepted value at the time [9]. With subsequent improvements

in growth techniques leading to even higher quality material, the currently accepted

value is in the range of 0.6 - 0.7 eV. In the last two years, efforts have shifted from

determining fundamental properties of InN, and refocused on the next big issue: how

to realise p–type InN. With the growth of p–type InN, fabrication of photovoltaic cells,

light emitting diodes and high mobility transistors could realistically be considered.

Several obstacles remain at present, however.

For the fabrication of most semiconductor devices it is required that the material

can be doped amphoterically – that is both n–type and p–type. To promote the different

doping types impurities are typically introduced into the crystal structure. In the case

of n–type doping an impurity that acts as an electron donor – in other words allows

for excess electrons to be given up – needs to be introduced. For p–type doping an

dopant that readily accepts electrons and introduces holes is required: this type of

impurity is known as an acceptor. Effective donor impurities appear on the energy

band diagram just below the conduction band, while useful acceptor impurities lie just

above the valance band, as shown in fig. 6.1. The difference between the edge of the

conduction band and that of the donor impurity band is the amount of energy that is

required to ionise the donors; for the cases where the difference is less than 26 meV,

which is the amount of thermal energy available at 300 K, essentially all donor atoms

will be ionised. The same is true for the ionisation of the acceptor impurities. There are
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Figure 6.1 Band diagrams illustrating the ionisation of donors and acceptors with increasing tem-
perature.

therefore two types of dopants: those that form shallow levels and those that form deep

levels. Shallow impurities are used to enhance the conduction, and are characterised

by a small energy difference between the appropriate band edge and the impurity level.

Deep impurities are usually used to make semi-insulating material, and lie several kBT

from the respective band edge.

In the case of InN, GaN, and their alloys the cations are in the group III column of

the periodic table, while nitrogen is a group V element (fig. 6.2). Among the possible

donor atoms are those in group IV, as they have one additional electron compared to

the group III atoms. Possible acceptors for III-nitrides include group II elements, which

have one less electron than the group III atoms. For Mg (acceptor), a commonly used

p-type dopant, calculations of the formation energies have shown that the Ga site is the

preferred site for the dopant compared to the N antisite which has a higher formation

energy [203]. Silicon (donor) atoms can also act as an acceptor if the nitrogen atoms

are replaced, however SiGa is a very energetically stable configuration while the nitro-

gen substitutional site and the interstitial configurations are energetically unfavourable

[204]. This can be understood by noting that silicon has an atomic radius very similar
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Figure 6.2 Abbreviated periodic table highlighting possible acceptor (blue) and donor (red) dopants
for III-nitride semiconductors.

to gallium. Thus, it will easily fit on a Ga site, and cause a large strain if it replaces a

small N atom or goes onto an interstitial site.

Impurities are incorporated into the lattice in three possible ways: (1) Substitu-

tion, where the impurity atoms replaces one of the host lattice atoms (fig. 6.3a); (2)

Interstitially, where the dopant sits in between crystal lattice sites (fig. 6.3b); and

(3) Complex doping, when both an acceptor and donor are introduced. In the case

of GaN:Mg grown by MOCVD, decomposition of NH3 to produce the active nitrogen

also yields hydrogen. This leads to a MgH2 complex that inhibits p–type conductivity;

it is not until the GaN:Mg is annealed to remove the hydrogen that p–type GaN is

achieved [28]. Although complex doping can in some instances be done intentionally,

it is worth noting that the low decomposition temperature of InN prevents annealing.

This also means alternative doping techniques such as diffusion and ion implantation

are not feasible for this material.

When a semiconductor is completely compensated with native defects the Fermi

level lies at the Fermi stabilisation level (Fsl), which for InN is 4.9 eV below the

vacuum level [205]. The Fsl is independent of the doping level and therefore considered

an intrinsic property of the material [205]. For a material that is not completely

compensated by native defects the Fermi level can reside above or below Fsl. When

the Fermi level is above Fsl the defects that form are acceptor-like; when the Fermi
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Figure 6.3 Dopant incorporation into the crystal lattice: a) substitution; b) interstitial; and c)
complex.
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level is below Fsl the defects that form are donor-like. The result is that the Fermi

level moves towards Fsl [205]. At the Fsl energy level, donor and acceptor defects are

equally generated resulting in no change to the Fermi level. For GaN the Fsl sits within

the band gap, although slightly closer to the conduction band so it is expected that it is

easier to dope n-type than p-type. However, for InN the surface Fermi level is typically

1.6 eV above the valence band and 0.9 eV above the conduction band, therefore at

least p-type doping of the surface layer will be hindered [206].

The surface accumulation layer was initially suggested to be from oxygen, or hy-

drogen, which are often seen in SIMS analysis of InN films [140]. However, SIMS results

have shown that the O and H concentrations are often too low to explain the electron

concentration [207]. The surface accumulation has also been linked to Fsl, where the

Fermi energy of the surface is pinned at Fsl due to the formation of point defects at

the surface [155]. Mahboob et al. determined the surface accumulation layer is due

to the presence of positively charged donor–type surface states using high-resolution

electron-energy-loss spectroscopy (HREELS) [96]. As of yet there has been no reported

way of significantly reducing the effect of the surface accumulation layer.

6.1 MAGNESIUM DOPING THEORY

Successful p-type doping of GaN with Mg suggests that is worth considering for InN as

well. For PAMBE growth of GaN:Mg, annealing is not required as the nitrogen plasma

source does not produce substantial hydrogen. This is ideal for InN as it suffers from

low thermal stability and so annealing is not feasible.

A number of groups have already reported the growth of InN:Mg, several of which

precede the band gap controversy. Blant et al. considered how magnesium incorporated

into the lattice using x-ray absorption fine structure spectroscopy (EXAFS), a process

for determining the bonding of solids by analysing oscillations in the x-ray absorption

caused by interference [208]. They showed that the magnesium was mainly being

incorporated on the indium sub-lattice sites, and interstitially within the InN crystal

lattice. Unsurprisingly, given that the existence of the surface accumulation layer
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was not yet known, their electrical measurements showed n-type conductivity with

mobilities an order of magnitude lower than that of an undoped InN film [208]. The

reason for the electrical properties were incorrectly attributed to reduced crystal quality

. The only other InN:Mg paper from this era was by Mamutin et al., who studied

heavily doped InN:Mg films. They reported an improvement in the crystal quality

for magnesium concentrations between 1019 − 3 × 1020 cm−3, which they related to a

surfactant effect. However, above this range the quality of the films deteriorated [209].

As in the case of Blant et al., n–type conductivity was observed; no other methods aside

from single magnetic field Hall effect were used to measure the electrical properties.

There was no mention of the optical properties by either group.

In 2006, two reports of p-type doping in InN:Mg were published. Jones et al.

used electrochemical capacitance-voltage to show that under the n–type accumulation

layer a p–type bulk layer could be detected [210]. They did not observe photolumi-

nescence from the as-grown films, although bombardment with 2 MeV He+ particles

to induce ion damage resulted in (barely) detectable photoluminescence, for a dosage

above 4.5×1014 cm−2. Anderson et al. (University of Canterbury) were the first group

to report photoluminescence from an as-grown Mg-doped film, with a change in photo-

luminescence peak position from 0.68 eV to 0.55 eV with magnesium doping [45]. They

also reported the same trend in ECV for an InN:Mg film with a buried p-type layer,

and went on to observe what was suggested to be a light hole using variable magnetic

field Hall effect measurements, as shown in fig. 6.4.

Wang et al. have published several papers on InN:Mg growth and characterisation

[48, 211, 212]. They have observed polarity flipping from In–polar to N–polar when the

Mg content was increased above 1019 cm−3; unlike GaN they did not observe a change

in the sticking co-efficient for the different polarities [211]. Single magnetic field Hall

effect measurements from their sample exhibited a decreasing trend in mobility with a

Mg cell temperature exceeding 175◦C, while the carrier concentration decreased with

Mg cell temperature up to 175◦C and then was observed to increase [48]. XRD results

did not exhibit a significant change in the FWHM with Mg cell temperature, which

suggests a surfactant process is not involved, although no other surface analysis results



6.1 MAGNESIUM DOPING THEORY 139

Figure 6.4 Quantitative mobility spectrum analysis (QMSA) of a Mg-doped InN film showing a
clear hole feature at approximately 650cm2V −1s−1. Taken from Anderson et al.[45].

where shown. Examination of the PL showed the intensity decreasing once the Mg cell

temperature exceeded 175◦C and quenching of the spectrum was observed when the

temperature of the Mg cell ranged from 225◦C − 250◦C and again when it exceeded

325◦C. Also, when the Mg cell temperature was at 175◦C two distinctive features were

exhibited, one at 0.67 eV which was assigned to a band to band transition and the other

at 0.611 eV which Wang et al. associated with a free-to-acceptor feature [48]. ECV

showed the typical reduction in bias voltage required to achieve the peak in the C−2

versus bias voltage with magnesium content, which correlates with the previous reports,

however with over doping the p-type behaviour is reduced and the bias voltage increases

to represent an undoped film [212]. Using the Cmin from the ECV measurements they

calculated the net acceptor values, however they believe that interface states lead to

a larger Cmin than the true value therefore giving higher values for the net acceptors

than theoretically expected. When they took into consideration the interface states,

hole mobilities of 17− 36 cm2V −1s−1 for hole concentrations of 1.4 − 3.0 × 1018 cm−3

were calculated [213].

Khan et al. has examined photoluminescence from InN:Mg films grown by MOCVD
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[214]. All of the films analysed produced PL emission. They observed a 0.82 eV band-

to-band feature in undoped material and in heavily doped InN films they observed a

peak shift to 0.76 eV which they related to a Mg-related feature. They did observe

an improvement in the PL FWHM with Mg flow rate, however with the appearance of

the 0.76 eV feature the FWHM increased and continued to do so with increases in Mg

flow.

The electron potential in InN as a function of depth dictates the band bending and

is related to the charge distribution by the one-dimensional Poisson equation [100]. Us-

ing this Yim et al. and Ager et al. have tried to model the ECV data using the Poisson

equation [44, 100]. At present their model does not precisely fit the experimental data

so reliable values have not yet been produced. Their work, however, indicates that

n-type material can be misidentified as p-type, signified by a larger bias required to

change the slope of C−2 versus V.

So far there is a lack of understanding for why the photoluminescence is quenching

and there is still some uncertainty about the incorporation of the Mg into InN, also how

the incorporation of Mg is affected by the N–rich growth regime. A series of InN:Mg

films with varied Mg content is also required to understand the ECV results so a more

complete understanding of the doping concentrations can be obtained.

6.2 MAGNESIUM DOPING

Former doctoral student Dr Phillip Anderson obtained direct evidence of p-type doping

using Mg. However, at that stage little was known on the effect of Mg doping and

also why the photoluminescence was quenching. To obtain a clearer picture of what

happens when InN is doped with Mg a series of InN:Mg films was planned. The films

were grown on (111)YSZ substrates for two reasons. First, independent measurements

by Prof. Tom Myers (West Virginia University) indicated that even 0.5 µm thick InN

films had low carrier concentrations on the order of 2 × 1017 cm−3 in the bulk when

grown on these substrates [215]. This was consistent with low threading dislocation

densities (109 to 1010 cm−2) measured by Prof. Phil Ahrenkiel by TEM [215]. Second,
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Figure 6.5 Theoretical flux curves for magnesium and indium.

initial etching experiments performed by Dr Anderson suggested that the polarity of

InN ’flipped’ from N–polar to In–polar at high Mg concentrations. Since previous

work demonstrated InN grows as In–polar on (111)YSZ this was thought to prevent

polarity issues with Mg doping [216, 215]. This was later found to be incorrect. The

Mg flux produced from the effusion cell is too low to be measured using the crystal

microbalance. Therefore, the required magnesium cell temperatures were determined

from the theoretical flux curve for magnesium, as shown in fig. 6.5, using equation 2.2

with an orifice diameter of 1 cm (2 cc crucible). Based on an experimentally determined

indium flux of 3.1 × 1014atoms cm−2s−1 for the indium cell temperature of 780◦C, a

range of InN:Mg films were grown with target Mg content between 1017 and 1021 cm−3.

To be consistent with previously grown InN:Mg/GaN films already studied [45] a

set of InN:Mg/(111)YSZ films described in this section (table 6.1) were grown under

the same conditions later determined to be N–rich conditions. This included using an

indium cell temperature of 780◦C, and the same substrate temperature of 450◦C was

also employed. The plasma source was operated at 150 W and 1×10−5 Torr. The films
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Table 6.1 Magnesium doped InN films on (111)YSZ. Flux values were calculated, Mg content was
measured using SIMS, with that of film 554 estimated by curve fitting the SIMS to the theoretical flux
curve.

Film Number Mg Temp. Mg Flux Mg Content (SIMS)
(◦C) atoms cm2s−1 (cm−3)

579-InN:Mg 170 3.0× 108 5.2× 1017

577-InN:Mg 200 4.1× 109 1.3× 1017

601-InN:Mg 208 7.1× 109 2.7× 1017

585-InN:Mg 216 1.2× 1010 6.2× 1017

590-InN:Mg 220 1.6× 1010 3.7× 1017

555-InN:Mg 225 2.2× 1010 8.7× 1017

594-InN:Mg 230 3.0× 1010 1.5× 1018

580-InN:Mg 240 5.6× 1010 3.3× 1018

584-InN:Mg 260 2.4× 1011 1.2× 1019

583-InN:Mg 276 5.8× 1011 3.6× 1019

557-InN:Mg 300 2.8× 1012 1.0× 1020

554-InN:Mg 370 5.8× 1012 (9.5× 1021)

were all grown on as-received (111)YSZ substrates, after cleaning with trichloroethy-

lene/acetone/methanol using an ultrasonic bath. The growth rate of the films was

approximately 150 nmhr−1, based on undoped InN films grown under the same condi-

tions for three hours (all films 450 nm thick). Even though the films are presented in

order of the Mg cell temperature, the film growths were actually designed depending

on their photoluminescence properties to develop a range of films that precisely cover

the change in PL peak position as a function of Mg cell temperature.

6.3 STRUCTURAL ANALYSIS

RHEED analysis of the InN:Mg films showed that for the first 3 nm of growth the

RHEED pattern stays streaky. However, the streaky RHEED quickly breaks up to a

spotty pattern and remains that way until termination. Across the range of InN:Mg

samples grown there is for the most part no significant difference in the RHEED pat-

terns between the films. However, films 579, 584 and 554 all have RHEED patterns

that exhibit arc features related to polycrystalline growth. Film 594 was the only

film to exhibit near streaky RHEED. Imaging of the surface morphology using SEM

showed that the majority of the films have a rough surface morphology, consistent with

RHEED. However, the morphology of the surfaces are not all similar (fig. 6.6), and
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also there is no consistency with the Mg cell temperature. For film 554, grown with

the highest Mg cell temperature of 370◦C, the film actually broke up into individual

nanopillars, likely due to the reduction in the surface migration of the indium adatoms

resulting from the high magnesium flux.

6.4 MAGNESIUM CONTENT

The magnesium content of the films was determined using secondary ion mass spectrom-

etry (SIMS), performed by Dr. Richard Morris and Mr. Philip King at the University

of Warwick. SIMS is a technique used to analyse the composition of solid surfaces

and thin films by sputtering the surface of the specimen with a focused primary ion

beam and collecting and analysing ejected secondary ions to determine the composi-

tion. In order to permit quantitative determination of the Mg content, a standard was

fabricated at the University of Warwick using implantation on an undoped specimen.

The Mg results are shown in fig. 6.7 and listed in table 6.1. The incorporation of Mg

seems to follow the theoretical Mg flux curve (shown as a dashed line in the fig. 6.7) as

would be expected for low temperature growth; also, due to the N–rich growth, excess

nitrogen should lead to nearly complete incorporation of the indium and magnesium

adatoms. For InN:Mg growth under In-rich conditions a semi-logarithmic plot of Mg

content versus 1000/TMg has a linear characteristic, suggesting complete sticking of the

magnesium under even In-rich conditions [48], essentially identical to what is observed

in the present experiments (fig. 6.7 inset). It also should be noted that the Mg content

was constant with depth through all of the InN:Mg films.

6.5 POLARITY

In GaN, when the magnesium flux is high enough to produce a complete layer of

magnesium, the GaN polarity is switched from Ga-polar to N-polar. Polarity flipping is

more pronounced with N-rich growth of GaN:Mg, compared to Ga–rich growth where a

complete gallium wetting layer is formed, which can suppress the polarity from flipping

[217]. The different polarities of GaN can lead to a change in the incorporation of
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Figure 6.6 SEM images from the InN:Mg films; inset are the corresponding RHEED images at end
of growth. Film numbers a) 579; b) 577; c) 601; d) 585; e) 590; f) 555; g) 594; h) 580; i) 584; j) 583;
k) 557; and l) 554.
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Figure 6.7 Magnesium incorporation into InN, grown under N–rich conditions, based on SIMS anal-
ysis. The dashed line is the expected Mg content from the theoretical flux curve for magnesium. Inset:
plotted as a function of T−1 with a linear regression shown.

magnesium, as magnesium is more readily incorporated into Ga-polar GaN than N-

polar GaN [103]. Therefore a switch in polarity would mean that more magnesium

would be required to get the same amount of magnesium incorporated into an N-

polar film than Ga-polar (In–polar) film, which could explain the step at a Mg cell

temperature of 220◦C in the SIMS data.

Wet etching of InN using a 10 Ml KOH solution is one method of determining film

polarity. In-polar samples typically result in a uniformly etched surface with hexagonal

etch pits while N-polar samples etch roughly and reveal hexagonal pyramids [218]. The

determination of the polarity by wet etching is based on the judgement of the person

doing the analysis and can often be hard to decide. From the wet etching of the

InN:Mg films we observed a random switching of polarity with Mg cell temperature as

presented in table 6.2. To try and clarify the polarity, valence band x-ray photoemission

spectroscopy (XPS) was used as well. Shown in fig. 6.8 are the valance band spectra;

the two features of interest are the peaks at 3 eV and 6.5 eV, which are offset in fig. 6.8

by 1 eV [139]. The relative dominance of the peaks is used to determine the polarity;
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Figure 6.8 Valence band XPS spectra from the InN:Mg films.

a dominant 3 eV feature suggests an In–polar film while the 6.5 eV feature is related

to an N-polar film. The existence of mixed polarity results in features with similar

intensity. Using this reasoning the polarity of the InN:Mg films was determined and

given in table 6.2. It should be noted that only the films that had mixed polarity were

indeterminant by KOH etching, which is a human error based on judgement of the

surface morphology. In this study we did not observe a clear transition from In-polar

to N-polar with increased Mg content. InN polarity flipping has been observed for

In-rich growth of InN:Mg by Wang et al. [211]. For GaN the Ga–adlayer can affect the

polarity flipping and even suppress the polarity from flipping [217]. As we had grown

under N–rich conditions we might be seeing more severe polarity flipping, or it occurs

over a large range of Mg cell temperatures due to the lack of/or thinner In–adlayer

under N–rich growth conditions.

6.6 ELECTRICAL TRENDS

As described earlier, traditional Hall effect measurements are unable to quantify or in

any way separate the individual contribution of an inhomogeneous sample. By single
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Table 6.2 Magnesium doped InN films on (111)YSZ and analysed using valence band XPS and KOH
etching to determine the film polarity. Samples marked with ”—” were samples that were not studied
due to the lack of a suitable piece of the film.

Film Number Mg Temp. Mg Content SIMS Polarity (XPS) Polarity (KOH)
(◦C) (cm−3)

579-InN:Mg 170 5.2× 1017 — —
577-InN:Mg 200 1.3× 1017 mixed N-polar
601-InN:Mg 208 2.7× 1017 N-polar —
585-InN:Mg 216 6.2× 1017 In-polar In-polar
590-InN:Mg 220 3.7× 1017 N-polar N-polar
555-InN:Mg 225 8.7× 1017 In-polar In-polar
594-InN:Mg 230 1.5× 1018 N-polar N-polar
580-InN:Mg 240 3.3× 1018 — N-polar
584-InN:Mg 260 1.2× 1019 mixed —
583-InN:Mg 276 3.6× 1019 mixed N-polar
557-InN:Mg 300 1.0× 1020 mixed In-polar
554-InN:Mg 370 (9.5× 1021) — —

magnetic field Hall effect, the ”apparent” carrier concentration of the films is scattered

in the range of n = 2 × 1019 cm−3 to 5 × 1018 cm−3 (fig. 6.9a). As the films were all

grown to a thickness of 450 nm, this indicates the ”apparent” carrier concentration is

dominated by layers other than the bulk. It is worth noting that the ”effective” volume

concentration of the surface accumulation layer is approximately 5×1013 cm−2/5nm =

2 × 1020 cm−3. The increase in the carrier concentration is a possible trade off from

the incorporation of the Mg that can compensate the n-type conductivity while also

introducing additional defects, through strain and lattice imperfections, that result in

increased n-type conductivity. From the In–rich growths by Wang et al. they observed

quite a clear trend, with an improvement in the carrier concentration up to a Mg cell

temperature of 175◦C peaking at 1018 cm−3 then a increase by an order of magnitude.

They inferred the increase in the carrier concentration is due to the introduction of

additional donors with high Mg cell temperatures [48].

In contrast electron mobilities determined from the single magnetic field Hall mea-

surements do seem to follow a trend – decreasing for Mg cell temperatures above 220◦C,

as shown in fig. 6.9b. There are some outlying points around a magnesium cell tem-

perature of (216 − 225◦C), which also relates to the area of uncertainty in the SIMS

results. For the Mg cell temperature up to 216◦C the Mg concentration is possibly
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too low to affect the crystal structure and if the rapid increase in mobility is real this

may be the required concentration of magnesium to act as a surfactant. The decrease

in the mobility with magnesium cell temperature from 225◦C could also be related to

increased roughening of the surface. The films with mobilities below 60 cm2V −1s−1 are

either heavily pitted with cracks, or have columnar growth; for films with mobilities

above 60 cm2V −1s−1 their surface morphology are all similar with relatively smooth

surfaces and the usual pitting occurring. The scatter in the mobility may also be due

at least in part to the instability in polarity. Compared to the In-rich growths done by

Wang et al. our electron mobilities are significantly lower (at least a factor of 5) due to

the poor crystal quality, though the overall trend observed in our study is duplicated

by theirs [48].

6.7 ECV ANALYSIS

Given the lack of useful information available from any Hall effect measurements, the

best alternative is ECV [45, 210, 212]. Unlike measurements on metal-semiconductor

Schottky diodes ECV offers limited information about the doping concentration, as the

effect of the bias voltage, frequency and electrolyte solution concentration can affect

the results [97]. However, a change in the slope of C−2 versus V is commonly regarded

as a change in the type of majority carrier. Still, recent papers on modelling ECV

results using the Poisson equation, suggest that this is by itself possibly misleading

[44, 100]. The ECV process is limited by the stability of the electrolyte, in that a

high bias voltage leads to the breakdown of the barrier. Increasing the reverse bias

voltage leads to a flattening of the surface energy levels and depletion of the surface

accumulation layer. By further increasing the reverse bias the bands can bend upwards

at the surface and an ”inversion” layer of holes is conceivable [100]. A signature of this

occurrence would theoretically be a change in sign of dC−2/dV at larger biases, seen

in some undoped InN films [100].

For the InN:Mg/YSZ(111) films the ECV results are shown in fig. 6.10. Unknown

at the time, the LabView program was using an ac voltage of 1 V which means the

size of the depletion region was quite significant as the bias scans were only done
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Figure 6.9 Room temperature electrical properties from the InN:Mg films from single magnetic field
Hall effect, as a function of Mg flux. a) electron concentration; b) electron mobility. The control film
is 267-InN-YSZ(111) which was grown with an In cell temperature of 780◦C, plasma settings of 150
W and 1× 10−5 Torr, and substrate temperature of 400◦C which is 50◦C lower than the InN:Mg films
grown in this series.
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from 0.7 to 1.5 V. The undoped InN sample has an increasing slope with a negative

bias, representing n–type conduction. With increasing magnesium content the gradient

becomes saturated and this is related to the compensation of the n–type conductivity

with p–type conduction. It is not until the magnesium cell temperature is increased

to 300◦C that the ECV graph exhibits a shape that has been typically associated with

an InN:Mg with a buried p–type conduction. High Mg cell temperatures produce films

with columnar growth and ECV measurements were unable to be obtained. The p–

type conduction occurs for a Mg concentration of 1 × 1020cm−3, which is lower than

our past work on InN:Mg/GaN films where the bending of the ECV was observed

at a Mg concentration of 1 × 1021cm−3 [45]. This is likely due to the lower bulk

carrier concentrations observed using (111)YSZ substrates [215]. These values are still

significantly higher than the values reported by Wang et al. [212], although this may

be due to still higher residual n–type conduction in our films due to the poor quality

of the InN:Mg films grown under N–rich conditions.

6.8 OPTICAL MEASUREMENTS

In the earliest studies of the optical properties of undoped InN, photoluminescence was

unable to be observed, due at least in part to the very high electron concentration

(1020 − 1021 cm−3) [29]. With the improvement of crystal growth leading to electron

concentrations of 1019 cm−3 the first infrared luminescence was observed, and then for

less heavily doped (but still degenerate) semiconductors with electron concentrations

above 1018 cm−3 band–to-band photoluminescence was observed [9]. Typically the

spectra are structureless due to screening of the Coulomb interaction followed by the

disappearance of excitons, and shallow donor and acceptor states. More recently thick

n-InN films with carrier concentrations on the order of 1017 cm−3 have been grown and

additional features in the PL spectrum are observed [219]. Often observed in the PL is

the Urbach tail, which relates to the exponential tail of the respective conduction and

valence band densities of states due to the formation of localised electrons and holes.

From very high quality InN at least three features are observed in the photolumines-

cence spectrum, in the range of 0.50 eV to 0.67 eV [219]. The feature at 0.60 eV is
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Figure 6.10 ECV results from the InN:Mg/YSZ(111) films, using a KOH solution as the electrolyte.
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proposed to be from the recombination of degenerate electrons with holes trapped by

deep acceptors with a binding energy of 50 – 55 meV, while the LO–phonon replica of

this feature is at 0.55 eV. The higher energy feature at 0.66 eV is a complex made up of

two mechanisms. The first is related to a transition of an electron to a shallow accep-

tor state with a binding energy of 5 - 10 meV and/or to the states of the Urbach tail

populated by photoholes. The second mechanism is the band–to–band recombination

of free holes and electrons.

Reports on the optical properties of InN:Mg films are limited due to the fact that

with increasing Mg content the luminescence from the films becomes quenched. Pre-

ceding the process that causes the quenching, the photoluminescence spectra typically

exhibit a change in PL peak position, with Khan et al. reporting a peak at 0.82 eV

(band to band transition) for undoped and low Mg content, while a peak at 0.76 eV

(acceptor-related transition) appears with increasing Mg content [214]. The difference

between the two peaks is 60 meV, and temperature dependent PL in the range of 100-

300 K (where only the 0.78 eV feature is present) suggested an activation energy of

58 meV, leading then to conclude that the Mg acceptor in InN lies 60 meV above the

valence band maximum. This value for the acceptor binding energy has also been sup-

ported by Wang et al. who measured 62 meV [48]. Our group has previously reported

that the acceptor level for Mg could be on the order of 110 meV above the valance

band, based on photoluminescence of low Mg content InN:Mg/GaN films [45], with

some uncertainty in the precise value due to a defect in the spectrometer grating used.

In the present study, based on InN:Mg grown on (111)YSZ, the photoluminescence

feature for the low Mg content InN films had PL peaks around 0.68 eV, and with

increasing Mg content the PL peak position shifted to 0.6–0.61 eV before the signal

dropped below the sensitivity limit of the InSb detector (fig. 6.11). Based on the work

by Anderson et al. [45], Wang et al. [48] and Khan et al. [214] it could be assumed

that the secondary feature is related to Mg, especially since it becomes the dominant

feature with increased Mg concentration, and the difference between the two peaks is

70 meV, similar to the suggested binding energy of 60 meV. The PL is summarised in

fig. 6.12 based on Mg parameters. The intensity of the PL spectrum, determined by
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curve fitting to the peak, in relation to the magnesium content and cell temperature

exhibits a decreasing trend with increasing amounts of magnesium, as shown in fig.

6.13.

Compared to the work by Wang et al. a spectrum containing multiple peaks

is not observed [48]; instead, the main peak in all the films seems to have a small

shoulder feature, which is similar to the PL published by Khan et al. [214]. The carrier

concentration for our films are 6to20× 1018 cm−3 which agrees with Khan et al., while

Wang et al. reports an order of magnitude lower carrier concentration (1018 cm−3)

for his film that exhibits multiple features. Therefore the lack of definition of the

shoulder feature maybe due to our growths being under N–rich conditions leading to

the lower crystal quality and high background carrier concentration that is known to

limit PL analysis [219]. For the low magnesium content films the shoulder is always

at a lower energy than the main PL feature, while the reverse is true for the high

magnesium content films. Further analysis of the film 577-InN:Mg/YSZ(111) (Mg

content of 1.3 × 1017 cm−3) shows that the dominant peak is at 0.68 eV, while the

shoulder feature is at 0.63 eV, determined by multiple peak fitting to the experimental

data. The dependence of the two peaks excitation shows that both feature intensities

increase with laser power. There is a clear blue shift in peak position of the 0.68 eV

peak, which is suggestive of filling of the conduction band. Both PL peaks undergo a

red shift with increasing temperature, which can be attributed to thermal expansion

of the crystal resulting in band gap shrinkage.

Results of multiple peak curve fitting of the PL versus temperature, across the

range of 4K to 80 K, is shown in fig. 6.14. Initially using the fitting equation [214],

Iemi (T ) =
Io[

1 + C exp
(− E1

KT

)] (6.1)

where E1 is the activation energy and C represents the magnitude of the quenching

process, results in a poor fit (fig. 6.14). If, instead, the fit is modified to include two

distinct recombination pathways [220],
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Figure 6.11 4K Photoluminescence spectra of InN:Mg on (111)YSZ obtained using a 532 nm diode
laser and an InSb detector. Also shown are Gaussian fits.
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Figure 6.12 Photoluminescence peak position a) as a function of the magnesium cell temperature
and b) of the magnesium content determined by SIMS.
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Figure 6.13 Photoluminescence intensity a) as a function of the magnesium cell temperature and b)
of the magnesium content determined by SIMS. Insets are the log scale plots.
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Table 6.3 Analysis of the temperature dependent photoluminescence of Film 577-InN:Mg/YSZ, using
single and double path models.

Io C1 E1 (meV) C2 E2 (meV)
Single path, peak A (0.63 eV) 1785 12.7 7.66
Double path, peak A (0.63 eV) 1895 95.5 20.7 2.85 3.53
Single path, peak B (0.68 eV) 13177 36.3 10.6
Double path, peak B (0.68 eV) 14433 124 17.7 2.04 2.86

Iemi (T ) =
Io[

1 + C1 exp
(− E1

KT

)
+ C2 exp

(− E2
KT

)] (6.2)

where E1 and E2 are the activation energies for the two mechanisms and C1 and

C2 are the quenching mechanisms, a more reasonable fit is achieved (see fig. 6.14).

The corresponding fitting parameters are shown in table 6.3. For the single path fit

activation energies of 7.66 meV and 10.6 meV were obtained. Even though the values of

the peak positions are lower than what Kahn et al. reported the calculated activation

energies are very similar: 7.5 meV for their Mg-related feature of 0.76 eV and 10 meV for

the peak located at 0.82 eV (band-to-band transition) [214]. Khan et al. suggests that

the activation energies can be accounted for by non-radiative recombination channels.

Two features have been observed in undoped InN at 0.67 eV and 0.61 eV, which have

been attributed to transitions of electrons near the bottom of the conduction band to

two acceptor levels, one shallow and the other a deep acceptor [221]. The activation

energies of 21 meV and 18 meV from the Arrhenius plots are in agreement with the

calculated binding energy for a hydrogen like shallow acceptor [221]. The physical

origin of the remaining activation energy (E2 = 3.53 meV and 2.86 meV) is at present

unclear.

For film 555-InN:Mg/YSZ(111) (Mg content of 8.7× 1017 cm−3) the dominant PL

peak is at 0.59 eV; a small feature at 0.55 eV appears for only measurements where

the laser power is above 80% of the maximum intensity, 24 mW. As with the case for

the low Mg film (577-InN:Mg/YSZ(111)) the peak at 0.59 eV undergoes an increase

in energy with power (blue shift), possibly due to the band-filling effect. However, a

high energy peak at 0.68 eV is also observed when the temperature is raised to 100K.
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Figure 6.14 Arrhenius plots of the photoluminescence intensity versus temperature for peaks at a)
0.63 eV and b) 0.68 eV from film 577-InN:Mg.
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Figure 6.15 Arrhenius plot of the photoluminescence intensity (log scale) for the PL at 0.60 eV
versus temperature for film 555-InN:Mg.

Arrhenius plot analysis of the dominant peak versus temperature is shown in fig. 6.15.

Using the single pathway model (equation 6.1) results in a good fit, with values for Io,

E1 and C1 determined to be 9633, 16 meV and 72, respectively. The activation energy

is again consistent with a PL peak associated with the calculated binding energy for a

hydrogen like shallow acceptor [221].

The origin of the observed photoluminescence quenching has been the subject of

considerable debate [48, 206, 210]. Recent measurements by Mr Bin Qu and Dr. Mau-

rice Cheng in the group of Prof. Alex Cartwright at the University of Buffalo, State

University of New York, have indicated the likely explanation is Auger recombination.

This is consistent with recent reports of a large Auger recombination coefficient in

undoped InN and In-rich InGaN [222, 223]. Fig. 6.16 shows the time dependence

of transmission as measured by a pump-probe technique [224]. The non-exponential

decay observed for films with high Mg content reveals a strong carrier concentration

dependence of the lifetime, a signature of Auger recombination. Undoped and nomi-

nally Mg doped samples require a much higher pumping intensity to obtain a similar

non-exponential decay behaviour. Fitting of the results, requiring modification of the
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Figure 6.16 Time dependent transmission from the InN:Mg films and also film 148-InN (undoped
InN) grown under N-rich conditions, and 661-InN undoped InN grown under In-rich conditions.

standard rate equation to account for the combined effects of degenerate doping and

compensation, is ongoing.

6.9 SUMMARY

A series of InN:Mg films was grown on (111)YSZ to elucidate the transition in the PL

peak and also where the luminescence is ”quenched”. The films had a rough surface

which is in agreement with the RHEED images and the N–rich growth conditions. We

did not see any evidence of a change in surface morphology due to a surfactant effect.

The incorporation of Mg seems to be close to unity although at the Mg cell temperature

of 216◦C there was some scatter, which we associate to polarity instability through

KOH etching and valence band XPS. There was no clear transition from In–polar to

N–polar; instead, the polarity seems unstable possibly due to the N–rich growth. The

electron concentration seems to stay within the range of 1019 cm−3 which was expected

from the single magnetic field Hall effect measurements. Whereas the electron mobility

reduced for a Mg cell temperature above 216◦C, that cannot be related to the surface

morphology and the ECV does not show the formation of a buried p-type layer until
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the Mg cell temperature was above 300◦C. It is therefore unlikely that the mobility

change is due to the formation of a depletion layer leading to the measuring of only

the surface accumulation layer.

From the optical measurements we observed two features in the photoluminescence

before the PL intensity is quenched. It should be noted that at present we now believe

that the quenching process is related to Auger recombination. The two features were

at 0.63 eV and 0.68 eV and temperature dependent photoluminescence of the two

PL features suggests that they are due to free electrons in the conduction band and

acceptor levels, with one being a shallow acceptor and the other a deep level acceptor.



Chapter 7

ZINC-DOPING OF III-NITRIDES

Often overlooked in the study of InN is the In-containing narrow band gap semicon-

ductor InAs which also suffers from an electron accumulation layer at the surface [225].

Zinc has been successfully used for p-type doping of InAs (EA = 16meV ) [226], with

incorporation typically achieved by diffusion. If for no other reason, zinc is therefore

another obvious dopant to try and dope InN p–type.

Zinc has also be used in Ga-V semiconductors, allowing for acceptors in gallium

arsenide (EA = 25− 40meV ) [227] and gallium phosphide (EA = 69meV ) [228]. Be-

fore p–type GaN was achieved using Mg, research was focused on Zn-doping. However,

heavy Zn concentrations rendered GaN films semi-insulating; the films never exhib-

ited p-type conductivity. Despite this, Pankove et al. was able to demonstrate the

first GaN:Zn based light emitting diode (LED) in 1971 [229]. This device consisted

of an undoped n-type region, a semi–insulating Zn-doped layer and an indium surface

contact. Devices emitted blue, green, yellow or red light depending on the Zn concen-

tration in the light emitting region [229]. Doping of GaN with a sufficiently high Zn

concentration results in semi–insulating GaN, as Zn compensates the residual donors

in GaN [230]. GaN:Zn layers are therefore useful in devices that require high-resistivity

buffer layers, and this may also be the case for InN:Zn. Zn doping of GaN introduces

four acceptor-like centres, corresponding to broad red (RL), yellow (YL), green (GL),

and blue (BL) luminescence bands peaking at 1.8, 2.2, 2.6, and 2.9 eV respectively

[231]. The UV PL peaks seen in undoped films are reduced in Zn–doped GaN, and a

large 2.75 eV band is present, believed to be associated with either a donor to acceptor

transition, or a conduction band to acceptor transition involving Zn [232].
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There have only been a couple of reports of Zn-doping of InN, both by Chen et

al. [233, 234], who studied the annealing of InN and InN:Zn to obtain p-type In2O3

[233]. They used sputtering to achieve the films and from the as-grown samples they

observed optical absorption edges of 1.8-1.9 eV for both the Zn-doped and undoped

material; with the conversion to In2O3 the absorption edge moved to 3.5 eV. The as-

grown Zn-doped InN films exhibited n–type conductivity, with carrier concentrations

of 5.6 × 1020 cm−3 and a Hall mobility of 14.6 cm2V −1s−1 [234]. The high carrier

concentration explains why the absorption edge is at such a high energy, due to band

filling leading to the Burstein-Moss effect. Oxygen contamination is a likely cause, as

are native defects, due to the growth technique.

7.1 OVERVIEW

To study the effects of the Zn-doping of InN a series of InN:Zn films were grown

under N–rich conditions on (111)YSZ and GaN; an additional series of films was grown

under In-rich conditions on GaN. The N-rich InN films were grown under the same

conditions as the Mg-doped films, while In-rich growth was done with an indium cell

temperature of 830◦C, corresponding to an indium flux of 9.1× 1014 atoms · cm−2s−1.

The effusion cell initially used for Zn doping was a 10 cc high temperature cell, designed

for temperatures in excess of 1200◦C. This meant that at the low temperatures required

for Zn doping (<300◦C) the zinc flux (fig. 7.1) was unstable. To resolve the issue with

the effusion cell, zinc was installed into a 60 cc effusion cell, allowing for better control

over the zinc flux at low temperatures. Due to the proximity of the zinc cell to the

indium and gallium sources, secondary heating from the indium and gallium sources

limited the lowest operating temperature of the zinc cell to about 70◦C. As with the

magnesium cell, the zinc flux was initially determined from theoretical curves, shown

in fig. 7.1.

To determine the exact Zn incorporation particle induced x-ray emission (PIXE),

performed by Dr. John Kennedy at GNS Science Ltd. was used to examine several

InN:Zn films. The technique employs bombardment with ions of sufficient energy (usu-

ally MeV protons) produced by an ion accelerator, which cause inner shell ionisation of
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Figure 7.1 Theoretical flux curve for zinc produced from the 10 cc and 60 cc effusion cells.

atoms in a specimen. Outer shell electrons drop down to replace inner shell vacancies,

however only certain transitions are allowed. X-rays of a characteristic energy of the

element are then emitted. An energy dispersive detector is used to record and mea-

sure these x-rays and the intensities are then converted to elemental concentrations.

Ignoring sample 604-InN:Zn which was grown with the high temperature cell, the zinc

concentration of the InN:Zn films increased with zinc flux (table 7.1). For the In–rich

films with the Zn cell temperature above 192◦C, the amount of Zn incorporated in-

creased with increased Zn cell temperature, as for the N–rich growth, although a lower

concentration was seen for the In–rich films (table 7.2). While the film grown with

the Zn cell temperature of 75◦C has the highest Zn concentration, it is close to the Zn

detection limit of 1 × 1015 atoms · cm−2, in part due to the background contributions

from the neighbouring Ga x-ray peak of the GaN substrates. The Zn content deter-

mined by PIXE is within an order of magnitude of the theoretical Zn flux curve (fig.

7.2), however for the PIXE determined Zn content neither the N-rich or In-rich growth

keep the same displacement from the theoretical curve with increasing Zn flux. This is

either related to a discrepancy in the theoretical curve or reduced incorporation of Zn,
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Table 7.1 Zinc doped InN films on YSZ(111).

Film Number Zinc Temp. Zinc conc. PIXE
(◦C) (atoms · cm−2)

617-InN:Zn 75 -
615-InN:Zn 100 -
604-InN:Zn 114 4.4× 1016

611-InN:Zn 127 -
610-InN:Zn 143 -
613-InN:Zn 192 1.8× 1016

612-InN:Zn 248 7.1× 1016

Table 7.2 Zinc doped InN films on GaN template.

Film Number Zinc Temp. Zinc conc. PIXE
(◦C) (atoms · cm−2)

N-rich growth
627-InN:Zn 75 -
621-InN:Zn 192 -
619-InN:Zn 248 -

In-rich growth
656-InN:Zn 75 8.9× 1015

653-InN:Zn 192 1.0× 1015

655-InN:Zn 248 3.1× 1015

although with such a small sample it is impossible to determine. It is unlikely that the

variability in the incorporation rate is due to polarity change, as there are no reports of

polarity reversal occurring in GaN:Zn, and KOH etching of the N–rich growth InN:Zn

films suggest that the polarity of the films does not change from In-polar. There is

a significant difference in Zn concentration between the N-rich and In-rich growths,

possibly due to differences in growth temperature, as the N–rich films were grown at

450◦C compared to 470◦C for In–rich growth. The indium droplets that occur on the

InN surface may also act as a blocking layer for the incorporation of Zn, or reduce the

rate of absorption of Zn, as an In-Zn liquid phase occurs around 470◦C.

7.2 ELECTRICAL AND OPTICAL PROPERTIES OF

ZINC–DOPED INDIUM NITRIDE ON (111)YSZ

Single magnetic field Hall effect measurements reveal essentially no correlation between

either electron concentration or mobility with Zn flux (fig. 7.3). For the InN:Zn films the
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Figure 7.2 Zinc incorporation into InN, grown under N–rich and In–rich conditions, as determined
using PIXE.

mobility values are clustered around 100 cm2V −1s−1, ranging between 43 cm2V −1s−1

and 150 cm2V −1s−1, while in the stable region of the InN:Mg series (Mg <230◦C)

the mobility values are around 170 cm2V −1s−1, possibly due to a surfactant effect

that Mg can have on nitride growth. In terms of carrier concentration the InN:Zn and

InN:Mg films exhibited a random spread of values centred around 1.8×1019 cm−3; given

the similar film thickness the surface accumulation layer will have a similar effect on

both film sets. Examining the carrier concentration as a function of Zn concentration,

an increasing trend (fig. 7.4) is apparent. The change in the electrical properties is

correlated to the surface morphology, as with increasing zinc content the films also

display a change in morphology with a relatively smooth surface occurring for the film

613-InN:Zn (Zn cell temperature of 192◦C) compared to the other two films that have

surfaces with the start of columnar growth, or inversion domains, as shown in fig. 7.5.

In order to better compare with the Mg doped films, ECV was also performed on

the series of InN:Zn films grown on (111)YSZ substrates under N-rich conditions (fig.

7.6). In the case of InN:Mg, Wang et al. [212] reported that the peak bias voltage (in

a C−2 versus voltage plot) increased with Mg concentration, except in the case of over
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Figure 7.3 Room temperature electrical properties from the InN:Zn films as a function of Zn cell
temperature.

Figure 7.4 Room temperature electrical properties from the InN:Zn films as a function of zinc
concentration determined by PIXE.
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Figure 7.5 SEM micrographs for the InN:Zn/YSZ(111) films grown under N-rich growth conditions
for Zn cell temperature of a) 75◦C, b) 192◦C and c) 248◦C.

doping (Mg >1.8× 1020 cm−3, slight different between polarities). With increasing Zn

cell temperature the position of the peak position moves monotonically to lower reverse

bias. This may be taken as an increasing amount of p–type conduction. However, as

has been pointed out by Yim et al. [100], a change in slope in C−2 versus voltage

plots can also be achieved for an n-type film if sufficient reverse bias can be applied to

flatten and then invert the band bending of the surface. Given the Hall effect results,

however, an alternative explanation is that the Zn doping leads to increased electron

concentration (directly or indirectly), moving the bulk Fermi energy deeper into the

conduction band and therefore requiring a smaller bias to achieve flat band conditions.

Of the films grown, the one with a zinc cell temperature of 75◦C was the only film

that exhibited PL. The signal was weak, as shown in fig. 7.7, although it was centred

around 0.6 eV at 70K. There is a water absorption line at 0.65 eV that obscures the

exact position of the peak. However, this does show that photoluminescence is possible

from InN:Zn films. The lack of photoluminescence is possibly due to a high electron

concentration (or hole) decreasing the emission efficiency due to donor-like (acceptor-

like) defects or impurities producing non-radiative recombination centers, which reduce

the carrier lifetime and the internal quantum efficiency [235].

7.3 ZINC–DOPED INDIUM NITRIDE ON GALLIUM NITRIDE

For the growth of InN:Zn/(111)YSZ variable magnetic field Hall effect (VFH) mea-

surements were not performed due to the unknown hole feature observed for InN
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Figure 7.6 ECV C−2 versus voltage plots for the InN:Zn/YSZ(111) films grown under N-rich con-
ditions.

Figure 7.7 4K photoluminescence from film 617–InN:Zn/YSZ(111) grown with a zinc cell tempera-
ture of 75◦C.
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Figure 7.8 SEM micrographs for the InN:Zn/GaN films. a) Zn cell temperature of 75◦C N-rich, b)
Zn cell temperature of 192◦C N-rich, c) Zn cell temperature of 248◦C N-rich, d) Zn cell temperature
of 75◦C In-rich, e) Zn cell temperature of 192◦C In-rich and f) Zn cell temperature of 248◦C In-rich.

on (111)YSZ [215]. Therefore, InN:Zn films were also grown on semi-insulating Ga-

polar MOCVD GaN templates to avoid this issue. With the re-evaluation of the InN

growth regime to produce higher quality InN by this time, as specified in chapter

3, the InN:Zn/GaN films were grown under In-rich conditions, and at the slightly

higher growth temperature of 470◦C. The surface morphologies obtained on the In-

rich growths showed an improvement compared to the films on (111)YSZ and GaN

grown under N-rich conditions, with a reduction of the pitting; in the case of the film

grown with the highest Zn flux, the columnar growth is largely suppressed (fig. 7.8)

due to a reduction of the diffusion energy barrier in the presence of an In-adlayer on

the surface.

With the improved film quality the electrical properties are also improved (table

7.3). This is not only due to the In–rich growth conditions, but also because the films

are over a micron thick, so the significance of the accumulation layer and substrate

interface will be reduced simply from a volume perspective. The Zn content is reduced,

due to the higher In flux and possibly the higher growth temperature. Due to the
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Figure 7.9 ECV measurements from the InN:Zn films grown under In-rich growth conditions, the
electrolyte was 0.2 Mol NaOH and 0.2 Mol KOH using a 1V ac bias voltage.

reduction of the Zn content the films did not exhibit the same ECV response, and the

shape of the C−2 versus Vbias curve is more representative of an un-doped or lightly

doped InN:Mg film (fig. 7.9). This would explain the high mobility and bulk electron

carrier concentrations. With such a small sample set, it is difficult to draw conclusions

regarding any direct correlation between carrier concentration and Zn content. Exam-

ining the InN:Zn/GaN films that were grown under In-rich conditions with variable

magnetic field Hall effect exhibited both high mobility electron and hole features (fig.

7.10 and table 7.3); the hole feature is likely a ghost peak as hole mobilities that high

are unexpected.

Photoluminescence from the In–rich InN:Zn samples was obtained using the 488

nm line from an argon laser (150 mW) and collected using an InSb detector. With the
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Figure 7.10 Variable magnetic field Hall effect measurements from the InN:Zn/GaN films grown
under In-rich conditions. Zn cell temperatures were a) 75◦C, b) 192◦C and c) 248◦C.



7.3 ZINC–DOPED INDIUM NITRIDE ON GALLIUM NITRIDE 173

Table 7.3 Results of multiple carrier fitting to variable magnetic field Hall effect data for the
InN:Zn/GaN films grown under In-rich conditions. In each case two distinct electron population could
be resolved.

Film Number Zn Cell Temperature Mobility Carrier Concentration Carrier type
◦C cm2V −1s−1 cm−3

653-InN:Zn 198 864 3.4× 1018 n–type
90 9.5× 1018 n–type

655-InN:Zn 248 875 3.2× 1018 n–type
143 2.1× 1018 n–type

656-InN:Zn 75 621 2.1× 1018 n–type
100 1.7× 1019 n–type

In–rich growth all the films produced PL spectra with multiple features, as shown in fig.

7.11. With increasing Zn cell temperature the intensity of the PL decreases and also the

features are shifted. The film (656-InN:Zn/GaN) grown with a zinc cell temperature

of 75◦C had a main feature at 0.677 eV, and two smaller peaks, one at 0.705 eV and

the other at 0.651 eV. The two features at 0.677 eV and 0.705 eV are seen in both

of the undoped InN films, so they are unlikely to be associated with the Zn-doping,

but possibly due to localisation of carriers. Carrier localisation can be due to random

impurity potentials or indium inclusions [220]. However, the activation energy is often

dependent on the carrier concentration, with films having a high carrier concentration

characterised by larger activation energies, which suggests a larger fluctuation of the

impurity potentials [220]. The inhomogeneous impurity distribution may produce a

density-of-states tail by electron-impurity interactions. Such a band tail localises the

photogenerated carriers and can be treated as an acceptor-type center [236].

To gain information about the activation energies of the features, film 656-InN:Zn

was measured as a function of temperature. The dominant PL feature exhibits a red

shift with increasing temperature, and above 150 K the PL combines into a single

feature peaked at 0.68 eV. The main feature at 0.677 eV shows an increasing width

with increasing temperature which can be attributed to thermal excitation of carriers

[237]. The variation of peak position with temperature has an S-shape characteristic

which is an indication of inhomogeneity of the carrier concentration [238]. Arrhenius

plots of the peaks at 0.677 eV and 0.705 eV with single and double energy activations

are shown in fig. 7.12, and summarised in table 7.4. The small activation energies of
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Figure 7.11 Photoluminescence spectra of the InN:Zn/GaN films that were grown under In-rich
growth conditions.

Table 7.4 Values from fitting the equations 6.1 and 6.2 to the temperature dependent photolumi-
nescence of Film 656-InN:Zn/GaN (fig. 7.12).

Io C1 E1 (meV) C2 E2 (meV)
Single path (0.677 eV) 13349 14.3 9.70
Double path (0.677 eV) 13684 332 37.9 5.00 6.34
Single path (0.705 eV) 3252 17.1 8.64
Double path (0.705 eV) 3550 76.7 16.2 1.26 2.39

6.3 meV and 2.4 meV agree with localised carriers [220]. The high activation energy of

16 meV can be related to conduction band to acceptor levels; shallow acceptors levels

are around 5–18 meV while deep acceptor states are typically 50–60 meV [239]. The

other high activation energy of 38 meV cannot be related to an acceptor level as the

peak position is at a higher energy, and so it is possibly a near band edge transition.

The film grown with a zinc cell temperature of 192◦C sees the reduction of the main

feature (0.677 eV), while the feature at 0.72 eV becomes the main feature, accompanied

by the appearance of a feature at 0.63 eV and also a weak feature at 0.545 eV. The film

grown with a zinc cell temperature of 248◦C (655-InN:Zn/GaN) sees all the features
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Figure 7.12 Arrhenius plots of the photoluminescence intensity versus temperature for peaks at a)
0.677 eV and b) 0.705 eV from film 656-InN:Zn/GaN.
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Table 7.5 Values from fitting the equations 6.1 and 6.2 to the temperature dependent photolumi-
nescence of Film 655-InN:Zn/GaN (fig. 7.13).

Io C1 E1 (meV) C2 E2 (meV)
Single path (0.719 eV) 261840 39.4 11.2
Double path (0.719 eV) 299072 9.33 6.15 178 25.5
Single path (0.668 eV) 356436 30.7 10.6
Double path (0.668 eV) 401758 5.96 5.39 67.7 18.6
Single path (0.602 eV) 117018 1.70 7.31
Single path (0.547 eV) 251909 2908 46.5
Double path (0.547 eV) 267389 1.92 8.41 44103 69.9

at similar intensities, with features at 0.710 eV, 0.661 eV, 0.607 eV and 0.547 eV.

Film 655-InN:Zn/GaN was analysed as a function of the laser excitation power. The

intensity of all the features increases with excitation power while the peak positions

only shift by 3 – 7 meV, with all of the peaks blueshifting except the feature at 0.547

eV. The blueshift can be associated with the band filling effect due to the increase of

the Fermi energy in the conduction band [235]. To further explain the four PL features

the films were also investigated as a function of temperature. The peaks at 0.719 eV

and 0.668 eV only redshift with increasing temperature and they have similar gradients,

suggesting that the components that make up these two peaks are similar. Peaks at

0.602 eV and 0.547 eV have an overall redshift, however the peak position also oscillates

which can be related to localised carriers. Plotting these features as (fig. 7.13) leads

to the calculated activation energies shown in table 7.5. Each of the features has a

low energy part which can be related to inhomogeneities in the carrier profile. The

activation energies of 25 meV (peak 0.719 eV) and 18 meV (peak 0.668 eV) are similar

to the activation energy for a transition from the conduction band to acceptor (5–18

meV). For the feature at 0.547 eV the activation energy is 70 meV which is possibly a

transition to a deep level acceptor [219]. The feature at 0.547 eV is possibly from the

Zn as it has not been seen in our undoped InN films, and Zn doping of GaN leads to

the reduction of the high energy features with a dominant low energy feature.

The InN:Zn/GaN films that were grown under N-rich growth conditions were ex-

amined by time dependent transmission to see if the observed trend in the photolumi-

nescence intensity could be related to Auger recombination. As with the InN:Mg films

the carrier lifetime is strongly reduced as a function of the Zn cell temperature (fig.
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Figure 7.13 Arrhenius plots of the photoluminescence intensity versus temperature for peaks at a)
0.719 eV, b) 0.668 eV, c) 0.602 eV and d) 0.547 eV from film 655-InN:Zn/GaN.
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Figure 7.14 Time dependent transmission from the InN:Zn films and also an undoped InN film
grown under N-rich conditions, and an undoped InN film grown under In-rich conditions.

7.14).

7.4 SUMMARY

For the study on InN:Zn a series of films were grown on (111)YSZ and also GaN. Films

grown on (111)YSZ were all n-type, while the Hall mobility did not have the same

reduction with Zn cell temperature as seen in the InN:Mg films. ECV measurements

suggest that the Zn is affecting the bulk carrier concentration although in this case it

may be due to the Fermi level moving further into the conduction band. It has been

reported anecdotally that high electron concentrations also lead to PL quenching, and

this would be consistent with the time dependent transmission measurement. When the

growth conditions were increased into the In-rich region, electrical properties of the film

were improved, which allowed the samples to be analysed by variable magnetic field Hall

effect. A hole feature was observed, however this is most probably a ”ghost” artefact

as the mobility of the holes was on the order of that of the electrons. Furthermore the

ECV measurements did not reveal a peak in the C−2 versus bias plot, which would

represent a p-type layer as seen in InN:Mg films. Photoluminescence of these high
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quality InN:Zn/GaN films exhibited multiple features at 0.710 eV, 0.661 eV, 0.607 eV,

0.547 eV. All of the features show localised carrier effects as determined by fitting to

the temperature dependent photoluminescence. The features at 0.710 eV and 0.661 eV

are possibly conduction band to shallow acceptor transitions while the feature at 0.547

eV could be related to a deep acceptor due to zinc.



Chapter 8

CONCLUSIONS AND FUTURE WORK

8.1 III-NITRIDE THIN FILMS

High quality single crystal InN and GaN were grown by plasma assisted molecular

beam epitaxy. Optimisation of film properties was performed by determining the onset

of metal-rich growth conditions. As already universally acknowledged for GaN, metal-

rich growth allows for significant adatom diffusion and therefore smooth layers. A

sufficiently high growth temperature should see the formation of gallium droplets sup-

pressed, however in this study the films grown always seem to feature metal droplets

on some portion of the surface. High substrate temperatures (790◦C) lead to reduced

electrical properties which is possibly due to the reduced surface quality due to decom-

position. InN is a more complex semiconductor to grow due to its low thermal stability;

for In-polar films the maximum substrate temperature is approximately 470◦C. Metal-

rich growth conditions improved the quality of the InN films, and also in the case of

growth on (111)YSZ the formation of micron sized cracks is also suppressed. However,

over time the indium droplets have an adverse effect on the InN electrical properties due

to the formation of InN platelets in the indium droplets formed through a vapour liquid

solid process. For the 5µm thick InN films a reduction in the indium flux is required

to reduce the indium droplet growth rate and thereby allow for further improvements

in the bulk electrical properties to µn = 1393 cm2V −1s−1 and n = 5.7× 1018 cm−3, as

determined by variable field magnetic Hall effect.

From the InN thickness dependent growth the electrical properties show a distinc-

tive improvement with film thickness. Due to the increased film thickness the effective
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volume contribution of the substrate interface and surface accumulation layer are de-

creased and therefore both experience a reduced effect on the bulk electrical properties.

Also with increased film thickness, it is expected that the defects from the substrate

interface will decrease with thickness as the threading dislocations self annihilate. The

bulk layer is still expected to contain point defects, which are also believed to cause the

well known surface accumulation layer. Using electrochemical capacitive voltage the

accumulation layer density was determined to be 9.2×1012 cm−2, slightly smaller than

other reported values of typically 3×1013 cm−2. For an InN film with thickness of 5µm

the single magnetic field Hall effect results are consistent with the more sophisticated

variable magnetic field Hall effect measurements demonstrating that it can be a reliable

technique for characterising thick (> 5µm) InN films. All the InN films exhibit a PL

feature at 0.6 - 0.7 eV, which can be related to a near band edge transition. Under

In-rich growth conditions the PL spectra contain several peaks and further studies are

required to understand their physical origin. For the 5µm thick film what appears to

be an LO photon replica was observed, suggesting overall a very high quality film in

which thickness has played a role in reducing the effects of defects from the 2.5% lattice

mismatch.

The GaN and InN films grown were of reasonable quality to characterise the elec-

trical and optical properties as well as to enable doping studies. However, there are

several improvements to the growth process that could still be performed. Issues with

uniformity and temperature control can profoundly affect the growth of III-nitrides,

and InN more so than GaN. Thermal uniformities maybe be improved through sputter

coating the back of the substrates with molybdenum and an indium layer to ensure

uniform wetting of the back surface with the InSn mounting layer between the sub-

strate and the molybdenum growth blocks, allowing for more uniform heat transfer

from the mounting block. This adds another degree of complexity, however, and also

means steps must be taken to not only protect the growth surface but to remove any

organics used for that purpose after cleaning. Determination of the film temperature

has historically been problematic although is recognised as significant parameter. The

newly installed BandiT absorption edge based system appears to be a viable solu-
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tion, at least when growing on a thick GaN layer. Using this system as the feedback

control to the substrate heater PID controller, in theory a constant film temperature

could be maintained. This may prove challenging but the benefits are likely to make

it worthwhile.

In this study it was seen that the InN/GaN and InN/(111)YSZ films relax in the

first several seconds (15 nm) of the growth, but the InN/GaN films do not completely

relax. A study into the strain would be interesting not only to see how films cope

with different lattice mismatches, but also whether over a long period if the strain

actually remains constant. For thick InN films, the number of threading dislocations

are reduced with increasing thickness, and therefore the strain should also plateau. The

newly acquired MOS laser interferometry system could be used to observe the strain

relaxation in the InN/(111)YSZ films. TEM should also be done on both of the 5µm

thick films, as they have differing electrical properties most likely due to variations in

indium flux, and this may allow for the issues with surface quality due to excessive

In-rich growth to be resolved.

Still to be resolved is the hole feature observed in the variable magnetic field Hall

effect data from the undoped InN/(111)YSZ films. From the variable magnetic field

Hall effect data the hole feature was maintained with reducing film thickness, except

when the film thickness was reduced to 5 nm, which is where the electrical properties

would be dominated by the accumulation layer. At this point it appears that the hole

feature may be an interface effect, but there is no good model at present. Therefore, a

technique like coherent Bragg rod analysis (COBRA) should be brought to bear [240];

samples have been prepared but at present the measurements have not been completed.

8.2 BRANCHING GALLIUM NITRIDE NANOWIRES

There is intensive interest worldwide in nanowires for device applications. Branched

nanostructures bring additional functionality depending on geometry. In this work,

by exploiting the non-uniformities in the gallium and nitrogen sources, self-seeded

(non-catalytic) GaN nanowires were grown including branching (hierarchical) GaN
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nanowires. A growth diagram for the GaN nanowires has been developed, although

it was determined that the main concern when growing such structures is being able

to produce the gallium droplets with proper size and shape to support the nanowire

growth. When the gallium flux is too high, the gallium droplets increase in size due

to the contact angle of the droplets being less than 90◦. GaN structures form inside

the droplets, similar to a liquid phase epitaxy growth, as revealed by simple etching.

To achieve mononucleation, which is required to nucleate a single wire, the gallium

flux needs to be at a level that ensures that the droplet is under equilibrium and con-

fines the growth under the entire droplet, therefore leading to a higher contact angle

and nanowire growth. In the present study this was done by using a complex heating

process that changes the growth regime at the surface to the intermediate or N-rich

regime after the initial gallium droplets were produced under Ga-rich growth condi-

tions. However, the exact gallium flux changes with each film growth, possibly due to

substrate mounting issues and the reliance on the non-uniformities of the gallium and

nitrogen beams. Once the nanowires are growing it has been shown that a Ga–rich

Ga:N ratio can lead to branching growth, while a reduction in the gallium flux leads

to tapered growth allowing for controlled growth of the nanowire diameter. However,

if the decrease in gallium flux is too severe the droplet will be completely consumed

and the nanowire growth is then terminated. With this control over the liquid droplet

the self-seeded growth process could allow for growth of specific nanowire structures

for unique devices compared to the standard vapour liquid solid process that uses an

external catalyst and lacks controllability. The branching growth seems to occur as

the growth of the trunk occurs. Several models were proposed for the growth but the

branch nucleation is more than likely due to excess build up of gallium on the nanowires

compared to other processes which stem from temperature instabilities.

The growth rate of nanowires, using the catalyst-free VLS process, can either be

diffusion or kinetic based. The diffusion based process is typical of MBE growth as the

active growth material arrives as adatoms and they can diffuse along the nanowire sur-

face to get to the liquid droplet, so smaller nanowires grow faster than larger nanowires.

In the kinetic model the supersaturation is affected by the diameter of the nanowire,
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with the supersaturation reducing for smaller diameter nanowires and therefore the

nanowire growth rate is reduced, while larger nanowires have higher growth rates. For

the nanowires that were 80 to 300 nm in diameter the growth rate of the nanowires

follows the diffusion based process. However, a lower diameter limit of 80 nm was also

observed, which suggests that supersaturation cannot occur for nanowires with diame-

ters less than 80 nm and this is one of the factors in the kinetic process. Moreover, on

the branching nanowire film micron sized wires were also produced which were several

hundred microns long, which is supportive of (or consistent with) the kinetic process

as wires with larger diameters grow faster than smaller diameter wires.

The growth of the GaN nanowires by the self-seeding process is presently hindered

by the shape and size of the gallium droplets. There are also reproducibility issues

due to the reliance on the non-uniformities in the MBE system that change with each

growth run and growth block. During this study it was shown that the nanowires

could be nucleated from a layer of gallium deposited on a GaN surface, however thicker

gallium layers did not support the nanowire growth. This may have resulted from the

gallium droplets being too large to nucleate an individual nanowire, therefore a study

into the droplet growth with gallium deposition time and also the shape of the gallium

droplets might improve the reproducibility of the nanowires. Also, monitoring the

growth of the gallium droplets under the Ga-rich growth regime might lead to further

understanding of the growth. The use of a patterned dielectric (e.g. SiO2) masking

layer might be a way of controlling the gallium droplet size and remove the uncertainty

in the gallium droplet production as a layer of gallium metal could be deposited instead

of using the Ga-rich growth to produce the nucleation droplets. InN has a low thermal

stability, therefore annealing of an InN layer to produce indium droplets might be a

way of exciting this type of self–seeding growth of InN nanowires.

In this study it was suggested that the nitrogen species can affect the nucleation and

growth rate of the GaN nanowires. Although this introduces many more parameters

to an already complex growth, if at higher atomic nitrogen levels, achieved by going to

high RF powers using the nitrogen plasma source, nanowire nucleation is improved this

would help us understand the self–seeding nanowire growth. Further identification of
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the nitrogen species can be explored by changing the aperture plate geometry as well

as the voltage on the ion removal plate. It should be noted that most of the nanowire

growth was done with a 488 hole aperture plate and with the recent change back to

the 276 hole aperture plate geometry the gallium flux required for the nanowire growth

still needs to be recalibrated.

8.3 NANOWIRE DEVICES

Both two point and three point planar GaN nanowire devices were fabricated, as well

as vertical GaN nanowire devices using the AFM and large contact pads. The results

from the two-point planar devices produced resistive values similar to published values

for CVD and MBE grown nanowires. Also we observe the pinch off of the nanowire at

a diameter of 100 nm due to pinning of the surface Fermi level. The FET structures

made using a back gate showed no modulation of the Ids current with gate voltage.

The GaN nanowires were able to detect UVC, with fast turn on and off transitions,

although sustained operation (10 secs) led to burnout of the nanowires. The three-

point contact device is affected by leakage current through the Schottky contact, which

sees the Ids current shifted with changes in the gate voltage when no current is flowing

through the drain-source terminals. Although the shift is not constant along the entire

Vds voltage sweep, amplification of the current occurs at the extremities of the voltage

sweep possibly from gating action of the leaky Schottky contact or self gating of the

metal contact.

The results from the vertical structures show clear evidence of Schottky contact

formation. The barrier heights from the AFM, and large contact pads, are consistent

with thin film Schottky diodes from the literature. The ideality factors are somewhat

larger, which is possibly due to the reduced size of the diodes leading to the tunnelling

current becoming a factor and therefore increased conduction occurs. Still these initial

devices represent proof-of-concept in that the potential exists for the structures to be

used in device fabrication.

Contacting the nanowires remains a major issue. The patterning process has been
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resolved but the metal-to-nanowire interface is problematic. Even though the annealing

experiments did not show any improvement, other groups have reported annealing (at

lower temperatures) and an improvement in the I-V characteristics. However, prior to

annealing they are able to measure a non-linear I-V, which we are not [241]. To improve

the contact, it might be worth investigating whether removing the Ti layer may be

beneficial, as it could be causing a high resistance interface to the nanowire. Lower

temperature annealing may also be worthwhile. Interestingly, it has been recently

shown that the growth temperature of the nanowires can greatly affect the nanowire

I-V results [242], indicating a detailed temperature study may be warranted.

For the three point contacts to the branching GaN nanowires it might be interesting

to try some ac inputs into the branching nanowire device. Also a better Schottky diode

to one, or multiple, contacts might make a better transistor structure (this would be

easier to fabricate as the Ti layer would not be required). For the vertical nanowires, the

introduction of a gate contact to make a FET would allow for the electrical properties

of the GaN nanowires to be fully characterised; this would require a SiO2 or similar

insulating layer to be deposited. The Schottky diodes could also be used for CV

measurements to gain information about the doping levels.

8.4 INDIUM NITRIDE DOPING

Considerable effort is now being directed at controlling the electronic properties of InN.

Several groups have reported success with Mg to achieve p-type materials, but many

questions remain.

As part of this work, a series of Mg doped films were grown in order to better ex-

amine the effect on electrical and optical properties. The incorporation of Mg into the

films seems to dip around a magnesium cell temperature of 220◦C (1.6 × 1010 atoms ·
cm−2s−1), which may be associated with polarity flipping and/or where inversion do-

mains form leading to a need for increased Mg flux to achieve the same concentration.

KOH wet etching is imprecise here, as the surface morphology was typically associated

with a mixed polar surface. Confirmation of this, and the instability of the surface
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polarity in general, was obtained by valence band XPS measurements. Polarity flip

has been observed by other groups, although they do not report changes in Mg incor-

poration. However, their growth was under In-rich conditions compared to the N–rich

growth that we have explored, which may affect the behaviour of Mg incorporation

as well as polarity stability. It has been reported that for GaN:Mg films grown under

Ga–rich conditions polarity flipping can be suppressed [217], which does not seem to

be the case for InN, at least based on the present study.

The behaviour of the InN:Mg films is consistent with what has already been re-

ported for In-rich growth. The carrier concentration remains approximately constant as

the accumulation layer and interface defects are expected to dominate Hall effect mea-

surements, due to the InN:Mg film thickness being only 450 nm. For the InN:Mg films

that exhibited strong PL, ECV was similar to that of undoped films, which suggests

that the change in the PL peak position from 0.68 eV to 0.61 eV may be associated

with a change in polarity. Temperature dependent photoluminescence reveals the 0.68

eV feature has an activation energy of 20 meV which is close to the expected 18 meV

for a shallow acceptor level. No 0.55 eV feature was observed, as was observed in one

film from the initial study of InN:Mg on GaN [45]. Initial time dependent measure-

ments show clear evidence of a pumping-dependent lifetime, characteristic of Auger

recombination. This effect is much more pronounced on Mg-doped samples, but sep-

aration of the hole contribution is problematic as all samples are compensated due to

the ever-present degenerate electron background even in very thick samples. Achieving

non-degenerate n-type material would be a strong step forward to a better understand-

ing of p-type samples.

The results from the Zn–doping of the InN/YSZ(111) and InN/GaN had several

commonalities with what has been seen in the Mg–doping InN studies and what has

been reported in the literature for InN:Mg films. For the growth under N–rich condi-

tions, which is what the InN:Mg films were also grown under prior to this study, the PL

is quenched with increasing zinc content. Only once the ECV from the InN:Zn films

was essentially the same as that of undoped films did the PL become easily detectable.

However, electrical properties were not consistent with the InN:Mg films, as instead of
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seeing the reduction in mobility observed with increasing Mg content, the mobility was

independent of Zn cell temperature and Zn concentration determined using PIXE. The

carrier concentration does not have a significant correlation to Zn cell temperature,

although the PIXE results suggest increasing n–type conduction with Zn content. For

GaN:Zn studies the carrier concentration shows a reduction with Zn cell temperature

and also the mobility undergoes the same trend, but these trends are not seen in the

InN:Zn films. This is most probably due to the surface accumulation layer and interface

layer. The In-rich InN:Zn/GaN films had the same electrical properties as the N–rich

growth, although due to reduction in the Zn content and improved crystal quality the

PL is more easily detectable. It would be worth growing a new series of InN:Zn films

under In–rich conditions and with a higher Zn flux to see if the PL is still quenched

in films with a higher crystal quality. In the PL a feature at 0.54 eV is observed in

the most heavily doped InN:Zn film. From previous work on InN:Mg/GaN a feature at

0.57 eV appears, which was assumed to possibly be the conduction band to acceptor

transition, determined to be 110 meV. The difference in the main PL peak (0.72 eV) to

the feature at 0.54 eV is 180 meV, which is deeper than Mg which is expected if Zn is

a deep acceptor in InN as it is in GaN. The activation energy for the 0.54 meV feature

is about 60 meV, which would suggest a deep level acceptor; the ionisation energy for

Zn in InAs is only 16 meV while for Ga based III-V semiconductors is around 60 meV.

The other peaks observed in the InN:Zn films have been observed in the undoped InN

films grown under In-rich conditions and they are either associated with a band to

band transition or conduction band to acceptor transition.

The accumulation layer still remains an issue that no one has been able to solve.

It has been shown that GaN and Ga-rich InGaN does not suffer from an accumulation

layer. Either using GaN, or InGaN, it maybe possible to cap the InN and block the

accumulation layer. However, GaN is typically grown at much higher temperatures

than InN, so the layer might have to be a gradient structure from InN to a InGaN layer

with an indium composition that is not affected by the accumulation layer. If a layer

could be deposited with a hole accumulation this might be able to flatten the bands.

Regardless, it is clear that despite progress in both material quality and obtaining p-
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type doping, in order to realise practical devices based on InN and In-rich InGaN, some

type of strategy to mitigate the effects of this accumulation layer is required.
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APPENDIX A: EBL PROCESS FOR CONTACTING
TO GAN NANOWIRES

Preparation of the Substrate

1. First a piece of substrate containing the nanowires is placed in high purity
methanol in a ultrasonic bath of 10 s, as a low quality solvent leads to residue on
the processing substrate and nanowires.

2. A drop of the solution (now containing freed nanowires) is placed on a SiN/SiO2

substrate.

3. The nanowire containing substrate is then baked at 185◦C to dry out the sample.

4. A bilayer of polymethyl methacrylate (PMMA) is applied: first a 4% low molec-
ular weight (LMW) layer is spun on at 3000 rpm and baked for half an hour at
185◦C, then following this a 2.5% high molecular weight (HMW) layer is spun
on at 4000 rpm and baked for half an hour at 185◦C. The bilayer has a total
thickness of 400 nm and due to the different weight of the PMMA layers an under-
cut is introduced when developed; as at the same energy dose the low molecular
weight is overexposed compared to the high molecular weight PMMA, therefore
improving the lift-off of the metal. This resist layer is used to create contact
markers.

Pattern and Contact Fabrication

1. The actual contact process begins by locating a target nanowire with single scans
of the e-beam, which allows for the surface to be viewed without exposing the
resist.

2. Markers are exposed around the nanowire and then a Ti/Au (20 nm/ 40 nm)
bilayer is evaporated on, using a thermal metal evaporator.

3. Boiling acetone is then employed to ensure a clean lift-off of the metal.

4. Using the markers, the nanowires are imaged with the SEM and a contact mask
is designed.
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5. The substrate is then coated with a double layer of the PMMA bilayer to increase
the total PMMA thickness to 800 nm.

6. The resist thickness allows for Ti/Au contacts as thick as 120 nm to be fabricated,
which has enabled current–voltage measurements to be made.

Using the new process it is possible to contact four branching GaN nanowires with
three contact pads each in a total of ten hours fabricating time.


