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Abstract 

 

The growth mechanisms conditioning the structural, optical and electrical 

properties of SnO2 films grown by Molecular Beam Epitaxy (MBE) was studied in 

this work. MBE proved to be an extraordinary technique for producing high purity, 

single crystalline SnO2 thin films, with a precise control over the growth process 

as evidenced by the atomically abrupt interfaces routinely obtained during this 

work.  

The interplay between the arrival rate of the atoms and their diffusion once 

adsorbed onto the surface of the substrate was shown to be the key aspect in 

determining the growth mode and the crystalline quality of the films. This was 

evidenced by the transitions between polycrystalline, Volmer - Weber and Frank 

- van der Merwe growth modes observed in RHEED studies on the surface 

crystallinity of the films and by the AFM and SEM analysis of their surface 

morphology. 

XRD investigations evidenced and improvement in the spacing of the atomic 

planes with increasing substrate temperature and decreasing cell temperature, 

associated to higher diffusion of the adatoms and lower arrival rates, respectively. 

XRR and RHEED studies evidenced that the first atomic layers deposited onto 

the substrate act as a lattice matching buffer that accommodates the mismatch 

between the substrate and the film. Consequently, the strain due to the lattice 

mismatch is distributed and epitaxial growth is observed after five atomic layers 

have been deposited. These studies were essential for optimising the growth 

protocols, which allowed obtaining single crystalline SnO2 films of exceptional 

quality, presenting highly coherent lattice planes with XRD -scan peaks 

exhibiting less than 0.5º FWHM.  

The electrical characteristics of the material were enhanced by means of Sb 

doping without degradation of the optical and crystalline properties. As a result, 

tin oxide films with resistivities ranging from 1 mΩ.cm up to 1kΩ.cm and beyond 

could be controllably and reproducibly obtained.  
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These films exhibit carrier concentrations between 1016 cm-3 and 1021 cm-3, 

carrier mobilities as high as 30 cm2 / V.s and plasma edge beyond 14 μm, thus 

resulting in a material with extraordinary potential for transparent electronics. 

The limits for the coexistence of optical transparency and electrical conductivity 

were explored in these single crystalline SnO2 films. The increase in carrier 

concentration from 1018 cm-3 to 1021 cm-3 is accompanied by a 40 nm broadening 

of the transparency window in the UV. This is as a consequence of the blue shift 

in the optical band gap due to the Fermi level rising inside the conduction band 

(Burstein-Moss effect). In the IR portion of the spectrum, this increase in carrier 

concentration produced a reduction in the transparency window larger than 1μm 

as a result of the blue shift of the plasma frequency with increasing carrier 

concentration.  

Upon UV illumination, the SnO2 films exhibit a sharp increase in the electrical 

conductivity, followed by a slow recovery of the initial condition after the light 

source is removed. The increasing recovery time observed with decreasing air 

pressure, increasing temperature and carrier concentration suggests that a 

desorption/adsorption mechanism at the surface of the films is responsible for the 

PPC observed in SnO2. This mechanism produces an increase in the surface 

potential and the buit-in electric fields that bends the bands upwards and reduces 

the recombination rate of photo-generated electrons with holes, thus sustaining 

the enhanced conductivity of the material. 

Finally, SnO2-based diodes presenting rectification ratios of up to 6 orders of 

magnitude and leak currents in the order of pA were obtained in intrinsic and Sb-

doped SnO2 films. When combined with the studies on PPC, these results open 

the door to new exciting technological applications. 
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Chapter 1         

          

 Introduction to metal oxides 
 

1.1. Overview 
 

Over the past few decades, the research on metal oxides has seen an 

exponential growth, fuelled by the interest in the wide variety of properties they 

present and their potential for technological applications.  

As a result of this research, the properties of metal oxides have been extensively 

exploited in a significant number of applications such as data storage1,2, 

electronics2,3, sensing devices3-5, cosmetics6, drug delivery7,8 and coatings for 

chemical, optical or mechanical enhancement of surfaces9-11. 

In recent years, the search for understanding and controlling the properties of 

metal oxides, together with the advances in nanofabrication and characterisation 

techniques, have opened new possibilities both for basic research and for novel 

technologies. Today, the interest in metal oxides transcends the domains of 

physics and chemistry, encompassing fields as diverse as medicine7, 

biochemistry12 and energy harvesting13. Figure 1.1 presents the number of 

scientific publications on metal oxides over the last few decades and the 

contribution of different disciplines. 

The first chapter of this work is a succinct overview on the properties of metal 

oxides. The three sections that constitute the chapter address some of the 

characteristics that make metal oxides such appealing systems, while presenting 

their most interesting aspects. 



15 
 

The intention of the successive sections is to discuss a special case or a 

particular aspect of the previous one, thus narrowing down the scope while 

deepening the description of the topic in hand. 

The second section of this chapter presents an introduction to the most relevant 

properties studied over the past few decades in metal oxides. Some of the well-

established applications for such systems are discussed, together with the most 

interesting technologies the research on these materials promises to bring in the 

near future. 

The third section focuses on a particular kind of oxides, which is at the centre of 

the latest technological applications of these materials. Transparent conducting 

oxides (TCOs) are metal oxides that have the rare characteristic of combining 

optical transparency and low electrical resistivity. These types of oxides are of 

utmost relevance to the present work, and their associated properties and 

mechanisms will be discussed in the following chapters. 

Most of the concepts outlined in these sections will set the basis for the second 

chapter of this work, which encompasses the description of a particular case of 

transparent conducting oxide, namely the oxides of tin. The growth, 

characterisation and applications of tin oxide is the topic of the rest of this work.  

While most of the properties of this particular oxide will be addressed repeatedly 

throughout this thesis, it is the intention of these first chapters to summarise the 

research that has been done on this system in the past. The structural, optical 

and electrical characteristics of tin oxide presented herein are of great relevance 

to this work and will be referenced in subsequent chapters. 
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Figure 1.1 – Scientific publications on metal oxides over the last few decades and the 

contribution of different disciplines. The increasing interest in metal oxides is 

evidenced by the growth of scientific articles being published on a diversity of areas. 

(after Web of Science – Clarivate Analytics – February 2017) 

 

1.2. Introduction to metal oxides (MO) 
 

When exposed to atmospheric conditions almost all metals develop a thin oxide 

layer that surrounds the bulk and usually prevents the oxidation process from 

progressing further inside the material. It has been suggested14,15 that the 

characteristics of this oxide layer rather than the bulk metal is what determine the 

reactivity of the surface. The surface reactivity in turn is expressed 

macroscopically through properties such as catalytic response, adhesion and 

wettability. 

The surface reactivity of metal oxides is often exploited for its capabilities as a 

template medium and for localised and enhanced catalysis applications. For 

example, readily available metal oxides such as TiO2 and SiO2 have recently 

shown to be excellent template materials for selective growth and 

functionalisation of metallic nanoparticles16-19. Moreover, the surface selectivity 

of these oxides, combined with their particular optical properties, have allowed 

researchers to manipulate light in the nanoscale and to design plasmonic-

photonic metamaterials.19,20  
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When combined with Raman spectroscopy techniques, these materials have 

proven to be successful in increasing the sensitivity of the technique, especially 

in the detection of low concentration species.19 

The electronic characteristics of metal oxides span a considerable range of 

properties, ranging from insulators21,22 to wide band gap semiconductors23-27 and 

superconductors28-30. Some of these oxides present the unusual combination of 

relatively high electrical conductivity (either in their pure form or by means of 

doping) with transparency in the visible range of the spectrum26,27. This rare 

combination, further described in section 1.3 and addressed again in Chapter 5, 

makes these oxides particularly appealing for optoelectronic applications. 

Magnetic oxides on the other hand, have been ubiquitous materials in data 

recording devices and media for the last half a century. The fact that magnetic 

storage media have only recently started to be replaced by solid state devices 

(which are also based on metal oxides) shows just how much modern technology 

relies on these materials and hence the importance of its research.  

Taking advantage of both the electrical properties of metal oxides and their 

chemical reactivity, gas sensing became an intense area of research in recent 

years. Highly sensitive gas sensing devices have been obtained by exploiting the 

variation in the electrical properties of the oxides when exposed to oxidising or 

reducing agents, with some of them becoming the industry standard for CO, CO2 

and smoke detection31. While the sensitivity and selectivity of different oxides 

towards a variety of gases have been studied for decades, new boost has been 

observed in recent years with the advances of micro and nanofabrication 

techniques. In this sense, the research on nanostructured and mesoporous metal 

oxides continuously produces materials with increasingly large surface/volume 

ratio, thus enhancing the sensitivity of the devices and reducing their detection 

threshold. 

Despite their potential for technological application and their relevance for basic 

research, the focus of metal oxides studies has mainly revolved around a handful 

of traditional oxides such as TiO2 and SiO2.  
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This rather limited approach is usually attributed to three main issues that 

complicates the study of the less traditional oxides: 

 The lack of commercially available, high quality oxide surfaces and single 

crystals. 

 The absence of established methods and protocols for growing good 

quality materials in a reproducible manner.  

 To some extent, the insulating nature of many oxides in their stoichiometric 

form, which imposes the need for additional processing steps to render 

them usable for most applications. 

One of the most effective ways to overcome these limitations is the growth of 

metal oxide thin films by molecular beam epitaxy (MBE) methods. The use of 

such methodology allows not only to obtain high purity oxides which are 

unavailable in bulk form, but also to selectively grow different crystal orientations 

of the same oxide. In this sense, a careful design and control of the growth 

protocol allows monocrystalline films of a wide variety of oxides in most of their 

crystal orientations to be attained. Moreover, in situ doping of metal oxides can 

be performed in pursuit of increasing the oxide’s electrical conductivity or tuning 

its carrier concentration and mobility. 

Crystal growth by MBE techniques requires a significant number of 

considerations to be taken into account. A substantive knowledge of the material 

being grown and the crystal structure pursued is of the essence to attain high 

quality samples. In addition, developing a successful growth protocol requires a 

considerable number of iterative attempts and a survey of a large parameter 

space, which can become very time consuming. However, once the protocol is 

optimised the quality of the material is difficult to match, thus making MBE grown 

films ideal platforms both for probing the ultimate limitations of the material and 

for developing highly controlled meta-structures.  

A detailed discussion on MBE growth of thin films, along with some of the most 

important considerations to be taken into account when designing a growth 

protocol will be presented in Chapter 4. 
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Among the different kinds of metal oxides currently being under study, 

transparent conducting oxides (TCO) combine two seemingly incompatible 

characteristics: high optical transparency and low electrical resistivity. The limits 

of these materials are continuously being pushed, with new applications being 

developed both for basic research and for commercial purposes. In this context, 

MBE growth plays a predominant role not only by providing the highest purity 

material possible, but also enabling a precise control of the optical and electronic 

characteristics by means of tuned growth protocols and controlled doping.  

In the next section a general overview of this very special kind of oxides will be 

presented, along with a description of some of the fundamental reasons that 

make high transparency and low resistivity so rare to find simultaneously and why 

transparent conducting oxides are therefore so special. 

 

1.3. Transparent conducting oxides (TCOs) 
 

The recent explosion of both consumer electronics and industrial applications 

where transparent electronics are required has renewed the interest in 

transparent materials with high electrical conductivity. The massive development 

of touch screens and LED displays, and the increasing interest in applications 

requiring materials that can carry electrical currents while presenting optical 

transparency are just some of the reasons why transparent oxides are currently 

the subject of such intense research. 

Active windows that can change their transparency to save energy, to control the 

natural illumination in a room or to affect the visibility from the exterior have 

become commercially available in the past decade thanks to the advances in 

transparent semiconductors. Displays and screens that enable the projection of 

data onto transparent windows and just recently onto reading glasses, promise 

to revolutionise the way people interact with data and media, much like the 

advancement in touch screen devices has changed the way we understand 

mobile communications and portable computing. 
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New transparent conducting materials are continuously being sought for 

improving the efficiency of solar panels. Transparent conductors can provide 

interconnectivity of the cell elements without obstructing the path of light to the 

active material, and therefore operate without diminishing the energy density of 

the cell like opaque conductors do.  

Finally, smart windows with embedded electronics able to do computing while 

maintaining their transparency, or that can take advantage of the UV light for 

energy purposes while letting the visible light go through, are some of the 

promises of the so called “smart buildings”. These capabilities could turn every 

window into a computing or energy harvesting unit thanks to the research and 

development on transparent semiconductors27,32,33. 

Given that most of the materials that show high electrical conductivity are opaque 

while most of the transparent materials are electrically insulating, special interest 

arises for that unusual kind of materials that simultaneously exhibit good electrical 

conductivity and optical transparency. Among such materials, the most widely 

studied and used have been some binary metal oxides such as In2O3, ZnO and 

Ga2O3. All of these oxides present relatively high n-type carrier concentration, 

which is usually increased by doping or even alloying the oxide with Sn or F, Mg 

and In respectively24,25,34. These oxides are transparent in the visible portion of 

the spectrum and they exhibit wide band gaps, typically beyond 3 eV.  

While transparent in the visible range, TCOs’ transparency is limited both in the 

UV as well as in the infrared portion of the spectrum. Furthermore, the pursuit of 

higher conductivity in TCOs usually diminishes their optical transparency. This is 

clearly evidenced in Figure 1.2, where the decrease in the transparency window 

is shown to accompany the increase in conductivity of SnO2 films. 



21 
 

  

Figure 1.2 – Transmission spectra of SnO2 thin films grown in this work, where the 

decrease in transparency resulting from the increase in conductivity can be observed.  

 

For short wavelengths, the transparency limit of TCOs is determined by the 

material band gap, where the conductivity plays a secondary role. In this regime 

the transmission is mainly limited by the absorption of incident photons, producing 

electron transitions from the valence to the conduction band. Despite its 

secondary role, the effect of the electrical conductivity on the UV-visible 

transparency limit in TCOs is not always negligible. Chapter 2 will present a 

description of the mechanisms involved in this limit, while a discussion of their 

consequences will be addressed in Chapter 5 in light of the results obtained for 

the SnO2 films grown throughout the present work. 

For long wavelengths, the limit in the transparency is imposed by the plasma 

oscillation frequency that shifts to higher energies as the electrical conductivity 

increases. Below the plasma frequency, the permittivity of the material becomes 

negative and the amplitude of the incident wave decays exponentially. This 

means that for highly conductive films only short wavelengths are able to 

propagate through the material, thus narrowing the transparency window on the 

IR side as evidenced by Figure 1.2.  
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A detailed analysis of this limit is presented in Appendix I, where the restrictions 

for obtaining transparent and yet conductive materials are investigated in the 

context of Drude’s free electron model.35-37 An important result of these 

investigations is that tuning the concentration of charge carriers in order to 

increase the electrical conductivity of the TCO produces a larger reduction in the 

transparency window than acting on the carriers’ mobility. 

In practice, the mobility of the charge carriers can be increased by creating 

samples of better crystalline quality, highly oriented and with fewer defects. The 

study of growth mechanisms and the tuning of growth protocols are therefore of 

great importance in the search for better materials in which high electrical 

conductivity can be attained without degrading their optical performance. In this 

sense, molecular beam epitaxy is one of the most successful techniques for 

growing highly oriented single crystal TCOs, and thanks to the unmatched quality 

of the samples attainable, the ultimate limits of the material can be explored.  

Given the trade-off between the transparency window and the electrical 

conductivity described here (and addressed in more detail in Appendix I), it is no 

surprise that materials in which both characteristics can coexist are extremely 

rare and worthy of study. Although the reason for the coexistence of relatively 

high electrical conductivity and optical transparency is not completely clear38-40, 

and even though it depends on the metal oxide under study, Batzill and Diebold15 

have summarised general properties present in most of the transparent 

conducting oxides known to date, that might explain the unusual character of 

these materials: 
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1) Wide optical band gap 

 

The existence of a wide optical band gap in TCOs means that inter-band 

transitions can only occur for light in the UV portion of the spectrum, thus 

rendering the material transparent both to visible and to infrared light. 

The latter, however, is hindered by the plasma frequency cut-off 

mechanism previously described. In consequence, the transparency 

window of the wide band gap metal oxides usually lies in the visible to 

near infrared portion of the spectrum, between 400 nm and 1500 nm.  

 

2) Dopants 

 

The origins of the carriers that contribute to the conductivity on TCOs 

largely depend on the oxide under consideration, and most of the 

mechanisms by which they emerge are still being studied. However, it is 

generally accepted that either intrinsic defects or impurity dopants are 

responsible for the electrons transferred to the conduction bands in 

undoped metal oxides. Among the candidates for intrinsic defects are 

oxygen vacancies and interstitial metallic phases or sub-oxides.38 The 

origins and mechanisms by which this unintentionally doping is thought 

to occur will be discussed in the next chapter and will also be addressed 

in several of the studies detailed in subsequent chapters of the present 

work. 

 

3) Conduction band 

 

First principles energy band calculations23,39-42 such as the ones 

presented in Figure 1.3 for Sn, Ti and Zn oxides show that most TCOs 

present a highly dispersed s-type conduction band with a single 

minimum. It has been suggested15 that these features cause the 

conduction electron’s effective mass to be low, which in turn results in a 

uniform charge density, with a low number of scattering events. These 

conditions would contribute to the high mobility of the conduction 

electrons and hence to the electrical conductivity of the material. 
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4) Gap in the conduction band 

 

Band structure calculations of some TCOs39,41 have revealed the 

presence of large gaps within the conduction band of these materials. It 

has been argued15,43 that the existence of these gaps prevents visible 

photons from being absorbed and therefore favours the transparency of 

the metal oxide. 

 

   

Figure 1.3 – First principles band structure calculations of (left to right) SnO2
39, TiO2

23 

and ZnO40, showing the presence of a single minimum and of large gaps in the 

conduction band. These features are common to most TCOs and suggest why 

transparency and high mobility can coexist in these materials.  

 

In the current section, some of the common characteristics of TCOs have been 

discussed and an analysis of the trade-off between the optical transparency and 

electrical conductivity observed in these materials has been presented.  

In the next chapter a more detailed description of tin oxide, the central material 

of this work, will be undertaken and some links between its structural, electrical, 

optical and surface properties will be suggested, in light of the current 

understanding of the underlying mechanisms that govern these properties. 

  

(a) (b) (c) 



25 
 

  



26 
 

 

 

Chapter 2         

          

 Properties of Tin Oxide 
 

2.1. Overview 
 

While relatively unexplored compared to other easily available metal oxides such 

as ZnO, TiO2 and Indium Tin Oxide (ITO), tin oxide is one of the most promising 

binary oxides given its current and potential technological applications.44-50 

Transparent contacts for solar cells and active material for gas sensors are the 

main industrial applications where the use of tin oxide is well established31. These 

devices exploit the optical transparency with high electrical conductivity present 

in tin oxide and its highly sensitive surface chemistry, respectively.  

Most of the research conducted on tin oxide has been focused on its chemical 

and electrical properties, mainly pursuing better, more sensitive and highly 

selective gas sensing devices. In this sense, tin oxide has excelled both in 

laboratory implementations as well as in commercial sensors, and its unmatched 

performance makes it the most used material in gas sensing applications to 

date.31,51,52 

In recent years, novel applications such as contact materials for displays, 

transparent thin film transistors, optoelectronic devices and coatings for energy 

conservation and smart windows have renewed the interest in basic and applied 

research of tin oxide. Driven by this interest, considerable work has been done to 

understand and control its growth mechanisms as well as to tune its structural, 

electrical, optical and chemical properties. 
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Transparent and conductive tin oxide films were first obtained by McMasters53 in 

1942 and by the late 1970’s extensive research had already been conducted on 

the electrical and optical properties54-61. The initial interest in tin oxide was mainly 

motivated by its potential for what Mancifer called “photocell technology”58.  

The appearance of other transparent conducting oxides (TCOs) such as TiO2 and 

ZnO, which could be obtained both in the form of thin films or as bulk single 

crystals in a more straightforward and practical fashion, turned the interest of 

research away from tin oxide and focused most of the investigations on these 

new commercially available single crystals. This approach provided the benefits 

of studying standardised, readily available materials while avoiding the laborious 

task of growth. 

Although bulk tin oxide is not commercially available, and despite the consequent 

limitation in the study of its properties, it is possible to obtain bulk material via 

vapor-phase reaction methods. Bulk single crystals have been grown in the past57 

and recent works15,62,63 have promoted the growth of bulk SnO2 crystals for 

structural and surface investigations purposes. 

It has also been suggested that the wide variety of self-assembled tin oxide 

nanoscale materials recently discovered, such as nanodiskettes, nanobelts, 

cubes, needles and nanowires is renewing the interest in the properties of tin 

oxides64-69. Many of these structures exhibit enhanced gas sensing properties, 

and their low dimension nature is expected to contribute to their radiative 

capabilities and to their potential as UV sources15,65,70. Finally, these structures 

are also expected to contribute in the development of emergent fields such as 

dilute ferromagnetic oxides.71,72 

Despite the incentive to grow bulk SnO2 crystals and the interest in the novel 

nanostructures recently obtained, high quality thin films are probably the most 

appropriate niche where tin oxides can excel, given the current interest in TCOs. 

Recent studies73-77 have suggested not only the possibility of enhancing the 

electrical conductivity of the oxide while maintaining its transparency, but also the 

potential of the multi-valence character of tin for developing more efficient 

transistors, diodes and light emitting devices77,78.  
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In order to exploit the potential of tin oxide, a better understanding and control of 

the growth mechanism is of the essence. The availability of high quality material 

would allow basic research on the optical, electrical and surface properties to be 

conducted, and to ultimately tune its characteristics for specific applications.  

Given the scarce number of studies on the growth of single crystal tin oxide 

films79-82, it is the intention of the present work to contribute by undertaking the 

study of tin oxide thin films grown by molecular beam epitaxy. Chapter 4 will 

present a description of the technique, an account of the most relevant 

parameters considered when developing growth protocols and their effects on 

the structural properties of the films. Chapter 5 will discuss the optimisation of the 

protocols for growing the high quality tin oxide films obtained in this work. The 

study of structural, optical and electrical properties of intrinsic and doped SnO2 

films will be the subject of Chapter 5 and Chapter 6. 

In the remaining sections of the current chapter a brief overview of some of the 

characteristics of tin oxide will be presented, to familiarise the reader with the 

main properties relevant to the present work. 

 

2.2. Crystal structure and phases 
 

Thanks to the dual valence of tin atoms, associated with oxidation states +2 and 

+4, two stable oxides of tin can be obtained. Stannic oxide (SnO2), corresponding 

to Sn(+4) is the most stable and best characterised of all the oxides of tin. In 

contrast, the properties of stannous oxide (SnO) corresponding to Sn(+2) are not 

as well known, mainly due to its relatively unstable nature that makes it readily 

turn into SnO2 upon further oxidation. 

Other oxides, usually reported as intermediate tin oxide phases, are rarely 

studied and no agreement on their stoichiometry has been reached. Generally 

described as Sn3O4
83-85 or Sn2O3

82,86, these intermediate states are thought to 

contain a mixture of Sn(+2) and Sn(+4). However, being intermediate and unstable 

states of SnO - SnO2, the reproducibility is quite limited and only a few studies on 

their properties are available.  
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The phase diagram shown in Figure 2.1 depicts the conditions under which these 

oxides have been reported at atmospheric pressure. 

In the rest of this work, “tin oxide”, “tin dioxide” and “stannic oxide" will be used 

interchangeably when referring to SnO2 (Tin (IV) Oxide by IUPAC nomenclature). 

When referring to tin oxides of alternative stoichiometry, the chemical equation, 

the corresponding IUPAC name or the traditional nomenclature will be stated. 

 

 

Figure 2.1 – Atmospheric pressure Sn-O phase diagram showing the set of 

parameters where intermediate and unstable oxides of tin have been reported. 

Adapted from ref.15 

 

Stannic oxide (Cassiterite in its mineral form) crystallises in a rutile structure with 

a tetragonal unit cell of the group P42/mnm and lattice constants a=b=4.7374Ǻ 

and c=3.1864Ǻ15. Each Sn is surrounded by a distorted octahedron of O atoms 

which make Sn atoms six fold-coordinated to threefold-coordinated O, as 

depicted in Figure 2.2.a. A more dense orthorhombic configuration of SnO2 has 

also been reported87 although only a few studies on its characteristics are 

available, presumably due to the high pressure conditions required for obtaining 

it. 
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Due to its tetragonal unit cell, four surface terminations are attained in SnO2 

crystals, corresponding to the (100), (001), (110) and (101) crystallographic 

orientations. These surfaces present lattice constants of a/b=4.74Å/3.19Å, 

a/b=4.74Å/4.74Å, a/b=6.70Å/3.19Å and a/b=5.72Å/4.74Å respectively, as shown 

in Figure 2.2.b. 

 

(a) 

 

(c) 

 

(b) 

 

 

Figure 2.2 – (a) Stannic oxide (SnO2) unit cell and (b) the corresponding low index 

crystalline planes. (c) Bulk SnO2 crystal grown by vapour phase reaction methods (from 

ref57). 

 

The study of the surface terminations attainable is of significant relevance for 

determining the properties of the material. Different terminations can affect 

“chemical” aspects such as hydrophilicity, chemical sensitiveness and 

selectiveness, and condition the potential of the material for sensing applications. 

Surface crystallinity and sheet conductivity also depend on the surface 

termination, which could therefore have an impact on the material´s performance 

in optoelectronic applications. 
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Extensive experimental and theoretical studies have been conducted on the 

surfaces of stannic oxide88-92 to obtain insight into its physical and chemical 

properties. Among these studies, the work done by Oviedo and Guillán89,90 is of 

particular interest.  

It describes the energetics and structural characteristics of the surfaces of SnO2 

from first principles calculations, based on density functional theory. Their 

calculations are in agreement with partial results previously obtained in other 

groups88,91 and show a complete picture of the energies involved in the formation 

of the different surfaces of stannic oxide. Some of their results are presented in 

Table I, showing that the (110) surface presents the lowest energy surface, 

followed by the (100), (101) and (001) orientations.  

 

Table I – Surface energies for relaxed stoichiometric surfaces obtained in the 

generalised gradient approximation (GGA) and shell model 

Surface 

Suface Energy 

 [Jm-2] 

(GGA model)89,90,92 

Suface Energy 

[Jm-2] 

(Shell model)88,91 

 

Layer 

(110) 1.04 1.38, 1.40 O(-2) –Sn2O2
(+4)-O(-2) 

(100) 1.14 1.66, 1.65 O(-2) –Sn(+4)-O(-2) 

(101) 1.33 1.55, 1.55 O2
(-4) –Sn2

(+8)-O2
(-4) 

(001) 1.72 2.36, 2.36 Sn2O(0) 

 

The fact that (110) is the surface with minimum energy can be inferred from 

electrostatic considerations upon observing the configuration adopted by the 

surface atoms in different crystallographic orientations. The atomic configuration 

of SnO2 surfaces shown in Figure 2.3 indicates that the (110) orientation presents 

the lowest density of dangling bonds. It is therefore reasonable to expect this 

surface to have the lowest formation energy. 
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Although obtained under a few layers “slab” constraint, the trend presented in 

Table I for the different surface energies correlates with the macroscopic 

observations in bulk single crystals grown by Helbig’s group15,57,61. It can be seen 

on the crystal shown in Figure 2.2.c, that the (110) face is the one presenting the 

biggest area, just as expected given its low formation energy. On the contrary, 

the (001) face is not present at all, since the development of the more 

energetically favourable orientations hinders its growth. 

 

 

Figure 2.3 – Low index surfaces of stoichiometric SnO2, corresponding to the (a) (110), 

(b) (100), (c) (101) and (d) (001) orientations. Grey and red spheres represent tin and 

oxygen atoms, respectively. It can be noted that the (110) surface has the lowest density 

of dangling bonds of all low index surfaces while the (001) surface has the highest, 

suggesting they will present the lowest and highest surface energies, respectively. 

 

(a) 

(c) 

(b) 

(d) 
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When compared to the numerical predictions presented in Table I, the areas 

corresponding to (100) and (101) faces observed in Figure 2.2.c do not seem to 

correspond to the expected trend. This apparent discrepancy can be understood 

in terms of the competing growth mechanism involving the (110) and (100) faces, 

the latter being hindered by the growth of the former, which presents the lowest 

surface energy.  

This inversion in the order of the surface energies is consistent with the results 

obtained by Mulheran91 and Slater et al.88 using a shell model instead of the 

generalised gradient approximation approach89,90,92. Unlike the majority of ionic 

and semi-ionic crystals, the surface energies in SnO2 do not correlate with the 

inter-planar spacing.88 Some degree of correlation has been found between the 

surface excess energy, defined as the difference between the total surface 

energy and the bulk energy, and the corresponding 2D cell area91. However, it is 

thought that the small difference between the reported energies, along with the 

stability of higher index surfaces, make SnO2 surfaces rather complex in 

morphology and presumably very sensitive to the presence of defects88,91. These 

will ultimately condition the electrical, optical and chemical properties of the 

material, as will be shown throughout this work. 

 

2.2.1. Surface termination and reconstruction 

 

Numerical studies and modelling of the surfaces require the material to be 

“clipped”, so a finite number of cells is considered. The premise normally adopted 

in these studies is to maintain the bulk composition, as well as the preferred 

oxidation states of the atoms in the crystal. These conditions are usually met by 

using an “auto-compensated method”, which involves cutting the same number 

of bonds of each pair of atoms (in this case Sn to O as O to Sn). This method 

ensures the aforementioned premise and simplifies the analysis of the surfaces.  

While useful in most ionic crystals, this method might not be robust enough for 

atoms like Sn, whose dual valence character enables surface reconstructions 

which cannot be attained using such restrictive criteria.  
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For instance, the described auto-compensated method applied to the SnO2 (101) 

orientation renders the surface depicted in Figure 2.4. The surface is 

characterised by a topmost layer of bridging oxygen atoms which are two-fold 

coordinated to five-fold coordinated Sn atoms, located in the following atomic 

plane. The third and fourth atomic planes consist in threefold coordinated oxygen 

atoms to the five-fold and six-fold coordinated Sn atoms in the second and fifth 

planes, respectively.  

 

Figure 2.4 – Stannic oxide (101) surface (shaded in grey) with tin (grey) and oxygen 

(red) atoms for stoichiometric bulk termination. Different projections of the crystal are 

presented. The surface shown corresponds to two-fold coordinated “bridging” oxygen 

atoms bonded to five-fold coordinated Sn atoms, obtained in an auto-compensated 

approach for clipping the crystal. The dashed lines show the SnO2 unit cell as depicted 

in Figure 2.2.a. 

 

(a) (b) 

(d) (c) 
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Beyond the fifth plane (second Sn plane), the crystal continues with the bulk 

structure of six-fold coordinated Sn atoms to three-fold coordinated O atoms 

(Figure 2.4.a,b) that renders the SnO2 stoichiometry. 

It is easy to see that the stoichiometry of this surface attained in this configuration 

resembles that of the bulk crystal. Each bridging oxygen contributes with one 

electron to the underlying Sn atoms, whereas the three-fold coordinated atoms in 

planes three and four contribute with a total of two electrons, thus rendering a 

surface with a SnO2 stoichiometry. In this scenario, the composition of the surface 

reflects that of the bulk crystal because cutting the same number of Sn-O and O-

Sn bonds does not change the overall stoichiometry. As a consequence, the 

oxidation state of the surface Sn atoms is preserved, therefore rendering a 

‘stoichiometric’ surface.  

Instead of using the standard auto-compensated method, the SnO2 crystal in the 

(101) orientation crystal can also be cut only through Sn to O bonds. This 

alternative renders the surface shown in Figure 2.5. Under this scenario, the two-

fold coordinated bridging O atoms present in the crystal depicted in Figure 2.4 

are removed, exposing a layer of threefold coordinated Sn atoms. These Sn 

atoms are bounded to the threefold coordinated O atoms lying below the tin plane 

that contribute with a total of two electrons to each surface Sn atom. In this 

condition the dual valence of tin plays a unique role: the tin atoms on the surface 

can adopt the +2 oxidation state and render a SnO composition at the surface of 

the crystal, resulting in a ‘reduced’ surface, while the SnO2 stoichiometry is 

maintained in the bulk.  

This extraordinary property of SnO2 is a consequence of the dual valence of tin 

and is only attainable for specific crystallographic orientations. For example, the 

(110) surface does not permit cutting only through Sn to O bonds, since the 

resulting surface do not exhibit single valency Sn atoms. This configuration 

presents higher formation energy and is therefore less likely to form. On the other 

hand, stoichiometric (SnO2) and reduced (SnO) surfaces have been have been 

predicted in SnO2 for the (101) and (100) orientations.15 In both cases, the 

removal of the two-fold coordinated bridging O atoms (Figure 2.3.b,c) renders a 

surface of tree-fold coordinated Sn to three-fold O, hence the SnO composition. 
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The stability of these surface terminations has been successfully demonstrated 

by Density Functional Theory (DFT) calculations93,94, and some experimental 

evidence suggesting this kind of surface reconstruction upon removal of oxygen 

was found in the course of the present work.  

 

 

Figure 2.5 – Stannic oxide (101) surface (shaded in grey) with tin (grey) and oxygen 

(red) atoms for oxygen reduced termination. Different projections of the crystal are 

presented. The surface shown corresponds to three-fold coordinated tin atoms bonded 

to three-fold coordinated subsurface oxygen atoms. The surface is obtained by 

removing the two-fold coordinated bridging oxygen atoms from the stoichiometric 

surface. The dashed lines show the SnO2 unit cell as depicted in Figure 2.2.a. with 

colour axes identifying the cell orientation in the crystal. 

 

(a) (b) 

(d) (c) 
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The relevance of surface properties described herein is evident in gas sensing 

applications and in coatings where controllable hydrophilicity is desired. Some 

studies have exploited the dual surface terminations attainable in SnO2 for tuning 

the surface composition of the material, in pursue of improving the gas sensing 

selectivity of the surfaces.93-96 In addition, significant photo-induced wettability 

changes have been reported in undoped and doped SnO2 films, suggesting its 

potential for self-cleaning applications48. 

In this section some of the structural and surface characteristics of tin oxides have 

been discussed and their impact on one of their main technological applications, 

namely gas sensing, have been suggested. The discussion presented in this 

section will contribute to the analysis of the photoconductivity studies presented 

in Chapter 6, and XPS studies conducted throughout the present work will provide 

additional evidence supporting the surface reconstruction scenario suggested 

here. The next section will address the electrical and optical properties of tin 

oxide, which will condition the performance in another exciting application: 

transparent semiconductors. 

 

2.3. Electrical and optical properties 
 

Claimed to be the rarest form of conductivity38, electrical conduction in 

transparent solids has been observed in a very limited number of materials and 

is restricted almost entirely to a handful of metal oxides. The origin of such a 

scarceness has been addressed in section 1.3, where the increase in the 

electrical conductivity of a conductor was shown to be to the detriment of its 

optical transparency window. Stannic oxide is therefore an archetypical 

transparent conductor given its wide band gap, high transparency in the visible 

portion of the spectrum and relatively low resistivity compared to other 

semiconductors. 
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2.3.1.  Electrical properties of SnO2 

 

While insulating in its ideal stoichiometric form97, SnO2 usually presents n-type 

conductivity that is frequently attributed to oxygen vacancies donating electrons 

to the conduction band, with no activation energy required to create these 

carriers. This hypothesis is supported by the studies conducted on sputtered 

SnO2 films,98 reporting a large increase in the conductivity of films annealed in 

nitrogen or argon environment, when compared to oxygen or air annealing. This 

suggests that the proliferation of oxygen vacancies in the samples annealed in 

oxygen- deprived atmosphere is responsible for the increase in conductivity. 

Moreover, electrical measurements and Mössbauer spectroscopies on RF 

sputtered films grown under increasing oxygen partial pressure atmospheres 

seem to point in the same direction.99 In this case a decrease in conductivity of 

up to 4 orders of magnitude was reported upon increasing the O2/Ar rate by 4% 

in successive growths. 

However, the oxygen vacancy origin of the charge carriers in SnO2 has been 

questioned38 on the basis of two relatively simple arguments. First, it has been 

pointed out that vacancies tend to create deep, non-conductive levels in the band 

gap of insulators and semiconductors, and is therefore unexpected to have 

shallow and conducting levels formed from these kind of defects in stannic oxide. 

Secondly, it has been argued that the number of oxygen vacancies necessary to 

account for the carrier concentrations reported in stannic oxide would imply a 

density of structural defects that is known to be unfeasible in most binary oxides, 

which tend to be stoichiometric in nature. It is in principle not clear why SnO2 

would have to behave differently from the rest of the binary oxides. 

First principles calculations on the formation and stability of tin vacancies (VSn) 

and interstitial oxygen (Oi) show that these defects would hardly be present in 

SnO2, due to their large formation energy. On the other hand, interstitial tin (Sn i) 

and oxygen vacancies (Vo) are likely to form and are strong candidates for charge 

donors.38  
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In this sense, it was shown that the widely assumed oxygen vacancy scenario is 

indeed justified, given the presence of a donor level just 114 meV below the 

conduction band minima (CBM), which means it could be easily thermally 

ionized.15,38 

However, the seldom mentioned interstitial tin picture was suggested to be more 

likely, because Sni is not only easy to form, but it produces a donor level 203 meV 

above the conduction band minima38. This means that the level is actually inside 

the conduction band, and that Sni is therefore spontaneously ionized. In addition, 

interstitial tin defects promotes the formation of oxygen vacancies that contribute 

to the overall conductivity of SnO2.  

As previously suggested, the formation of these defects requires a 

rearrangement of the crystal structure that would be unfeasible in most binary 

oxides. However, the bond analysis revealed that the formation of Sni renders a 

bonding environment that resembles that of SnO and a stable configuration can 

therefore be attained, thanks to the Sn atom adopting the +2 oxidation state.38 

Once again, the dual valence of tin makes this oxide unique, as it favours the 

formation of tin interstitial and oxygen vacancies which are responsible for the 

electrical conductivity of the material. This picture, supported by first principle 

calculations, is consistent with X-ray and electron diffraction studies98,100 

exhibiting SnO phases in crystalline SnO2 films and with Mössbauer 

spectroscopies, where doublets associated with Sn4+ and Sn2+ were 

identified.38,99  

The scenario described points towards shallow donor levels produced by the 

coexisting interstitial tin and oxygen vacancy defects as the source of charge 

carriers and the consequent n-type conductivity in stannic oxide. Figure 2.6 

presents the formation energies associated with the defects mentioned herein, 

calculated under the local density approximation (LDA). This approximation is 

known to underestimate the band gap of the material but maintaining the correct 

relative energies of the calculated defects.38,101  
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While a renormalization of the Fermi energy axis is frequently adopted to move 

the CBM to the experimental band gap (with the defect levels following 

accordingly), the relative positions of the defect levels are enough for the purpose 

of this discussion. Therefore, the original results of the calculations are 

reproduced here. 

 

 

Figure 2.6 – Formation energy of intrinsic point defects in SnO2 calculated for                

μ0=-3.08 eV. The Fermi energies should be considered relative to the CBM, which is 

known to be underestimated by the LDA approximation. Donor and acceptor defects 

are identified by solid and dashed lines, respectively, while the circles indicate the 

transition between different charge states. Curves labelled VSn, Vo, Oi, Sni, Sno 

correspond to the formation energy of tin vacancies, oxygen vacancies, oxygen 

interstitial, tin interstitial and tin anti-site defects, respectively. Adapted from ref.38 

 

For Fermi energies close to the valence band the material is p-type and the V0
2+ 

and Sni
4+ readily form, due to their negative formation energy. In the mid gap 

region, corresponding to intrinsic material, Sni will prevail over V0, given its lower 

(and negative) formation energy, which makes it form spontaneously.  
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In addition, given that Sni presents a transition from +4 to +3 inside the conduction 

band, it is fully ionized and produces the previously mentioned shallow (~203 

meV) donor level. In turn, V0 presents a +2 to 0 transition below the CBM which 

produces the corresponding donor level (~114 meV) that can be easily ionized. 

While at energies close to the CBM the formation energies of interstitial oxygen 

(Oi) and tin vacancies (VSn) (both acceptor defects) get closer to those of V0 and 

Sni, these defects are hardly formed, given their significantly higher formation 

energies. 

The dominant character of interstitial tin in the formation of defects and its 

contribution to the electrical conductivity of SnO2 appears evident, due to its low 

formation energy and it transition level being inside the conduction band. This is 

followed by oxygen vacancies, which are easily ionized given the proximity of 

their donor level to the CBM. The rest of the defects, in contrast, have a much 

higher formation energy, and being therefore less frequent, do not contribute 

significantly to the electrical conductivity of SnO2. 

As previously mentioned, the unavailability of commercial single crystals and the 

extreme conditions required for their growth63 have limited the studies on bulk 

SnO2 and focused the investigations on thin films. Transport measurements on 

undoped poly- and single-crystalline films typically show carrier concentrations, 

mobilities and resistivities in the range of 1017 – 1020 cm-3, 10  - 100 cm2 / V s and 

10-2 - 10-3  cm, respectively.71,75,77,102-104 

Corresponding measurements on undoped SnO2 thin films grown by molecular 

beam epitaxy throughout the present work evidenced significantly higher 

resistivities, with typical values beyond 104  cm. The insulating nature of these 

films is believed to originate in the exceptional crystalline quality of the material 

obtained, and the consequent lack of a significant number of intrinsic defects.  

Further increase in conductivity by means of intentionally doping has been sought 

in many transparent conductors. Antimony and fluorine in the 1% to 25% regime 

are the most common dopants employed as donors for stannic oxide 39,42,73,103-

106 with cobalt, molybdenum and nickel being used to a lesser extent.48,71,107 P-

type conductivity is actively being pursued, with aluminium, gallium and indium 

among the suggested acceptor candidates24,81. 



42 
 

2.3.2.  Optical properties of SnO2 

 

Theoretical calculations108,109 and experimental measurements45,48,110-116 on the 

optical properties of SnO2 have reported direct band gaps in the range of 3.5eV 

to 4.2 eV. While the dispersion in the theoretical band gap is mainly due to the 

different models adopted for its calculation, variations in crystalline quality, 

stoichiometry and carrier concentration of the grown materials are responsible for 

the differences observed in experimental measurements. In addition, different 

experimental techniques and fitting methods are used to obtain the experimental 

band gap, thus contributing to the dispersion of the values. For example, fitting 

the dielectric function obtained from spectroscopic ellipsometry measurements 

generally renders smaller values of band gaps, while higher values are usually 

reported for linear extrapolations of the absorption coefficient near the band gap 

edge.110,111,113,114,117,118 

The refractive index of SnO2 in the visible portion of the spectrum is usually 

reported between 1.9 and 2, and transparency as high as 97% for films up to 1m 

thick has been achieved38. Figure 2.7 presents transmission spectra of typical 

SnO2 films grown by molecular beam epitaxy throughout the current work. All the 

films grown in this work have shown high transparency in the visible portion of 

the spectrum, with band gaps ranging from 3.5 eV to 4.1eV. A detailed description 

of these films will be presented in following chapters, together with a discussion 

on the effect of the growth conditions on their structural, optical and electrical 

properties. 
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Figure 2.7 – Typical transmission spectra of SnO2 films grown by molecular beam 

epitaxy throughout the present work. Transparency higher than 90% was obtained in 

the visible portion of the spectrum for most of the films, with thickness ranging from 

3nm to 600 nm. Band gaps in the range of 3.5 eV to 4.1 eV were obtained, as illustrated 

in the Tauc plot presented as inset. 

 

While successfully employed to increase the electrical conductivity, doping of 

SnO2 also affects its optical properties. As discussed in section 1.3, the increase 

in the carrier concentration produces a blue shift of the plasma edge threshold in 

the visible to IR portion of the spectrum that reduces the transparency window of 

the material. 

In the UV-visible portion of the spectrum, the increase in carrier concentration 

that accompanies the increase in conductivity widens the observed band            

gap in what is known as the Burstein-Möss effect.119,120 Given the sharp curvature 

of the conduction band near its minimum (Figure 1.3.a), the bottom of the band 

gets rapidly filled as electrons populate the lower energy levels. Pauli’s exclusion 

principle prevents additional electrons from occupying these filled states, so the 

energy Eopt required to promote additional electrons to the first empty state 

increases. This mechanism, depicted in Figure 2.8, produces a blue shift of the 

observed band gap with increasing carrier concentration. 
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Experimental studies on stannic oxide films have shown an increase in the optical 

band gap as large as 0.75 eV upon doping with antimony, going from 3.9 eV for 

undoped SnO2 (n~1018 cm-3) to 4.62 eV for Sb:SnO2 (n~1020 cm-3).73,76,103 

 

Figure 2.8 – Band representation of the Burstein -Möss effect, where the increase of 

the effective gap Eopt can be observed. The increase in carrier concentration fills the 

bottom on the conduction band and raises EF higher in the conduction band, widening 

the band gap by EMB.119 

 

This apparent shift of the band gap edge upon increasing the carrier 

concentration was also observed in doped samples studied in this work. Further 

discussion on this effect and its consequences on the transparency window of tin 

oxide films will be discussed in Chapter 5, when the growth of antimony doped 

tin oxide films is addressed. 

 

2.4. Photoluminescence properties 
 

Over the past few decades the advances in solar cell technology, LED displays 

and transparent electronics have fuelled the search for better and more efficient 

TCOs. This search has broadened the scope of research of tin oxide to its optical 

properties, by exploiting the coexistence of transparency and high electrical 

conductivity.  
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More recently, the need for light sources in the blue to UV portion of the spectrum 

for applications such as light emitting and laser diodes has further extended the 

research area of tin oxide. While zinc oxide (ZnO) is arguably still one of the most 

studied TCOs in these area, it has been suggested70,121-123 that the higher band 

gap of SnO2 (3.5 – 4.1 eV) compared to ZnO (3.2 – 3.3 eV) makes it a more 

suitable material for optoelectronic applications involving short wavelengths. In 

addition, the higher exciton binding energy reported for single crystal films         

(130 meV and 60 meV for SnO2 and ZnO, respectively) makes SnO2 a better 

candidate for observing excitonic emission at room temperature. 

Despite these promising properties, the selection rules in bulk SnO2 impose a 

direct but dipole forbidden band gap that hinders its potential as an emitter.60,121 

Some authors121,122 have proposed that overcoming this limitation might be the 

key to unlocking the light emitting potential of tin oxide. For example, the idea that 

the selection rules preventing emission in bulk tin oxide might be broken in lower 

dimension structures has motivated the study of the emitting properties of SnO2 

films, nanowires and ribbons.122,124-126 Unfortunately, there are still very few 

studies dealing with the photoluminescence (PL) properties of SnO2, and only a 

handful among these report emission in the UV or near the band gap 

region.70,122,124,125  

The PL spectra presented in the literature usually exhibit one or two broad 

emission bands in the visible portion of the spectrum, as shown in Figure 2.9. 

These broad peaks, centred at approximately 2.4 eV and 3.1 eV, have been 

observed in most SnO2 films,46,60,122,123,127 wires70,121,128, ribbons128,129 and 

hierarchical nano-structures.130 Given the wide band gap of stannic oxide, neither 

of these bands can be originated in direct recombination of electrons from the 

conduction band with holes valence band.  

Instead, photoluminescence studies conducted on sputtered SnO2 films127 grown 

at different oxygen pressures have proposed the oxygen-related nature of the 2.4 

eV peak and a structural defect origin for the 3.1 eV peak. Since more oxygen 

vacancies are expected to form in oxygen-poor atmospheres, the increased 

intensity of the peak observed in samples grown at lower oxygen pressure (Figure 

2.9.a) suggests its oxygen vacancy origin.  
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Figure 2.9 – Photoluminescence spectra of SnO2 films (a) grown at different oxygen 

partial pressure (values not reported) and (b) before and after annealing in oxygen 

atmosphere. After ref 127 

 

Annealing the samples in oxygen rich atmospheres is known to decrease the 

number of oxygen vacancies, due to the diffused oxygen combining with the 

existing vacancies.123,131,132 Several studies under these conditions have 

reported decreasing intensities of the 2.4 eV peak and little to no change in the 

3.1 eV peak upon annealing SnO2 films,46,123,127 as observed in Figure 2.9.b. 

These results not only supports the oxygen vacancies origin of the 2.4 eV peak, 

but they also suggest that the 3.1 eV peak is not related to these vacancies, but 

probably to structural defects or dopants. The structural defect origin of the 3.1 

eV peak was further supported by studies of intrinsic and Sb doped stannic oxide 

films, where an increase in the intensity of the peak was found to accompany the 

increasing concentration of defects in the lattice. On the contrary, the intensity of 

the peak decreased as the crystalline quality improved, thus evidencing the 

structural defect origin of the 3.1 eV peak.111,123,127  
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Oxygen vacancies (probably located on the surface of the SnO2 structures) are 

therefore responsible for the low energy emission band at around 2.4 eV, 

whereas structural defects are likely to originate the 3.1 eV emission observed in 

most reports.130,133 

Since oxygen vacancies possess high electron affinity, electrons in the 

conduction band can be easily trapped by these. Depending on the oxygen atom 

that originates the vacancy and the number of electrons it traps, different states 

within the gap are formed.134 Vacancies that trap two electrons from the 

conduction band promote the formation of shallow, neutrally charged states (Vo
0) 

that act as a donor level. Vacancies that trap one electron or none, lead to single 

and double ionized gap states Vo
+2 and Vo

+, respectively. The single ionized state 

can act as an acceptor, by trapping an extra electron originated in a transition 

from a higher energy state, or as a donor when an electron from Vo
+ transitions 

to a lower energy state. Vacancies created by missing in-plane oxygen atoms are 

thought to originate a single defect level just above the valence band that acts as 

an acceptor and mediates many of the radiative processes.67,111,125 An additional 

acceptor level within the band gap originates in the interstitial tin defects 

previously discussed (Snint).134,135 

Figure 2.10 depicts the levels present within the band gap, along with the 

associated transitions obtained from the analysis of numerical calculations and 

PL studies of SnO2 films and wires. The frequently observed ~2.4 eV emission 

band is generally ascribed to transitions from the Vo
+ level to the valence 

band70,111. The ~3.1 eV emission bands are thought to originate in donor acceptor 

pair recombination (DAP),111,121 involving transitions between the Vo
0 and the 

acceptor levels, or possibly between conduction and Sni levels. Further details 

on these mechanisms and its origins are discussed in Chapter 3 and Appendix 

II, respectively. 
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Figure 2.10 – Energy level diagram associated with the PL emission of SnO2, 

presenting the gap defect levels involved in the visible and UV emission mechanisms. 

 

While the exact positions of the energy levels vary between studies, most of the 

transitions shown in Figure 2.10 have been correlated with the broad bands 

discussed here and with near band gap peaks observed in SnO2 ribbons and 

nanowires. The study of these low dimension SnO2 structures has revealed 

additional features near the band gap, associated with structural defects and 

vacancies originated in different oxygen atoms. However, these features are 

scarcely reported in SnO2 films and they were not observed in any of the PL 

studies conducted in this work. The interested reader can turn to Appendix II for 

an overview of these features, along with a deeper discussion on the origins of 

the PL emission in SnO2. 

In order to turn SnO2 into a promising UV emitter material, not only is it necessary 

to understand the mechanisms involved in its luminescence properties, but a high 

control over its crystalline quality and structure is of the essence. Molecular beam 

epitaxy (MBE) is probably the most suitable technique for obtaining single crystal 

films of unmatched quality, ideal for research purposes.  
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Other growth techniques such as pulsed laser deposition (PLD), sputtering and 

chemical vapor deposition (CVD) are frequently employed to obtain granular or 

polycrystalline SnO2 films, and a general description of these techniques can be 

found in Appendix III. Being the centre of the current work, a detailed description 

of Molecular beam epitaxy will be presented in Chapter 4, where the different 

aspects of the technique, along with some of the results obtained in the present 

research will be discussed. 
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Chapter 3         

          

 Characterisation fundamentals 
 

3.1. Overview 
 

Several experimental techniques were employed during this work to explore the 

structural, electrical and optical properties of tin oxide films. Many studies have 

dealt with the particularities of each one of these techniques136-142, and a 

discussion on their details is beyond the scope of this work. This chapter presents 

a general description of the techniques employed in the study of the SnO2 films 

grown by MBE, along with some typical results obtained throughout this work.  

 

3.2. Stuctural characterisation 
 

3.2.1. Scanning Electron Microscopy 

 

Scanning Electron Microscopy was an invaluable technique for the assessment 

of the surface morphology and the thickness of the films obtained. It involves 

scanning the sample with a highly focused electron beam at typical acceleration 

voltages between 1 kV and 30 kV and currents in the order of pA to nA.139 The 

interactions between the primary beam electrons and the sample produce 

scattered electrons and photons, originating from different depths and by various 

mechanisms. The analysis of these particles and radiation provide information 

about the material’s topology its electrical properties and composition.  
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Electrons scattered near the surface of the sample are created by inelastic 

collisions and escape the material with typical energies in the 0.5 eV to 5eV 

range. These electrons, known as secondary electrons, provide information on 

the topography of the surface and its electrical properties. As the primary beam 

scans the sample, a secondary electron detector collects these near-surface 

electrons and the signal produced is employed to generate an image of the 

surface. 

Other sources of electrons and photons can also be collected to produce 

complementary images, and to provide additional information. Backscattered 

electrons originate in the elastic scattering of the primary beam electrons with 

atoms located deeper within the sample. These electrons are sensitive to the 

atomic number of the atoms and can therefore be used to detect anisotropies in 

the material. The X-ray photons produced by the beam/sample interactions can 

be used to detect and map chemical composition in what is known as Energy 

Dispersive Spectroscopy (EDS). Despite being a very powerful and relatively 

simple technique, the use of EDS for the analysis of thin films is limited to the 

detection of elements in relatively large concentrations, and to the production of 

composition maps.  

SEM imaging of the surface of the samples grown during this work was 

systematically employed in the assessment of the films’ quality and surface 

morphology. Secondary electrons were typically used for this purpose, with 

limited additional information obtained in the backscattering mode due to the 

homogeneity of the films grown. A Raith 150 scanning electron microscope at 

typical accelerating voltages of 10kV was routinely used for the study of the 

surface features of the SnO2 films grown. Representative SEM images of SnO2 

films will be presented in Chapter 5, where the dependence of the surface 

morphology on the growth conditions will be addressed. EDS techniques were 

occasionally employed to qualitatively assess the incorporation of dopants in the 

films during the Sb co-doping studies (Section 5.6). However, the low 

concentrations employed and the limited resolution of the technique deemed the 

quantitative analysis impracticable.  
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Cross section SEM imaging was intensively used for determining the thickness 

of the films grown in this work. A Raith 150 SEM and a high resolution JEOL 

JSM700F SEM were used to measure the thickness of films in the 20 nm to 600 

nm range. SEM images of representative SnO2 films, with thickness ranging 100 

nm to 600 nm, are shown in Figure 3.1. The unexpected decrease in resolution 

as the film thickness increases is due to the decrease of the electrical conductivity 

of the film with increasing thickness. While the origins of this unexpected trend 

will be discussed in Chapter 5, Figure 3.1 is a clear example of the importance of 

the conductivity of the sample in the resolution of the SEM images. Thus, SEM 

images can also provide useful information on the electrical properties of the 

films. 

 

 

Figure 3.1 – Cross section SEM of SnO2 films ranging 100 nm (a) to 600 nm (c) 

collected with accelerating voltages of 10 kV and magnification of 50000 X. The 

decreasing resolution with increasing film thickness suggests that the films become 

less conducting as they grow thicker. 

 

SEM was proven to be an exceptional technique for characterising the surface 

morphology of the films, enabling the scan of both large and small areas of the 

samples in a matter of seconds, without diminishing the lateral resolution. This 

allowed assessing the surface characteristics and homogeneity of large samples 

in a matter of minutes. However, the 2D nature of the images obtained prevents 

the study of vertical structures such as grains, steps and tiers and restricts the 

use of the technique to the analysis of lateral features and the measurement of 

film thickness. 

200nm 200nm 200nm 

(a) (b) (c) 
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3.2.2. Atomic Force Microscopy 

 

The atomic force microscope (AFM) exploits the interaction between a sharp tip 

and the surface of the sample and traduces the strong, short-range forces 

experienced by the tip into images that can represent topographic, electrical or 

viscoelastic properties of the sample. Unlike SEM, AFM do not require special 

vacuum conditions and it can be used on almost any material, including 

electrically insulating samples. 

The simplest conception of the AFM involves a sharp tip at the end of a flexible 

cantilever, mounted on a 3-dimensional piezoelectric translation stage. This 

stage brings the tip in contact with the sample, while producing a raster scan of 

the surface. As the tip is scanned over the sample, the strong interaction between 

them produce the deflection of the cantilever that reproduces the topography of 

the sample. This deflection is amplified and measured by shining a laser at the 

back of the cantilever and collecting the reflected beam in a split photodiode. The 

voltages produced by the photodiode are used in a feedback loop to control the 

vertical displacement of the cantilever as the tip is scanned, and to produce a 

topography map of the surface. Figure 3.2 presents a schematic representation 

of an AFM system, depicting the main components involved in its control. 

Different modes of operation can be adopted for controlling the tip-surface 

interaction, depending on the material to be imaged and the kind of information 

required. In contact mode, the tip is continuously kept in close proximity to the 

sample and the scan proceeds by continuously sensing the deflection that the 

features of the surface impose on the cantilever. Inversely, the deflection of the 

cantilever can be kept constant while the feedback voltage applied to the vertical 

piezoelectric is used to measure the surface topography, thus rendering a quasi-

constant force mode. The permanent deflection under which the cantilever is kept 

in these contact modes not only stresses the cantilever, but it also produces high 

lateral (frictional) forces as the tip is scanned. These shear forces can scratch the 

sample, damage the tip and compromise the resolution of the microscope. 
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Figure 3.2 – Typical configuration of a standard AFM system. The interactions 

between the surface of the sample and the tip produce deflection of the cantilever that 

is measured by the photodiode. Lateral (FN), normal (FL) and intensity (Σ) signals are 

fed to the electronics to provide feedback for the control of the piezo stage (piezo tube) 

and used by the computer to produce and image of the surface. Adopted from Baró et 

al.143 

 

Several control modes have been developed to minimize the shear forces that 

can easily deteriorate the quality of the scans. In the present work, a dynamic 

amplitude modulation (AM - tapping) mode was adopted for all the AFM 

microscopies, to minimize the effect of shear forces and to maintain the resolution 

of the microscope throughout the scan. In this mode, an alternating signal is used 

to vibrate the cantilever, sweeping a relatively narrow frequency range until its 

resonant frequency is found. After this tuning process is finished, the cantilever 

is driven with a constant amplitude at a frequency close to its resonance, while 

slowly approaching the surface. As the tip gets closer to the surface of the 

sample, the strong, short-range forces reduce the amplitude of the oscillation, 

activating the feedback control loop.  The scan proceeds with the tip intermittently 

becoming in contact with the surface, or ‘tapping’ it.  
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As in contact mode, a set-point controls how much the amplitude of the oscillation 

(or the deflection in contact mode) is allowed to reduce, thus adjusting the force 

applied on the surface. The intermittent contact with the sample significantly 

reduces the shear forces, extending the life of the tip and maintaining the 

resolution throughout the scans. 

Given the high accuracy of the piezoelectric actuators, the amplification of the 

cantilever deflection and the sharpness of the tips employed, sub-nanometre 

resolution can easily be obtained in with AFM microscopy. In the course of this 

work, a Veeco Dimension 3100 atomic force microscope was used in tapping 

mode to obtain information on the topography of the surface of the grown films. 

Atomic steps and wide terraces could be identified in films grown in a layer-by-

layer mode (section 4.4) and the surface features and RMS roughness were 

routinely characterised on every sample grown, hence complementing the 

information obtained by SEM. In consequence, AFM played a valuable role in the 

study of the surfaces attained and in the assessment of the growth modes 

involved, especially during the adjustment of the protocols for growing tin oxide 

films. 

 

3.2.3. Reflection High Energy Electron Diffraction 

 

Reflection High Energy Electron Diffraction (RHEED) is a powerful technique that 

allows the in-situ and real-time monitoring of epitaxial films as they are being 

grown. This allows a real-time characterisation of the crystalline structure of the 

surfaces, the assessment of the growth modes involved, and it provides useful 

feedback for fine tuning the growth conditions. The technique involves a high 

energy electron beam (usually between 1 keV and 30 keV), incident on the film 

under growth at a glancing angle (typically between 1° and 3°). Given the high 

energy of the electrons and the small incidence angle, electron scattering occurs 

within the first atomic planes, and along a relatively large area. The scattered 

electrons are collected on a phosphor screen, and a coupled CCD camera 

produces images of the diffraction pattern associated to the atomic ordering 

present at the surface of the film.  
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Electrons scattered by the atoms in the lattice produce constructive interference 

when their path length difference is a multiple of their wavelength. In the 

reciprocal space representation, this condition becomes: 

 𝐊 = 𝐤s − 𝐤i = 𝐆(ℎ𝑘𝑙) 3.1 

Where 𝐤𝑠 and 𝐤𝑖 are the wavevectors of the incident and scattered beams and 

𝐆(ℎ𝑘𝑙) is the reciprocal space lattice vector given by: 

 𝐆(ℎ𝑘𝑙) = ℎ𝐚∗ + 𝑘𝐛∗ + 𝑙𝐜∗ 3.2 

with 𝐚∗, 𝐛∗ and 𝐜∗ the reciprocal unit vectors and h,k,l  the Miller indices of the 

atomic plane.  

Given the low penetration depth associated with RHEED, the contribution to the 

diffraction patterns is usually limited to the surface atoms. The lack of a periodicity 

in the direction perpendicular to the surface makes the reciprocal lattice an array 

of infinite rods parallel to this direction. The positions of these rods correspond to 

the reciprocal (surface) lattice points given by 

 𝐆(ℎ𝑘) = ℎ𝐚∗ + 𝑘𝐛∗ 3.3 

For elastically scattered electrons (|𝐤s| = |𝐤i|), the constructive interference 

condition is met at the intersection of the reciprocal lattice rods with the sphere of 

radius |𝐤𝑖|, known as Ewald’s sphere (Figure 3.3.a). Given the high energy of the 

incident electrons, the radius of this sphere is much larger than the spacing 

between the rods. Consequently, the lower order lattice rods (those situated 

within a small solid angle of the reflected beam) intersect the Ewald’s sphere 

approximately in a plane. The limited area of the detector and its distance from 

the sample (in the order of 500 mm) only permits collecting the diffraction orders 

within a relatively small angle, so the off-plane diffraction points are avoided. The 

intersection of the Ewald’s sphere with this plane defines the Laue ring were the 

diffraction points are found, as depicted in Figure 3.3.a.  
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Figure 3.3 – (a) Representation of the Ewald sphere corresponding to the incident 

wave vector |𝐤𝒊|. A sheet of reciprocal rods associated to the atomic ordering of the 

sample is depicted. Constructive interference is obtained where the reciprocal rods 

intersect the Ewald sphere, defining the Laue ring also depicted. (b),(c) Diffraction 

streaks produced by the interference associated with the electron beam aligned along 

two orthogonal directions of a rectangular lattice. 

 

For a rectangular lattice, such as the <101> plane of SnO2, the reciprocal vectors 

𝐚∗ and 𝐛∗ are perpendicular to the real space unit vectors 𝐛 and 𝐚. In 

consequence, the lattice constants a and b can be determined from the RHEED 

patterns obtained when the beam is aligned along the 𝐛 and 𝐚 directions, as 

depicted in Figure 3.3.b,c. 

Ideal films grown by MBE present highly ordered epitaxial layers that render 

atomically smooth surfaces with wide terraces. The few atomic planes that 

contribute to the diffraction pattern in these films produce elongated streak-like 

features, as depicted in Figure 3.4.b.  

(a) 

(b) (c) 
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RHEED patterns exhibiting vertical streaks are therefore associated with highly 

ordered surfaces, presenting wide terraces limited by atomic or nearly-atomic 

steps. 

If instead of smooth terraces the surface of the film presents tall, single-crystalline 

islands, the incident beam can reach deeper in the sample and electrons can 

scatter from multiples planes, as shown in Figure 3.4.c. The additional diffraction 

condition imposed by these planes produces segmentation in the reciprocal rods 

and destructive interference in the direction perpendicular to the planes. This 

renders a RHEED pattern characterized by the presence of multiple diffraction 

spots, as seen in Figure 3.4.d. RHEED patterns exhibiting a periodic array of 

spots are therefore associated with the presence of single crystalline and highly 

oriented islands. These structures are typical of the Volmer-Weber growth mode 

that will be described in section 4.4.2. If these islands grow on top of relatively 

smooth 2D layers, the RHEED pattern exhibits the periodic array of spots 

characteristic of single crystalline islands, but elongated in the direction 

perpendicular to the surface, due to the contribution of the underlying 2D layer 

(Figure 3.4.g,h). 

Finally, elongated dots along concentric arcs are observed in RHEED patterns 

obtained for polycrystalline films, as shown in Figure 3.4.f. These arc-like features 

can be thought as being originated by the rotation of single crystalline islands 

around a direction parallel to the plane (Figure 3.4.e). The contribution of single 

crystalline islands oriented in different directions produces a RHEED pattern that 

resembles the trace left by the array of spots (Figure 3.4.d) after being rotated 

around the direction of the beam (Figure 3.4.f). 
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Figure 3.4 – (Left) Schematic representation of film surfaces evidencing the presence 

of single crystalline film (a), single crystalline islands (c), polycrystalline film (e) islands 

on layer (g), along with the associated RHEED diffraction patterns (Right). 

 

A RHEED system (KSA400, K-space Associates Inc.) operated at an 

accelerating voltage of 20 kV and 0.8 A was used throughout this work to obtain 

the diffraction patterns associated with the SnO2 films. Diffraction patterns of the 

substrates were obtained before every growth to confirm the adequate surface 

preparation and to determine the azimuth lattice orientation. RHEED images 

obtained during growth were used to identify the growth modes involved, and as 

real-time feedback for adjusting the conditions, during the optimization of the 

protocols. 

(a) (b) 

(d) 

(f) 

(h) 

(c) 

(e) 

(g) 
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A complete angular survey of the surface of the grown film was obtained upon 

finishing each growth, by recording the RHEED pattern while rotating the sample 

around its azimuth axis.  

Given its in-situ and real-time capabilities, RHEED proved to be an indispensable 

technique in the growth of SnO2 films by MBE. Its intensive use throughout this 

work complemented AFM and SEM techniques in the study of the surfaces 

attained and the growth modes involved, as evidence in Chapter 5. More 

importantly, the in-situ and real-time studies provided real-time feedback that 

enabled an efficient optimization of the protocols for obtaining high quality SnO2 

films. 

 

3.2.4. X-Ray Diffraction 

 

X-Ray Diffraction (XRD) is a versatile technique that allows studying the 

crystalline structure of bulk materials, powders and thin films alike. It exploits the 

elastic coherent scattering that occurs when X-rays interact with the atoms of the 

sample. The typical X-ray wavelength employed is in the order of 1Å, which is 

comparable to the inter-atomic spacing in crystals. As a consequence, the 

scattered X-rays produce a diffraction pattern with intensity profiles and angular 

distributions associated with the atomic spacing in the sample. The kinematic 

approximation138,141,144 is usually adopted for describing the interaction of the 

incident X-rays with the atoms in the lattice, and for obtaining the intensity profiles 

of the diffraction patterns. The calculation of the intensity distribution is beyond 

the scope of this work, and the equations resulting from the kinematic 

approximation of X-ray scattering will only become necessary in Chapter 5, when 

the analysis of Laue fringes is discussed.  

Moreover, given the characteristics of the experimental setup utilized, sufficient 

information can be obtained from the diffraction patterns by means of elemental 

geometrical considerations. Figure 3.5.a depicts the experimental setup adopted 

for the study of the crystalline properties of the SnO2 films. A Co radiation source 

produces X-rays that are collimated and shone at the surface of the sample under 

study, while a point detector collects the specular scattered X-rays. 



61 
 

 

Figure 3.5 – (a) Point source and detector XRD setup employed in the characterisation 

of the SnO2 films. Collimating slits and knife edges are used to clip the beam and 

reduce parasitic contributions to the X-ray signal. (b) Geometrical representation of the 

constructive interference condition. 

 

Under this configuration, the X-rays scattered by the atoms in the lattice produce 

constructive interference when their optical path difference is a multiple of the 

incident wavelength. This is depicted in Figure 3.5.b, and is expressed in the 

Bragg’s condition: 

 2𝑑 sin(𝜃) = 𝑁λ 3.4 

where 𝑑 is the inter planar spacing of the lattice, 𝜃 is the angle where constructive 

interference occurs,  𝑁 is the order of the interference peak, and λ is the 

wavelength of the incident X-rays. 

By scanning source and detector around the sample, the angle at which the 

constructive interference occurs can be identified and the inter-planar spacing of 

crystalline samples can be obtained. Source, sample and detector can typically 

rotate to produce scans that map the diffraction pattern associated with the 

sample. Two typical scans were adopted for characterising the crystalline 

properties of the films grown in this work.  

In the θ-2θ scan (also known as de-coupled, ω-θ scan or longitudinal scan), 

source and detector are simultaneously and symmetrically rotated around the 

sample, as depicted in Figure 3.6.a.  

(a) (b)
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For a given inter-planar spacing, the Bragg condition is met at specific angles, 

where the intensity measured by the detector increases dramatically. By 

identifying the angular position of the intensity peaks, the inter-planar spacing can 

be obtained using the Bragg’s equation (3.4). Since the inter-planar spacing in 

the sample is usually a few times larger than the wavelength of the incident X-

rays, the angles associated with the constructive interference are relatively large 

(typically tens of degrees). At these large angles, the X-rays can easily penetrate 

through thin films and produce additional diffractions peaks in the XRD profile, 

associated with the crystalline structure of the substrate. Figure 3.7.a presents a 

typical θ-2θ scan of a 7 nm thick SnO2 film, where peaks associated with the 

<101> SnO2 film and with the r-plane sapphire substrate can be observed. 

 

 

Figure 3.6 – (a) Typical θ-2θ scan (ω-θ, or longitudinal scan) used for assessing the 

atomic inter-planar spacing of the films in the direction of growth. Source and detector 

are rotated symmetrically with respect to the normal of the sample and the intensity of 

the scattered X-rays is collected as a function of the angle. (b) Typical θ scan (rocking, 

ω or transversal scan) used to assess the alignment of the crystalline planes in the 

sample and the presence of mosaic growth. Source and detector are rotated (rocked) 

around the sample while maintaining between them the angle associated with the 

inter-planar spacing identified in the θ-2θ scans. Solid lines in source and detector 

identifies the positions where the intensity peaks during the corresponding scan. 

 

 

 

(a) (b)
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Occasionally, single-crystalline films can present lattice planes that are not 

aligned parallel to the substrate. Lateral stress, lattice mismatch and structural 

defects (discussed in Chapter 4) can produce dislocations in the lattice and 

render regions of the crystal with identical inter-planar spacing, but with different 

orientation. This situation, known as mosaicity is depicted in Figure 3.6.b. 

To assess the presence of mosaic structures, and to determine the predominant 

orientation of the planes identified in the θ-2θ scan, additional scans are usually 

performed. These scans involve slight rotations of the sample around the axis 

perpendicular to the source-detector plane, while keeping source and detector at 

a fixed angle, corresponding to the Bragg condition. By performing this ‘rocking’ 

of the sample around its Bragg condition, different plane orientations are explored 

and the predominant orientation can be identified as the angle that maximises 

the signal. Moreover, the width of the distribution is associated with the number 

of planes that have the same inter-planar spacing but diverge from the principal 

orientation. Narrow peaks in these scans evidence the presence of highly aligned 

planes, whereas broad distributions suggest various orientations departing from 

the predominant one. These rocking scans (also known as coupled, ω scan or 

transversal scan) can also be performed by simultaneously rocking source and 

detector, while maintaining the angle between them fixed to the Bragg condition 

identified in the θ-2θ scan, as shown in Figure 3.6.b.  

Figure 3.7.b presents the θ-scan of a 7 nm thick SnO2 sample, around the Bragg 

peak identified in Figure 3.7.a (39.9°). The narrow distribution observed suggests 

the presence of highly aligned crystalline planes. The position of the peak 

matches the one identified in the θ-2θ-scan, thus suggesting that the predominant 

orientation is parallel to the substrate. 
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Figure 3.7 – (a) θ-2θ scan of a 7 nm thick SnO2 film. A single peak centred at 39.9° 

suggests the presence of highly oriented lattice planes with an inter-planar spacing of 

2.62 Å, and with no additional phases detected. Intense peaks close to 30° and 62° 

(27° and 56°) correspond to the first and second diffraction order produced by the 

crystalline r-sapphire substrate when interacting with the K (K) radiation of the X-

ray source. (b) Rocking curve (θ scan) around the Bragg peak identified in (a). The 

narrow peak suggests the presence of highly oriented (parallel) planes and the peak 

position centred at the Bragg angle demonstrates the predominant orientation of the 

planes being parallel to the substrate. 

 

XRD studies were conducted on representative samples throughout this work, to 

confirm the single crystalline nature of the films grown by MBE and to assess the 

effect of the growth conditions on their crystalline structure. The inter-planar 

spacing of the films grown were identified by θ-2θ scan, confirming the presence 

of <101> SnO2 and verifying the lack of additional phases. These studies were 

complemented by RHEED, AFM and SEM, to attain a comprehensive 

understanding of the modes involved in the growth of SnO2 films, and to gain 

insight into the conditions that render the optimum material. 
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3.2.5. Specular X-Ray reflectivity 

 

X-ray reflectivity (XRR) is a non-destructive, high-resolution technique for 

characterizing thickness, density and roughness of thin films and multi-layered 

structures. In involves measuring the angular dependent intensity of X-rays 

specularly reflected from a sample at near-glancing incidence. While other 

techniques, such as AFM are usually preferred for measuring the roughness of 

thin films, XRR is an exceptional tool for determining the thickness of thin films. 

Film thicknesses smaller than 1nm and up to a few hundred nanometres can be 

measured with better than 1% accuracy145,146, without the need of the laborious 

sample preparation usually associated to other techniques covering similar 

ranges, such as TEM. 

Since most materials present a refractive index slightly smaller than unity in the 

X-ray region of the spectrum, total external reflection typically occurs for 

incidence angles smaller than 1°.141,146-148 In a thin film, the intensity of the 

reflected beam decreases rapidly beyond this angle and presents oscillating 

features, known as Kiessig fringes.144,148,149 These fringes originate in the 

interference produced by the X-rays reflected from the interfaces of the film, due 

to their angular-dependent phase shift. This condition has been successfully 

described in the context of Fresnel coefficients, by considering the contribution of 

multiple reflections at interfaces of the film150 as well as in the kinematical 

approximation151. The multiple reflections occurring at the interfaces of the film 

produce an interference pattern with angular dependence given by:152  

 sin2𝜃𝑖 = sin2 𝜃𝑐 + (
𝑁𝑖𝜆

2𝑡
)

2

 3.5 

where 𝜃𝑖 is the angle at which the fringe 𝑁𝑖 is observed, 𝜃𝑐 is the critical angle of 

the film, 𝑡 is the thickness of the film and  𝜆 is the wavelength of the incident X-

rays. It is worth noting that equation 3.5 is essentially Bragg’s law (equation 3.4, 

Figure 3.5.b) for the interference of X-rays reflected at the interfaces of the film.  
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Typical XRR studies employ the same diffractometer utilized in XRD 

measurements and involve obtaining the angular interference pattern of the films 

by scanning the source and detector in the θ-2θ configuration, close to the critical 

angle 𝜃𝑐. Figure 3.8.a shows typical XRR scans obtained during the study of sub-

10nm thick SnO2 films. The constant intensity of the reflected beam at low 

incidence angles confirms the total external reflection condition, with critical 

angles between 0.6° and 0.8° for all grown films. A sharp decrease in the intensity 

of the reflected beam is observed beyond these critical angles, together with 

distinct fringes associated with the interference of the X-rays reflected from the 

bottom and top interfaces of the film.  

 

   

Figure 3.8 – (a) Typical XRR profile obtained for sub-10 nm thick SnO2 films, where 

the total external reflection regime can be observed for angles smaller than 0.8°. 

Beyond the critical angle, a rapid decrease in the intensity of the reflected X-rays is 

observed, accompanied by the characteristic Kiessig fringes with decreasing spacing 

as the film thickness increases. (b) Representative fringes positions extracted from 

XRR profiles of sub-10nm films and fits of the data corresponding to equation 3.5. 

Distinct slopes and negligible dispersion of the data demonstrate the sub-nanometre 

resolution of the technique. Inset: film thicknesses calculated from the corresponding 

fits. 

 

 

(a) (b)
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The thicknesses of the sub-10nm films grown in this work were calculated from 

the positions of the interference fringes observed in the XRR studies, using 

equation 3.5 and linear fits of the positions measured. Figure 3.8.b present 

representative fits of the extracted data, where sub-nanometre thicknesses can 

be clearly resolved, as evidenced by the distinct slopes obtained, and the 

negligible dispersion of the data. 

While cross section SEM was widely adopted for measuring film thicknesses in 

this work, attempts at measuring sub-10nm SnO2 films were futile. The time-

consuming sample preparation associated with cross section TEM made the use 

of that technique incompatible with the demands of the present work. 

Ellipsometric measurements spectrum were also unsuccessful, because of the 

complications associated with transparent materials and the model dependent 

nature of the technique. Also, the resilient nature of SnO2 made it difficult to 

measure film thickness from etched steps. XRR was therefore an irreplaceable 

technique for measuring the thickness of sub-10nm SnO2 films, given its 

simplicity, its speed and its outstanding accuracy. 

  

3.3. Optical characterisation 
 

3.3.1. Transmission spectroscopies 

 

Transmission spectroscopies are among the most versatile and frequently used 

methods for studying thin films. The simplicity of the techniques and the well-

established electromagnetic theory describing the interaction of light with matter 

allow an exploration of a wide variety of aspects of materials, including their 

optical, electronic and structural characteristics. In the course of this work, UV-

visible transmission spectroscopy was intensively used for assessing the film 

growth, studying the optical and electronic properties of the material and 

estimating film thickness.  
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The optical properties of the films in the UV-visible portion of the spectrum were 

studied in an Agilent Cary 6000i spectrophotometer, equipped with a InGaAs 

detector and a standard halogen lamp and a deuterium lamp as visible and UV 

sources, respectively. Normal incidence transmission spectra in single and 

double beam configuration were collected for each of the films grown. These 

measurements were conducted on the as-grown films and repeated on selected 

samples after the wafer was diced (typically into 5 mm x 5mm samples) to confirm 

the integrity of the film and the absence of residues after dicing the material. The 

obtained transmission spectra was used to assess the presence of deposited 

material, to calculate its optical band gap and to estimate the film thickness.  

It is generally accepted73,111,113,118,153-160 that the band gap edge of 

semiconducting materials 𝐸𝑔 is related to the absorption coefficient 𝛼 by: 

 𝛼(ν)h𝜈 = (h𝜈 − 𝐸g)
m

 3.6 

where ℎ is Planck’s constant, 𝜈 is the frequency of the incident light and 𝑚 is a 

constant that depends on the characteristics of the material and the region of the 

spectrum under consideration. Near the band gap edge, 𝑚 is generally 

considered to be 2 for amorphous or indirect band gap semiconductors73,157-159 

and for low energy ranges157,158, whereas 𝑚 = 1/2 or 𝑚 = 3/2 is adopted for 

crystalline materials presenting direct band gap73,111,113,153,154.  

Equation 3.6 was used throughout this work for obtaining the band gap of the 

grown films. The absorption coefficient was calculated from the UV-visible 

transmission spectra by means of equation I.XIII, and used to obtain plots of 

(𝛼ℎ𝜈)2 vs ℎ𝜈 (Tauc plots). The Tauc plot data was linearly fitted in the near band 

gap region, and the band gap edge was calculated as the intersection of the fit 

with the abscissa. Similar trends (although with smaller linear range) were 

obtained for all films by using 𝑚 = 3/2 instead of 𝑚 = 1/2. Figure 3.9 shows the 

transmission spectra of SnO2 films of increasing thickness and the corresponding 

Tauc plots and fits used to obtain the band gap energies.  
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Figure 3.9 – (a) Typical UV-visible transmission spectra obtained for SnO2 films of 

increasing thickness. (b) Tauc plots obtained from the transmission spectra shown in 

(a), depicting the typical procedure used to determine the optical band gap of the films 

grown in this work. 

 

In addition to the determination of the band gap energy, transmission 

measurements were used to estimate the thickness of the films grown. Optical 

fringes observed in the UV-visible transmission spectra allowed the film thickness 

of samples ranging 200 nm to 600 nm to be obtained. However, the limited 

spectral range of the spectrophotometer in the IR portion of the spectrum, and 

the presence of the band gap in the UV prevented this technique from being used 

on thinner films.  

Figure 3.10 shows the correlation between the transmission measured at 

different wavelengths and the thickness of the films. The clear exponential decay 

of the transmission with increasing film thickness suggests a similar absorption 

coefficient across all samples (equation I.XIII). The deviation from the exponential 

trend observed in the data presented in Figure 3.10 is more noticeable at 

wavelengths close to 250 nm. This dispersion of the data with respect to the 

expected trend correlates with the features observed in the band gap region of 

the transmission spectra (Figure 3.9.a).  

 

(a) (b)
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These features are caused by the presence of absorption bands at approximately 

230 nm and 270 nm, associated with charge transitions from O2- to Sn4+ and to 

oxygen vacancies, respectively.111,161 

The strong correlation between the near-band gap transmission and the film 

thickness allowed estimating the latter for films in the 3 nm to 600 nm range within 

a 20% error. Despite the limited accuracy, these estimates were of great 

importance for determining the etching rates employed in the fabrication of 

devices, as well as for assessing the effective deposition rates attained during 

growth. These estimations were updated in the course of the work as more 

accurate results from SEM and XRR studies became available.  

 

 

Figure 3.10 – Dependence of the near band gap transmission on film thickness for the 

SnO2 films grown in this work. 

 

The optical response of the SnO2 films in the infrared portion of the spectrum was 

studied by Fourier transform infrared spectroscopy (FTIR) using a Bruker Tensor 

37 system, with a spectral range of 14000 cm-1 to 4000 cm-1 (~715 nm to ~2.5 

m). The mid to far infrared portion of the spectrum was further explored using a 

Bruker Vertex 70 system, with a spectral range of 6000 cm-1 to 625 cm-1           

(~1.7 m to ~16 m).  
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The overlap in the spectral regions covered by these FTIR instruments and the 

UV-visible spectrophotometer allowed a wide spectral characterisation of the film 

studied in this work, spanning from 200 nm to 16 μm (Figure 3.11). This wide 

spectral range was essential for exploring the transparency window of SnO2, and 

for studying the effects of doping on the optical and electrical properties of the 

films grown. 

 

 

Figure 3.11 – Transmission spectra of a 150 nm thick SnO2 film grown by MBE. The 

overlap in the spectral range of the FTIR systems and the UV-visible 

spectrophotometer used in this work allowed a wide spectral characterization, 

spanning from 200 nm to 16 μm. 

 

3.3.2. Photoluminescence 

 

Photoluminescence (PL) is an optical technique that allows probing the band 

structure of semiconductors and helps assessing the presence of structural 

defects and impurities in the material. It involves using photons (generally of 

above-band gap energies) to excite electrons in the material and producing 

electrons and holes in the conduction and valence band, respectively.  
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Depending on the characteristics of the bands and on the impurity content in the 

semiconductor, the excited electrons can undergo different radiative and non-

radiative processes before finally recombining with the holes in the valence band. 

When an electron undergoes a non-radiative process, its energy is reduced 

without the emission of photons. The photons emitted in subsequent radiative 

processes will be therefore red shifted with respect to the excitation wavelength. 

Consequently, the spectral features of the light emitted by the sample is a 

signature of the processes undergone by the electrons.  

Defects and impurities in semiconductors can affect the band structure and 

introduce levels within the gap, with energies that generally depend on the band 

structure of the semiconductor and the nature of the defect. Excited electrons can 

recombine to or from these levels, and the emitted light can be used to identify 

the defects and impurities in the material. Figure 3.12 presents typical 

recombination processes for electrons excited with above-band gap light. Due to 

the dipole-forbidden nature of its band gap, discussed in Chapter 2, emission 

from band to band recombination (Figure 3.12.a) is not possible in SnO2, thus 

limiting its potential for emitting applications. A possible way of overcoming this 

limitation is introducing defect levels inside the band gap, thus making it possible 

for electrons to recombine in intermediate, non-radiative processes before or 

after the radiative process occurs (Figure 3.12.b to d). 

 

Figure 3.12 – Typical processes involved in the photoluminescence emission of 

semiconducting materials upon above band gap excitation. (a) Band to band 

recombination. (b) Donor level to hole recombination. (c) Free electron to acceptor 

recombination. (d) Donor to acceptor levels recombination. 
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Photoluminescence experiments conducted in this work involved illuminating the 

sample with a 325 nm He-Cd laser, with a nominal power of 25 mW, incident at 

approximately 30 degrees with respect to the sample normal. The emitted light 

was collected and focused into a spectrometer (HORIBA 1000M) where a 1800 

lines/mm diffraction grating dispersed the light before detecting it with a 

photomultiplier tube (Hamamatsu 943-02) operating in photon counting mode. 

Slit sizes between 200 µm and 800 µm were generally adopted, due to the limited 

emission observed in all SnO2 samples Spectra in the 330nm to 700nm range 

was collected with typical step size of 0.1 nm, and using 0.01 nm for scanning 

areas where sharp features were expected. 

In all PL measurements the samples were held in a cryostat (Oxford instruments, 

Optistat CF2) and cooled with liquid He to typical temperatures of 3.9K. 

 

3.4. Electrical characterisation 
 

The combination of optical and electrical characterisation techniques, along with 

the optimization of the growth protocols, allowed gaining control over the 

properties of SnO2 and obtaining electrically conductive films, while maintaining 

their transparency over a wide spectral range. Hall effect measurements were 

indispensable tools to achieve this goal and they were widely employed in the 

study of the intrinsic and doped materials grown in this work.  

The technique involves measuring the transverse voltage (Hall voltage) produced 

by the Lorentz force acting on electrons moving in the direction perpendicular to 

an externally applied magnetic field, as depicted in Figure 3.13. 

 

(a) (b) (c) (d)
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Figure 3.13 – Schematic representation of the Hall effect for negative charge carriers. 

 

The concentration of charge carriers (n), their type (N or P) and their mobility (μ) 

can be determined by accurately measuring the Hall voltage (VH), provided the 

magnetic field (B), the force current (I) and the resistivity of the sample (ρ) are 

known. While the technique can be used for characterizing both high and low 

resistance materials, the range and accuracy of the instrumentation, together with 

the magnetic field applied can severely limit the applicable range.  

Throughout this work, an EGK HEM-2000 Hall effect measurement system was 

used to determine the electrical properties of electrically conductive films. The 

system consist of a 100 nA to 20 mA current source used for biasing the sample 

under different configurations (described in section 3.4.1 and 3.4.2) while a 

voltmeter with a maximum range of 200 mV measures the corresponding voltage 

drop. Given the highly insulating nature of the intrinsic SnO2 films (a typical 5 mm 

x 5 mm sample presents a resistance of several MΩ), the voltage range of this 

system was insufficient to measure the voltage drop across these samples, even 

at the lowest force current. This limitation prevented the use of the dedicated Hall 

measurement system for characterizing the electrical properties of the intrinsic 

SnO2 films grown in this work.  

To overcome this limitation, a custom-built setup was designed using an Agilent 

B1500A semiconductor device analyzer, comprising four source and measuring 

units (SMUs). These units enable forcing currents from 10nA to 100mA through 

the sample and measuring voltages up to 10 V, thus extending the measurable 

range by over two orders of magnitude.  
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Appropriate programs were developed to control this instrumentation and to 

calculate the relevant parameters, following the procedures described in section 

3.4.1 and 3.4.2. 

In order to determine the carrier concentration and mobility of the samples, 

independent resistivity and Hall measurements are required. Electrical 

characterisation of the films usually commences with the measurement of the 

electrical resistivity using the van der Pauw technique. 

 

3.4.1. Resistivity measurements 

 

The van der Pauw technique involves using a current source to force a DC current 

trough adjacent corners of the sample while measuring the voltage drop across 

the opposite corners, as shown in Figure 3.14. This measurement is repeated on 

each pair of contacts and the associated resistances are calculated using Ohm’s 

law. Forward and reverse bias is applied, to improve the accuracy of the 

measurement, thus rendering a total of eight resistance measurements. 

 

 

𝑅14,23 = 𝑉23/𝐼14 

𝑅41,32 = 𝑉32/𝐼41 

𝑅23,14 = 𝑉14/𝐼23 

𝑅32,41 = 𝑉41/𝐼32 

𝑅43,12 = 𝑉12/𝐼43 

𝑅34,21 = 𝑉21/𝐼34 

𝑅12,43 = 𝑉43/𝐼12 

𝑅21,34 = 𝑉34/𝐼21 

 

Figure 3.14 – Measurement configuration adopted for the determination of film 

resistivity with the van der Pauw technique. 
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The resistances measured along the two directions of the sample: 

 

𝑅A = (𝑅14,23 + 𝑅41,32 + 𝑅23,14+𝑅32,41)/4 

𝑅B = (𝑅43,12 + 𝑅34,21 + 𝑅12,43 + 𝑅21,34)/4 

3.7 

are related to the sheet resistance 𝑅𝑠 through: 162 

 𝑒
−

𝜋𝑅A
𝑅s + 𝑒

−
𝜋𝑅B

𝑅s = 1 3.8 

If the sample is isotropic and the distance between adjacent contacts is the same 

for each pair, then 𝑅A = 𝑅B and the sheet resistance becomes: 

 𝑅s =
𝜋𝑅A

Ln(2)
 3.9 

and the average resistivity  𝜌 of a film of thickness 𝑡 , can therefore be obtained: 

 𝜌 = 𝑅s. 𝑡 3.10 

Given the shape of some samples, and the position of the contacts, the conditions 

for determining the sheet resistance using equation 3.10 could not always be 

fulfilled. Consequently, the sheet resistance and resistivity were obtained from 

equation 3.8 and 3.10 using a fixed-point algorithm (Newton-Raphson). 

 

3.4.2. Hall measurements 

 

Hall measurements are conducted by forcing a current through opposite corners 

of the sample and measuring the voltage across the perpendicular direction, 

when a magnetic field perpendicular to the sample is applied (Figure 3.15). To 

minimize the effects of offset voltages produced by contact potentials, the 

average Hall voltage is determined by combining the measurements under direct 

and reverse bias conditions on different contacts and with the two opposite 

directions of the magnetic field (𝐵N and 𝐵S). The Hall voltage can then be 

calculated as: 
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𝑉H =
1

8
((𝑉13,24

𝐵N − 𝑉13,24
𝐵S ) + (𝑉31,42

𝐵N − 𝑉31,42
𝐵S ) + 

+(𝑉 42,13
𝐵N − 𝑉42,13

𝐵S ) + (𝑉 24,31
𝐵N − 𝑉24,31

𝐵S )) 

3.11 

 

 

Figure 3.15 – Configuration adopted for measuring the Hall voltage. 

 

As with resistivity measurements, Hall measurements were conducted with the 

commercial Hall measurement system and with the programmed semiconductor 

device analyzer. Both systems have an internal switching matrix that enables 

changing the function of the units connected to each terminal, thus enabling all 

the measurements to be done without disconnection of the sample. This becomes 

particularly useful in the measurement of the Hall voltages, given that their 

magnitudes can occasionally be of the order of the contact potentials. 

After determining the resistivity of the films and the Hall voltage, the carrier 

concentration 𝑛 and mobility 𝜇  can finally be obtained as: 

 𝑛 =
𝐼𝐵

𝑒𝑉𝐻𝑡
 3.12 

 𝜇 =
𝑉𝐻𝑡

𝐵𝐼𝜌
 3.13 

where 𝐼 is the force current, 𝐵 is the magnetic field, 𝑒 is the electron charge and 

𝑡 is the thickness of the sample. 

Currents between 10 nA and 5 mA were used for the electrical characterisation 

of samples exhibiting resistivities in the 1kΩ.cm – 1mΩ.cm range.  
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Permanent magnets (50 mm in diameter, Ecopia Inc.) were used to produce the 

magnetic field employed for all the Hall measurements. A homogenous 0.5 T 

magnetic field was measured within the 25 mm gap between the two magnets 

with a SES Instruments DGM-202 Gaussmeter and an InAr Hall probe. A special 

housing (Figure 3.16.c) was used to center the connection board with the sample 

(Figure 3.16.b) in the gap, ensuring the same magnetic field was applied in all 

measurements. 

 

 

Figure 3.16 – (a) Typical uncontacted (left) and contacted (right) samples used in the 

electrical characterization. (b) Spring loaded contact board used for contacting the 

films in the resistivity and Hall measurements. Sample size is 5 mm x 5mm in all cases. 

 

A final consideration regarding the electrical characterisation involves the 

geometry of the samples and the methodology for producing the electrical contact 

between the surface of the film and the lead probes.  

The results of the electrical characterisation presented in the rest of the work 

were obtained using a spring-loaded connection board like the one shown in 

Figure 3.16.b, on 5 mm x 5mm samples diced from the grown wafer. Point 

contacts near the corners of the sample were achieved with this board, placing 

the spring loaded probes directly on the surface of the film.  

(a)

(b) (c) Magnets 

Sample space / 

aligning housing 
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The board was then connected to a HP 4155A parameter analyser, and Agilent 

B1500A semiconductor device analyzer or the Hall measuring system for 

electrical measurements.  

An alternative contacting method was initially attempted involving the fabrication 

of 2 mm2 square contacts at the corners of the samples by e-beam evaporation 

of a 50 nm thick Au layer on top of a 50 nm Ti adhesion layer (Figure 3.16.a). The 

spring loaded probes were then used to connect these contacts to the 

measurement equipment.  

While similar trends were observed for both contact methods, the former one was 

finally adopted. This selection is justified by the fact that the van der Pauw model 

for determining the resistivity of the sample is bounded to the infinitely small 

contact condition (i.e. point contact). 162 Moreover, numerical models have shown 

that Hall voltage errors greater than 20% are obtained with square contacts 

covering less than 10% of the area of the film.163 Finally, optical studies in the mid 

to far infrared portion of the spectrum evidenced a shift in the plasma frequency 

of the samples grown, only consistent with the carrier concentrations obtained for 

the uncontacted samples. Further details of this analysis will be discussed in 

Chapter 5, where the relationship between the electrical and optical properties of 

the films will be addressed. 

 

3.5. Additional techniques 
 

In addition to the structural, optical and electrical characterisation methods 

described in the previous sections, other techniques were used either for studying 

specific aspects of the films grown or for processing them to produce devices. 

The rest of this chapter will present a succinct description of some of these 

techniques and the role they played in the context of the present work. 
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3.5.1. XPS 

 

X-ray photoelectron spectroscopy (XPS) is a spectroscopic technique that 

examines the composition of the topmost layers of a sample. The technique is 

based on the photoelectric effect and it involves measuring the kinetic energy of 

electrons ejected from the surface of the sample, upon being excited with 

monochromatic X-rays. By subtracting the measured kinetic energy of the ejected 

electrons from the energy of the incident photon, and accounting for the work 

function of the detector, the binding energy of the electron can be obtained and 

the originating atomic element identified. 

XPS studies were conducted at the Australian Synchrotron facility, in the soft X-

rays (SXR) beamline. These studies involved assessing the stoichiometry of the 

undoped SnO2 films and exploring the origins of the persistent photoconductivity 

effect (PPC) observed in the grown films (discussed in Chapter 6). Typical XPS 

studies, focused on exploring the elemental composition of the sample, involved 

survey scans in the 600 eV to 0 eV binding energy range, with excitation X-rays 

of 1486 eV.  

Given that conventional analysis of the O1s and Sn3d lines obtained in XPS 

studies is known to be ineffective in distinguishing SnO2 from SnO,164,165 many 

studies have relied on the valence band features to identify the predominant 

phase in tin oxide films.164-168 An emerging shoulder at the low energy side of the 

spectrum (at binding energies between 2 eV and 3 eV), associated with 

antibonding Sn5s-O2p states and to Sn(+2), has been suggested to be the 

signature of SnO in XPS studies.165,168 Conversely, the lack of this feature and 

the prominent peak usually observed at binding energies close to 10 eV (ascribed 

to bonding Sn5s-O2p states) is usually associated with SnO2.165-168 

While these features can be used for assessing the presence of different phases 

in tin oxide films, the noise in the data and the resolution of the equipment can 

sometimes difficult this analysis. A more robust method for distinguishing SnO2 

from SnO involves the study of the energy difference between the Sn4d peak and 

the valence band maximum (VBpeak) or its edge (VBedge, the intersection of the 

tangent to the low energy side of the valence band with the abscissa).15  
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The energy difference between these features is known to be larger than 3 eV, 

thus allowing to identify the predominant tin oxide phase even in noisy or poorly 

resolved data.15,164,165,168 

High resolution scans at energies associated with the Sn3d (~ 485 eV), Sn4d      

(~ 26 eV) and valence band electrons were used to assess the stoichiometry of 

representative films grown in this work. Figure 3.17 presents a typical spectrum 

where the distinct energy difference between the Sn4d peak and the valence 

band maximum (~21.25 eV) and edge (~22.75 eV) characteristic of SnO2 can be 

observed.  

 

  

Figure 3.17 – XPS spectra of the Sn4d (blue) and valence band (VB, red) region of a 

representative tin oxide film grown in this work. The energy difference between the 

Sn4d peak and the VB maximum and edge is in agreement with the reports of pure 

SnO2 (shaded areas in inset). The absence of the low energy peak in the VB spectrum 

and the presence of the high energy peak at 11 eV further confirms the SnO2 character 

of the film and suggest that no SnO phase is present. 
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The inset of Figure 3.17 shows the energy difference for the same sample after 

exposure to different ambient conditions. Shaded rectangles identify the range of 

Sn4d-VBpeak and Sn4d-VBedge energy differences reported for SnO and SnO2,
164-

167 suggesting the complete oxidation of the film in all conditions. Similar results 

were obtained for all the tin oxide films studied in this work, demonstrating the 

presence of SnO2. The absence of the 3 eV peak associated to SnO and the 

strong peak observed close to 10 eV in the valence band spectra confirms the 

presence of SnO2 in all the samples studied, with no suggestion of additional 

phases being present.  

Finally, the analysis of the O1s (~ 531 eV) peak investigated the adsorption of 

OH- onto the surface and contributed to the understanding of the mechanisms 

governing the PPC. These results will be presented in Chapter 6 in the context of 

the photoconductivity studies of the SnO2 films grown in this work. 

Additional studies are currently being conducted at the University of Auckland, to 

explore the effects of Sb doping on the SnO2 films. These results will contribute 

to the discussion on the correlation between the optical and the electrical 

properties of SnO2, presented in Chapter 5. 

 

3.5.2. Fabrication and processing techniques 

 

Optical lithography was used in the fabrication of devices for selectively 

depositing metallic layers and for producing etched features with lateral resolution 

in the order of micrometers. Typical applications of the technique involved 

creating trenches in photoresist layers (PR) spun coated on the surface of the 

film. These trenches were either used to produce steps and insulating patterns 

on the film, by selective etching of the exposed areas, or to produce electrical 

contacts, upon filling of the trenches with evaporated metals. A more detailed 

description of the process involved in the lithographic patterning of the SnO2 films 

will be presented in Chapter 6, where the development of electronic devices 

based on the films grown in this work will be addressed.  
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Dry and wet etching techniques were used along with AFM and profilometric 

techniques to estimate the thickness of the films before XRR measurements 

became available.  

 

 Dry etching - RIE 

 

Reactive ion etching (RIE) is a vacuum technique that allows etching resilient 

materials, such as SnO2 by means of a chemically reactive plasma. A reactive 

gas is introduce in the RIE chamber where a glow discharge generates a plasma 

comprising neutral radicals and ions of the reactive species. These species are 

adsorbed on the surface of the film and react with the material, forming etch 

byproducts that include the constitutive elements of the film. As the byproducts 

desorb from the surface they remove material from the surface, thus producing 

film etch. The anisotropic nature of the technique produces sharp, well-defined 

step edges with almost no undercut, ideal for fabrication purposes.169,170 

An Oxford PlasmaLab 80 Plus reactive ion etching (RIE) system was employed 

to produce step features on the SnO2 films that were used in the fabrication of 

electronic devices and of patterned samples for measuring film thickness. A 10:1 

CHF3/Ar mixture was used to generate the 100 W plasma used to produce etched 

features on SnO2 and sapphire at rates between 1.25 nm/min and 1.65 nm/min.  

The procedure involves masking a portion of the film with PR (unaffected by the 

etching process) and exposing the sample to the RIE process, until the unmasked 

film and part of the substrate are etched. Upon dissolving the PR in acetone, a 

step feature is obtained. The step height is measured by AFM or profilometric 

techniques to obtain the etching rate, and the electrical conductivity of the film 

and substrate are measured as a reference. For thickness estimation, successive 

RIE etching steps are performed on this stepped sample and the electrical 

conductivity re-measured until an insulating material is attained (corresponding 

to the complete etching of the film).  
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The thickness of the film can then be estimated from the previously measured 

etching rate and the time required to completely etch the film. This iterative 

process had to be adopted, due to the similarity between the etching rates of the 

SnO2 film and the Al2O3 substrate.  

While the lateral resolution of the features produced by RIE is difficult to match, 

the use of the technique for determining film thickness proved to be a difficult and 

time consuming task. For quick assessment of the film thickness, a selective 

etching method that allows removing the film without affecting the substrate was 

therefore desired.  

 

 Wet etching 

 

In the case of most metal oxides, wet etching methods involving HCl, HNO3, Aqua 

regia or other readily available acids are usually employed for selective etching 

the films without affecting the substrate. Given the resilient nature of SnO2, these 

methods were ineffective, and no distinguishable etching was observed after 

hours of exposure to high concentrations of these acids, bot at room temperature 

and in heated baths (as a reference, a diluted 0.1M solution of HCl is sufficient to 

etch ZnO at approximately 20 nm/sec).  

Successful wet etching of SnO2 was finally achieved by combining Zn powder 

with HCl on the surface of the film.  Since this solution did not etch the substrate, 

no risk of over etching was present, and the thickness of the film could therefore 

be estimated in a single etching step.  

Figure 3.18 presents representative results of the thickness measurement 

performed on a SnO2 film by wet etching. A deep trench was RIE etched on the 

film and substrate, to create a reference step that was measured by AFM (Figure 

3.18.a). The sample was then covered with Zn powder and submerged in HCl 

(35%, for 20 seconds) to completely etch the SnO2 film, leaving the underlying 

Al2O2 step unaffected. AFM measurements were repeated (Figure 3.18.b) and 

the film thickness estimated by comparing the step heights before and after the 

wet etching process (Figure 3.18.c). 
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Figure 3.18 – AFM images corresponding to the step before (a) and after (b) the wet 

etching process employed for estimating the film thickness. (c) Averaged height 

profiles obtained along the lines depicted in (a) and (b). The blue line in (c) corresponds 

to the un-etched films and red line corresponds to the measurements after the wet 

etching process. A film thickness of 10 nm is estimated, in good agreement with results 

obtained by XRR studies on the same sample, evidencing an 8 nm thick film. Insets: 

schematic representation of the steps being imaged. 

 

Thickness measurements using this wet etching technique on sub-10 nm thick 

films were in close agreement with the XRR measurements obtained later in this 

work, with typical discrepancies in the order of 10% - 20%. Given the limitation of 

SEM and optical interference techniques for measuring thicknesses below 20 nm, 

AFM imaging of steps produced by wet etching proved to be a suitable tool for 

the quick assessment of film thickness of sub-10nm SnO2 films, before XRR 

measurements could be performed. 

(a) (b) 

(c) 

Film thickness 
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Chapter 4         

          

 Molecular Beam Epitaxy 
 

4.1. Overview 
 

The dawn of the semiconductor era in the late 1950’s fuelled the development of 

novel techniques for obtaining high purity materials to satisfy the increasing 

demand from the emergent electronics industry. At the same time, the economic 

impact of this new technology was a significant incentive for researching new 

materials and growth methods that could produce high quality crystals with 

extremely accurate control over their impurity content. In this context of 

continuous search for materials of ultimate purity that would increase the 

efficiency and capabilities of the new devices, molecular beam epitaxy was born 

and quickly proved to be up to the challenge. 

Molecular beam epitaxy (MBE) enables the growth of thin films of metals, oxides 

and semiconductors, with an ordered structure that resembles that of the 

underlying layer or substrate (epi - - meaning “above” + taxis –– meaning 

“in an ordered manner”). Despite its low throughput, MBE is still used in the 

semiconducting industry, due to the unmatched quality of the material obtained. 

However, it is in basic research where the technique really shines, not only 

because of the high purity and crystallinity of the films obtained, but also thanks 

to its precise control of growth process. The accuracy with which MBE films are 

grown can easily reach the atomic level, thus rendering smooth surfaces and 

atomically abrupt interfaces. This makes the technique particularly suitable for 

producing super-lattices, quantum wells and many other structures that closely 

resemble the “idealised case” in theoretical studies and numerical models. 
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The technique involves evaporating and depositing material on a heated 

substrate at very slow rates, in an ultra-high vacuum (UHV) environment. The 

source materials are usually heated in a crucible designed to produce spatial 

confinement of the evaporated material, thus creating a directional “beam” of 

atoms that impinge the substrate and produce film growth. The substrate is 

normally held at temperatures ranging from 400ºC to 900ºC to facilitate the 

diffusion of the atoms that reach the surface to unoccupied lattice sites. The UHV 

environment reduces the chances of impurities being adsorbed onto the surface 

of the substrate, or being incorporated in the material under growth, with the 

consequent detriment of its purity. At the same time, the low pressures achieved 

contribute to the collision-free path of the beam’s constituents, minimising 

undesired reactions and limiting the required ones to the surface of the substrate. 

Under these conditions, and provided the material, substrate and growth protocol 

have been properly tuned, the material deposited grows in an atomically ordered 

fashion with respect to the substrate, and atomically abrupt interfaces can be 

attained. 

In the simplest form of epitaxial growth, known as homo-epitaxy, the substrate 

material is the same as that of the film being deposited. This approach 

guarantees the best lattice matching, therefore reducing strain, dislocations and 

structural defects at the interface. These defects might propagate through the 

material as the film grows, diminishing its crystalline quality and potentially 

affecting its optical, structural and electrical properties. While homo-epitaxial 

growth is preferred for lattice matching purposes, the variety of materials grown 

by MBE considerably outnumbers the bulk single crystals commercially available 

to use as substrates. Moreover, homo-epitaxy limits the growth to single 

materials, therefore being unable to obtain more complex structures such as 

multi-layers.  

Part of the richness and potential of MBE lies in the possibility of growing high 

quality single crystal films of different materials, even on substrates (or under-

layers) with different lattice parameters. In this sense, hetero-epitaxy involves 

growing films with ordered structures on substrates of different materials (or onto 

previously deposited layers, in the case of super-lattices).  
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In this case, the growth process is not as straightforward as in homo-epitaxy and 

special considerations have to be taken into account when selecting the 

substrates and materials to be grown. Given the complexity inherent to hetero-

epitaxial growth, a very fine tuning of the growth protocol is frequently required to 

obtain good quality materials. A proper understanding of the growth mechanisms 

involved and of the effect the system parameters have on the films is therefore of 

the essence. 

This chapter will present a brief description of the molecular beam epitaxy 

facilities employed in this work for the growth of tin oxide films. Since most of the 

benefits of MBE growth come from hetero-epitaxial growth, section 4.3 will 

address some of the considerations to be taken into account when designing a 

growth protocol. In addition, an overview of the effect that some of the parameter 

space variables have on the grown film will be described. A more comprehensive 

account of the most relevant aspects that were assessed while tuning the growth 

protocols for growing SnO2 thin films will be presented in Chapter 5.  Finally, an 

overview of some of the in-situ monitoring and characterisation capabilities will 

also be presented. This will put in context some of the results presented 

throughout this work and will help illustrate the most relevant growth modes 

observed in MBE, also described in this chapter.  

 

4.2. System description 
 

As previously suggested, molecular beam epitaxy involves the evaporation and 

deposition of material in an ultra-high vacuum environment. A specially designed 

UHV chamber with several pumping units, appropriate manipulation 

mechanisms, effusion cells, heating and cooling capabilities, and the associated 

support facilities are the minimum requirements for embarking in the enterprise 

of growing high quality materials by MBE.  
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Since its conception in the early 1970s, a wide variety of configurations have been 

adopted in designing MBE systems. The elevated costs associated with their 

acquisition, their relatively low throughput and the highly specialised nature of the 

related research have limited the mass production (and even small volume 

production) of MBE systems. In consequence, most of these systems are usually 

custom-made and tailored to the requirements of individual research groups.  

Far from hindering its use, this custom-made character has favoured the 

proliferation of a variety of highly specialised systems, which have integrated 

sophisticated UHV techniques for post-processing and in-situ characterisation of 

the grown material. Reactive ion etching, electron and scanning microscopies, 

electron diffraction and mass spectroscopy are among the specialised techniques 

commonly integrated to MBE systems. 

Figure 4.1 shows the MBE system at the University of Canterbury, used in the 

growth of the materials studied in the present work.  

 

 

 

Figure 4.1 – Molecular beam epitaxy / Pulsed laser deposition system used for 

growing the SnO2 films studied in this work. 

RHEED Gun 
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The most distinct component of the MBE system depicted in Figure 4.1 is the 

main UHV chamber, which is where the growth and the in-situ characterisation of 

the thin films take place. Several ports distributed around the chamber serve as 

interfaces with the exterior, allowing the operator to manipulate components 

inside the chamber, to control growth conditions and to monitor the film growth 

as it takes place. 

The growth chamber is kept at a typical base pressure of 4x10-9 Torr by means 

of a Thermionics ion pump, connected to the chamber through a mechanical 

valve that allows its isolation during growth or whenever venting of the deposition 

chamber is required. This maintains the UHV conditions in the ion pump at all 

times, which not only facilitates its reconnection to the growth chamber, but also 

keeps it from contamination and extends its life. 

On the bottom half of the chamber, four ports distributed in a circular array and 

orientated at 45 degrees with respect to the vertical axis are used to mount the 

components responsible for creating the beams of source materials. In the 

configuration depicted in Figure 4.1, three effusion cells containing tin, antimony 

and zinc, respectively and a RF plasma generator are mounted on these ports. 

This setup is typically employed to grow SnO2 or ZnO thin films, either in their 

intrinsic form or with highly controllable degrees of antimony doping. 

The alignment of the ports with respect to the vertical axis is such that the relative 

narrow beams produced by the effusion cells render a homogeneous distribution 

of material when intersected by a substrate placed at the centre of the chamber. 

To this purpose, the port located at the top of the chamber holds a retractable 

arm with a heating block at the end. During growth, this block serves a double 

purpose: on one hand, it holds the substrate facing down at the centre of the 

chamber, where the evaporated material can reach its surface. On the other 

hand, it heats the substrate to the desired growth temperature, so the evaporated 

atoms reaching it can gain enough energy to diffuse to suitable lattice sites. 

Moreover, a rotation mechanism allows continuous rotation of the substrate 

around the vertical axis, either to favour growth homogeneity or to perform 

electron diffraction studies along different lattice orientations. 
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Figure 4.2 depicts a cross section of the growth chamber, where the configuration 

of cells, heater and substrate can be observed. 

 

 

Figure 4.2 – (a) Cross section representation of the layout of the MBE system, 

depicting the main components involved in the growth of SnO2 films. (b) Interior of the 

growth chamber during Sn flux measurements, as observed from one of its viewing 

ports. 

 

Located at the bottom of the chamber, a carousel holding up to six targets 

enables the system to be used in pulsed laser deposition (PLD) mode. This allows 

growing MBE - PLD hetero-structures and provides doping capabilities beyond 

those attainable with the effusion cells. To this purpose, a 248 nm KrF excimer 

laser is focused to the surface of the selected target through a dedicated viewport 

at the back of the chamber, delivering up to 450mJ of energy in 25ns pulses at a 

repetition rate ranging from 1Hz to 50Hz. While the present work revolves around 

MBE growth, exploiting the PLD capabilities of the system either by combined 

MBE - PLD growth or as a dopant source is currently under consideration, and 

initial experiments are taking place at the time of writing this work. 

The complexity of the technical requirements and the substantial cost associated 

not only with the equipment acquisition, but also with its operation and 

maintenance, make MBE growth a rather select technique. 

(a) (b) 

Sn cell 

Zn cell 

Sb cell 
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One of the main concerns among the community of users is the cleanness of their 

systems. In this sense, users are usually reticent about any new material that 

might be introduced in the growth chamber. 

Given the relatively low throughput of the technique and the high costs incurred 

even when the system is idle, it is a common practice to grow materials 

continuously, minimising idle and down times as much as possible. To this 

purpose, the system at UC counts with an additional “load-lock” chamber that 

enables the substrate’s loading and unloading operations without the need for 

breaking the vacuum in the growth chamber. Having a much smaller volume than 

the growth chamber, the load-lock can be evacuated to a pressure in the 10-8 Torr 

range within a few hours, using a dedicated turbo molecular pump (Pfeiffer 

TC600). In contrast, a few days are required for the growth chamber to reach 

similar pressure levels after being vented. The load lock is therefore an essential 

part of the system, not only because it minimises the down time, but mainly 

because it significantly reduces the contamination of the growth chamber. As with 

the ion pump, the load-lock chamber is connected to the growth chamber through 

an appropriate port via a mechanical valve that allows the isolation of the load-

lock for venting purposes during the loading and unloading of the substrates.  

A magnetically coupled arm allows transferring the substrate from the load-lock 

to the heating block inside the growth chamber, once the valve between the 

chambers is open upon reaching a pressure difference of less than 10-8 Torr. 

Under these conditions, and provided new source materials are not required, the 

system can operate continuously for months without the need for breaking the 

vacuum. This allows thorough outgassing of the sources, shutters and other 

components previously exposed to atmospheric conditions, with the consequent 

reduction of the impurities present in the system. 

The inadvertent introduction of persistently outgassing materials in the chamber, 

the presence of volatile contaminants in the evaporated materials or the 

production of vapours of highly reactive materials, can all compromise the quality 

of the material being grown. Moreover, some materials can coat walls, shutters 

and every surface inside the chamber, contaminating subsequent growths for 

months, even after the source of contamination has been removed.  
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While serious consideration about the materials introduced in the chamber is the 

first step to avoid these situations, the system at UC features a sublimation pump 

(Thermionics Sb-1000 series) that helps mitigating the consequences once the 

damage is done. When fired, the pump sublimates titanium from a high purity 

filament that coats the interior of the chamber, along with every surface in it. This 

capping layer encapsulates the contaminant layer, preventing it from reaching the 

growing film. 

The growth chamber is also suited with diagnosis and in situ characterisation 

tools. Two 2-inch ports serve as feedthrough for a quartz crystal microbalance 

(QCM - MacVac MCM-160) and a residual gas monitor (RGA - Stanford Research 

Systems RGA100), which allow the characterisation of the molecular beams and 

the vacuum quality, respectively. A Reflection High Energy Electron Diffraction 

system (K-Space Inc. KSA 400), consisting of an electron gun and a phosphor 

screen coupled to a CCD camera, provides in-situ information of the 

characteristics and growth modes involved in the deposition of the films. Further 

details on these characterisation methods are be presented in Chapter 3 and 

Chapter 5. 

 

4.3. General considerations 
 

As mentioned before, successful growth of high purity films by MBE is a 

complicated task that involves a comprehensive assessment of the system’s 

requirements and capabilities, the materials to be grown and the protocols to be 

implemented. The heart of the technique and its proven success in obtaining such 

high quality materials revolves around three main aspects: the vacuum 

conditions, the sources and the substrate. 
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4.3.1. Vacuum conditions 

 

Vacuum conditions can affect several aspects of MBE growth, such as 

evaporation rates, temperature stability, unintentional dopants and effective film 

growth. The purity of the films in terms of stoichiometry, and their quality in terms 

of crystalline structure, are also closely related to the quality of the vacuum 

attainable in the growth chamber. 

Ultra-high vacuum conditions, together with low evaporation rates, are necessary 

to ensure the evaporated atoms travel in collision-free trajectories until they reach 

the substrate, where they condense and produce film growth. The presence of 

undesired atoms in the path of the beam would increase the number of collisions 

experienced by the atoms, facilitating their clustering into bigger particles. If these 

clusters of atoms were small enough, they would still be able to diffuse to vacant 

lattice sites upon reaching the substrate. However, their larger size compared to 

single atoms would induce distortions and strain in the lattice, producing cracks 

and dislocations that diminish the electrical and optical properties of the material. 

If the cluster of atoms were too big, they will not be able to diffuse to empty sites, 

thus rendering an amorphous or polycrystalline film at best. 

Moreover, UHV conditions in the proximity of the growing film reduce the chances 

of undesired atoms reaching the surface and getting incorporated into the 

material. The incorporation of contaminants could compromise the structural, 

electrical and optical properties of the film, affect its stoichiometry and the growth 

could be hindered altogether. To put this into perspective, Arthur171 used a simple 

model to calculate the number of gas particles (impurities) that reach a typical 

substrate at room temperature. Considering a base pressure of 10-6 Torr, it can 

be shown that a complete monolayer of impurities reach the substrate in just one 

second. It is therefore no surprise that special attention is constantly focused on 

the cleanness of the substrates and of the working environment, and that higher 

vacuum levels are always sought. In this sense, it is worth noting that to limit only 

a few parts per million gas particles reaching the film surface during growth (a 

reasonable number of impurities for semiconducting devices), a background 

pressure lower than 10-12 Torr would be required!  
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Fortunately enough, most gases present in the background are not reactive to 

most of the materials typically grown, so this number ends up being somewhat 

overestimated. Nevertheless, these estimations show that the highest vacuum 

possible should always be sought, and that serious considerations must be taken 

into account when introducing new materials into the growth chamber. 

 

4.3.2. Sources 

 

The production of the vapor in MBE deposition involves heating the source 

material, so that its vapor pressure exceeds the base pressure attained inside the 

chamber. Under these conditions, the atoms at the surface of the source are no 

longer in equilibrium with their gas, and they abandon the material with a kinetic 

energy obtained from the thermal excitation provided by the heating element. This 

process usually takes place in an effusion cell, containing the crucible where the 

source material is held and resistive heating elements. Radiating shields and 

cooling jackets are generally used to confine the heat to the crucible and to avoid 

radiation to the rest of the growth chamber, thus preventing re-evaporation of the 

material condensed on its walls. 

Several different designs of effusion cells can be used, depending on the material 

to be evaporated, its purpose, and the overall focus of the growth system. 

Effusion cells containing large crucibles allow large volumes of material to be 

loaded, thus reducing the need for refilling and the consequent down time of the 

system. Small volume crucibles are generally used for dopant materials, in which 

case the evaporation rate is expected to be low. Given its smaller thermal inertia, 

these crucibles offer a much faster response to changes in heating power and 

are therefore preferred when different evaporation rates are required within the 

same growth. Typical examples of this situation are multi-layered structures with 

variable dopant concentration or alternating optical properties, such as 1D 

photonic crystals and quantum wells.19,172-175 
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The crucible on each cell can be removed for refilling, or exchanged when a 

different material is to be grown. Even though the same cell can be repurposed 

for evaporating different materials by changing its crucible, it is a common 

practice to have dedicated cells and crucibles assigned to each material to be 

grown. This minimises the chances of cross contamination of the sources, while 

contributing to the traceability of the performance of the cells, and of the MBE 

system as a whole. 

Effusion cells typically have shutters that can be used to interrupt the beam path 

to the substrate. Usually made out of tantalum sheet, these shutters are 

essentially metal plates that can be interposed in the beam, producing the effect 

of an almost immediate beam shutdown. This capability is used to control the 

beginning and the end of a growth, but most importantly it allows spatially abrupt 

interfaces to be produced. Since the deposition rates in MBE are usually very low 

(less than 1 nm/min for the films grown in the present work), the control over the 

interfaces can easily reach a single atomic layer. As previously suggested, this 

precise control is one of the most interesting aspects of the technique, allowing 

modulation the composition in the direction of growth down to a few monolayers 

in thickness.  

Despite their simplicity, special considerations have to be taken into account 

when operating the shutter of a cell. In its closed position, part of the radiation 

emitted by the crucible gets reflected by the shutter and reabsorbed by the 

crucible, thus contributing to its heating. Upon opening the shutter, the crucible 

aperture is exposed to the cold chamber and the previously reflected radiating 

power is lost. This produces a decrease in the cell temperature and a consequent 

fluctuation of the beam flux. It is therefore important to allow enough time for the 

cell temperature to stabilise upon opening its shutter, before commencing the 

growth. This requires including an additional shutter in the system, to prevent 

deposition of material during this transient period, as described in section 4.6. 

 

 

 



97 
 

As previously mentioned, the vapour pressure of the source material must exceed 

the base pressure of the chamber in order to obtain the atomic beam that will 

condense on the substrate to produce film growth. All the materials studied in this 

work exhibited a pressure threshold of 10-4 Torr, below which no film growth could 

be obtained. Effusion cells and crucibles spanning different temperature ranges 

are sometimes required to evaporate the source materials, depending on their 

vapour pressure characteristics and on the base pressure of the chamber. 

Figure 4.3 presents the vapor pressure curves of some of the materials grown in 

the MBE system at UC. Metals like antimony, magnesium and zinc present high 

vapour pressure and relatively high melting points, which allow obtaining 

sufficiently high vapor pressure at relatively low temperatures. Since these 

temperatures are below the corresponding melting points, the atomic beam is 

produced without melting the sources, which therefore undergo a sublimation 

process. 

Standard effusion cells like the one shown in Figure 4.4 are typically used for the 

sublimation of Zn, Mg, and Sb in the MBE chamber at UC. The cells (standard 

LT-Titan, from e-Science Inc.) are designed to work in the 200°C to 1000°C 

range, with an input power of up to 450 W. They can easily increase the vapor 

pressures of these materials beyond the base pressure in the chamber, and 

produce deposition rates greater than 20 nm/min. These sources are regularly 

used to deposit ZnO thin films and have been used throughout this work for 

depositing sub-10 nm SnO2 films, and as dopant cells in the deposition of 

antimony-doped tin oxide films. 

The conditions associated with the deposition of SnO2 films, however, is 

considerably different than with the oxides of Zn, Mg, and Sb. Since tin exhibits 

a significantly lower vapor pressure and a low melting point, a base pressure 

lower than 10-23 Torr is required for its sublimation to occur. This prohibitive 

pressure means that a beam of tin atoms can only be produced upon melting the 

source material.  
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While its low melting point makes this a simple task, achievable even in the 

simplest design of effusion cells and using almost any kind of crucible, its 

exceedingly low vapour pressure makes the production of the beam a challenging 

enterprise.  

 

   

Figure 4.3 – Vapour pressure curves of the materials most commonly evaporated in 

the MBE system at UC. Solid triangles and diamonds indicate the corresponding 

melting and boiling point, respectively (adapted from refs176,177). Dots correspond to 

the deposition rates measured with the QCM at the position depicted in Figure 4.2.b 

during typical calibration (expanded in inset). Less than three orders of magnitude 

difference can be seen in the vapour pressure of Zn, Mg and Sb at typical source 

temperatures of 400°C, while more than 10 orders of magnitude separate these curves 

with the ones corresponding to tin. 

 

Figure 4.3 shows that for metals like Zn, Mg, and Sb, it takes between 200°C and 

450°C to reach the threshold vapour pressure upon which a measurable 

deposition rate can be attained. In the case of tin, this pressure can only be 

reached when the material is heated above 1000°C.  This temperature is at the 

limit of a standard effusion cell, so the evaporation rates achieved in this work 

with this type of cells were extremely low.  
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To put this in perspective: the sub-10 nanometres thick films grown in this work 

required 6 to 12 hours of continuous deposition. While such long growths are 

possible, and despite the low rates being partly responsible for the outstanding 

crystalline quality obtained in these films, it is not practical to grow thick films 

under these conditions. 

To overcome this limitation, a high temperature effusion cell was commissioned 

and fitted on the UHV system, thus expanding its capabilities for growing low 

vapour pressure materials. Figure 4.4 depicts the high temperature effusion cell 

(HT-Titan, form e-Science Inc.) used to grow most of the SnO2 films for the 

present work. It is designed to operate at temperatures up to 2000°C, with an 

input power of up to 1 KW. The high temperatures capabilities of this cell allowed 

increasing the tin deposition rates to levels comparable to those achieved for Zn 

in the growth of ZnO films. 

 

  

Figure 4.4 – Effusion cells (a), and crucibles (c) – (d) employed for the evaporation of 

materials in the MBE growth of intrinsic and antimony-doped SnO2. (b) Conical crucible 

frequently used for the evaporation of low boiling point dopants. Tantalum (c) and 

boron nitride (d) crucibles typically used for the evaporation of tin and antimony, 

respectively. 

 

Special considerations have to be taken into account when selecting the crucibles 

to be used in the effusion cells. Conical designs, such as the one depicted in 

Figure 4.4.b produce wider beams, capable of growing films on larger substrates. 

They also reduce the focusing of the beam and improves its homogeneity.  

(a) (b) 

(c) 

(d) 

High temperature effusion cell 

Standard effusion cell 
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An important disadvantage of this design is the considerable variation in the flux 

rate, as the material in the crucible depletes. Given the progressively reducing 

area of the evaporating surface, the amount of material reaching the surface of 

the substrate can vary considerably in time, so a close control of the deposition 

rate and frequent refilling are usually required. Finally, due to their large aperture, 

conical crucibles are prone to eject clusters of material, especially if the material 

is molten or the crucible is too full or too hot. The production of these clusters 

could have serious repercussions on the quality of the film, so low filling levels 

are recommended whenever these conditions are considered. 

Cylindrical crucibles are less susceptible to flux variation originated in the 

depletion of the source, given their constant cross sectional area. Specially 

designed tapered nozzles at the end of the crucible and smaller apertures 

combine the benefits of producing wide and homogeneous beams, with constant 

flux rates and narrow particle size distributions. This kind of crucible was used in 

this work for the deposition SnO2 thin films and for the dopant source in antimony-

doped SnO2 films. Figure 4.4 depicts the different types of cylindrical crucibles 

employed, along with the conical crucible generally used for Mg doping. 

A final consideration related to sources involves the selection of materials. Low 

outgassing materials, particularly in critical components such as shutters and 

crucibles, are required if contaminants are to be kept at a minimum level. Since 

these components are exposed to the highest temperatures and being in close 

contact with the source material and beam, unintentional doping can easily occur. 

Hence, extreme caution must be had in their selection and handling.  

Tantalum sheets and foil are frequently used as materials for shutters, as well as 

for the radiation shields that surround the crucible. The purpose of the former is 

merely to intercept the beam and effectively turn it on and off, whereas the latter 

improves the efficiency of the source and reduces the undesired heating of other 

components inside the chamber. While other high melting point metals such as 

molybdenum or tungsten can be used, it has been reported that the small amount 

of sulphur typically contained in them can evaporate at very high temperatures 

and produce unintentional doping in materials of the groups III-V178.  
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Ta is generally preferred for high temperature applications since it is less prone 

to produce volatile impurities. 

Pyrolytic boron-nitride (PBN) crucibles are typically used to evaporate most of the 

source materials in the MBE chamber at UC, given its low reactivity towards a 

wide range of materials.178 In spite of being the most accepted material for 

crucibles in MBE growth, nitrogen in PBN is known to diffuse and outgas at 

temperatures above 1000°C179-181. Since nitrogen has been suggested to be a 

suitable candidate for p-doping of SnO2 50,81, and considering the high source 

temperature required for the growth of the SnO2 films, the use of the typical PBN 

crucibles was therefore not adequate. Excellent results in terms impurity levels, 

flux rate and beam stability were obtained by adopting Ta crucibles for 

evaporating Sn in the growth of intrinsic and doped SnO2 films. 

 

4.3.3. Substrates 

 

While source-related considerations can affect the stoichiometry and the defect 

content of the film, substrate characteristics will condition the film’s crystallinity 

(or lack of it) and the feasibility of producing films at all. Since epitaxial growth 

requires the atoms reaching the substrate adopting an ordered structure that 

resembles that of the underlying layer, special considerations have to be taken 

into account when selecting the substrates and designing the protocols for 

growing single crystalline films. 

 

 Substrate selection 

 

In MBE growth, the substrate not only serves as a physical medium onto which 

the film is grown, but it also acts as a template to induce the desired order as the 

first layers of atoms are deposited. The substrate is therefore typically selected 

so that the crystalline planes at its surface present lattice parameters similar to 

that of the film to be grown.  



102 
 

This “lattice matching” facilitates an ordered growth and conditions the crystalline 

orientation attained for the film. 

While relatively straightforward for homo-epitaxial growth, hetero-epitaxy requires 

additional considerations to minimise the lattice mismatch between substrate and 

film surfaces. If the level of mismatch is low, the films can adopt the two-

dimensional lattice of the substrate and develop compressive or tensile stress, 

without compromising the structural integrity of the film.  

Significant mismatch on the other hand, can generate enough strain in the film to 

induce misfit dislocations at the substrate-film interface. These dislocations can 

propagate through the crystal and ruin the parallelism of its planes, rendering the 

film polycrystalline at best. The defects and stress induced by the lattice 

mismatch at the interface can also relax and produce localised misfits and mosaic 

patches on the surface of the film, without affecting the overall quality.  

Figure 4.5 shows SEM and AFM images of the surface of a SnO2 film grown in 

this work, depicting a typical example of these kind of defects. Localised tiers on 

the surface of the SnO2 film are present at right angles, suggesting they are 

caused by the different mismatch along the [-101] and [010] directions. In this 

case, the presence of defects does not affect the overall smoothness of the films, 

as evidenced by the AFM microscopies. 
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Figure 4.5 –. SEM (a) and AFM (b) microscopies of a SnO2 films grown in this work 

exhibiting surface defects produced by significant lattice misfit existing between the 

substrate and the film. Inset correspond to the FFT of (a), evidencing the oriented 

characteristics of the defects. (c) Cross section TEM of SnO2 films obtained by White 

et al81 depicting the dislocations present in the film. A high density of dislocations is 

observed near the substrate due to the significant lattice mismatch, exhibiting a 

decreasing trend and the film thickness increases. (d) Lattice structure of the (101) 

surface of SnO2 and the r-plane sapphire used as substrate. 

 

Two main strategies are usually adopted to minimise the stress in the film, to 

reduce the number of structural defects and to favour its crystalline quality. 

Substrates cut in crystalline orientations presenting a lattice similar to that of the 

material to be grown are usually sought for minimising the mismatch at the 

substrate-film interface. Complementary, buffer layers of the film’s material are 

sometimes grown at lower temperatures, prior to the growth of the desired film. 

These buffer layers tend to provide a gradual transition between the substrate 

and film lattices, thus distributing the stress and reducing the structural defects.  

RMS roughness 
0.49 nm 

(b) (a) 

(c) 

(85±6)° 

(d) 
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Throughout this work double sided polished r-plane sapphire (<10-11> Al2O3) 

was used as a substrate to grow SnO2 films in the <101> orientation, with 

excellent results in terms of film crystallinity and optical and electrical properties.  

The unstrained substrate and film lattice were depicted in Figure 2.2, where the 

approximately 11% and 0.4% mismatch corresponding to the [-101] and [010] 

directions can be observed. Despite the relatively large mismatch present in the 

[-101] direction, single-crystalline <101> SnO2 thin films of exceptional quality 

where obtained on a regular basis using the developed growth protocols. 

Preliminary tests using SnO2 buffer layers grown at lower temperatures showed 

no further improvement in the crystalline quality of the grown films, so this 

strategy was ultimately abandoned. 

 

 Substrate temperature 

 

Upon arriving to the surface of the substrate or film, the evaporated atoms have 

to be located in a vacant site, if the film is to maintain any kind of order. It is 

therefore necessary to provide the arriving atoms with enough energy so they 

can randomly diffuse and reach energetically favourable vacant sites. To assist 

with this, the substrate is mounted on a heating block that sufficiently increases 

its temperature so the diffusion process can take place.  

It is therefore reasonable to expect that increasing the substrate temperature 

would contribute to the diffusion of the surface atoms to vacant sites, thus 

minimising the chances of having atoms in the “wrong” place, which would 

produce defects in the crystal. While generally correct, this argument should not 

be taken lightly. Increasing the substrate temperature could also produce the 

material on the surface of the film to re-evaporate, thus hindering the film growth. 

This is particularly relevant in the case of SnO2, where the film growth results not 

just from the evaporation of tin, but from its oxidation upon reaching the substrate. 

This oxidation is possible thanks to the atoms provided by an oxygen plasma 

beam, which impinges the surface simultaneously with the tin beam.  
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Figure 4.3 shows that Sn needs to be heated to a temperature close to 1100°C 

to attain the minimum vapour pressure that would produce its effective 

evaporation. Tin oxide on the other hand, requires less than 900°C to reach the 

same vapour pressure.  

In consequence, while heating tin at 1100°C produces sufficient vapour to obtain 

film growth, maintaining the substrate at 900°C or higher would completely hinder 

it, due to the desorption of tin atoms in the form of SnO2. It is therefore evident 

that an adequate balance between source and substrate temperatures is of the 

essence for obtaining film growth by MBE. Such a balance becomes particularly 

important in determining the way in which the film grows and the type of 

crystalline structure obtained.  

Increasing the source temperature, for instance, will increase the rate of atoms 

arriving at the surface of the film and presumably the film’s growth rate. If under 

this condition the substrate temperature is kept constant, the mean free path of 

the diffusing atoms will decrease, and the atoms will likely interact with each other 

before reaching the front of the growing layer. These interactions can induce 

nucleation of the arriving atoms into clusters, which in turn can develop 

independently from each other and produce three-dimensional island growth, 

instead of the two-dimensional layer by layer growth usually desired.  

In the case of the tin oxide films grown in this work, the growth mode obtained 

and the consequent film quality were found to be extremely sensitive to the 

balance between the cell and substrate temperatures. In this sense, it was found 

that the source temperature should be kept within a 3% window to avoid the 

transition from layer-by layer to island growth mode. A more detailed description 

of the growth modes involved in MBE and the techniques and methods employed 

for assessing them throughout this work will be presented in section 4.4.  

Further considerations on the balance between the source and substrate 

temperatures and their effects on the crystallinity of the grown films will be 

discussed in section 4.5 and in Chapter 5, when the development of the growth 

protocols is addressed. 
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 Substrate preparation 

 

As previously discussed, the cleanness of the materials and components 

introduced in the growth chamber is essential to ensure the purity of the grown 

films Substrates are particularly susceptible to contamination, given that they are 

normally stored in atmospheric conditions or in humidity controlled environment 

at best. The required handling involved in the cleaving, mounting and loading of 

the substrates into the growth chamber further increases the chances of 

contamination. To minimise this, the substrate is exposed to a thorough chemical 

cleaning process before it is loaded into the growth chamber, where further 

cleaning at high temperatures is conducted. The details of the substrate 

preparation adopted in this work will be discussed in in section 4.6. 

 

4.4. Growth modes 
 

The temperature of the substrate during growth, its surface energy and that of 

the film, the lattice mismatch and the evaporation rate of the films constituents, 

all have a significant effect on film morphology and its mode of growth. In situ 

studies on surface structure, such as reflection high energy electron diffraction 

(RHEED), have allowed researchers to understand the dynamics of film growth, 

in terms of the diffusion of the arriving atoms and the evolution of growth front. 

Three different growth modes are typically observed for epitaxial films, based on 

the film morphology and on the evolution of RHEED patterns throughout the 

growth.136,142,182,183 

 

 

 

 



107 
 

4.4.1. Frank-van der Merwe (FM), 2D or layer-by-layer 

 growth mode 

 

Layer-by-layer is generally the most sought mode for epitaxial growth, given the 

crystalline quality of the films attained and the smoothness of their surfaces, 

which make them ideal systems for probing the ultimate limits of the material. 

The interactions between the atoms and the surface govern this mode, in which 

surface layers are nucleated and grow from two dimensional islands. The arriving 

atoms reach the surface and migrate to the edges of these islands, where they 

are incorporated to the lattice at the step edge. The growth proceeds by enlarging 

these islands and turning them into large terraces limited by atomic steps. Since 

bigger terraces have larger areas, more atoms are collected by them and they 

consequently grow faster than the smaller ones. As a result, smaller terraces tend 

to merge with bigger ones and the surface of the film becomes smoother, 

presenting a uniform distribution of atomic-stepped terraces, with widths (the 

distance at right angles between consecutive step edges) that can span 

thousands of atoms (Figure 4.8.a). 

If the width of these terraces is smaller than the mean free path of the diffusing 

atoms (adatoms), their migration to the step edges will produce a uniform growth 

of the terraces in what is called “step flow mode”. The smoothness of these 

surfaces will therefore be homogenous throughout the film and they will be 

characterised by the presence of wide terraces with atomic steps, corresponding 

to the inter-planar spacing of the crystal orientation in which the film grows.  

The protocols tuned in this work allowed routine growth of SnO2 films in the <101> 

orientation under this mode, in a highly reproducible manner. Figure 4.6 shows a 

typical SnO2 film grown in this work, exhibiting the wide terraces and atomically 

abrupt interfaces characteristic of the layer-by-layer step flow mode.  
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Figure 4.6 – (a) Typical sub-10nm film grown in the course of this work, exhibiting 

wide terraces defined by atomic steps, as evidenced by the height profile (c). Step size 

corresponding to the <101> SnO2 inter-planar spacing (b) can be observed in the 

height profile, and was confirmed by the XRD studies discussed in Chapter 5. 

 

Conversely, if the width of the terraces is larger than the adatom’s mean free 

path, the growth proceeds by the nucleation of new islands on top of the terraces. 

These islands will be enlarged with the incorporation of new adatoms and will 

merge with other islands until the surface of the terrace is completely covered. At 

this stage new nucleation will take place, repeating the island formation and 

growth. This mode, known as 2D nucleation, renders a surface that roughens and 

smoothens periodically as new atoms arrive and diffuse, contributing to the 

formation of new layers. 

Reflection high energy diffraction (RHEED) patterns associated to a layer-by-

layer growth exhibit streaks, originated in the diffraction of electrons from these 

flat surfaces, as shown in Figure 3.4.b. In addition, the periodicity involved in the 

formation of the new layers under the 2D nucleation mode can produce 

oscillations in the intensity of the RHEED patterns. These oscillations have been 

used in the past to assess the effective growth rate of SnO2 films and to study the 

transition between the different growth modes.14,79,178 

It is evident that the mobility of the adatoms on the surface of the film plays a 

crucial role in determining the growth mode of the film.  

(a) (b) 

(c) 
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Lower substrate temperatures reduce the adatoms’ mean free path, thus 

promoting the 2D nucleation growth. Higher temperatures, on the other hand, 

tend to produce the opposite effect and to favour the step flow growth mode. 

However, the interplay of the growth parameters in MBE is rather complex, and 

it is not easy to adjust a single variable without affecting multiple aspects of the 

film. As discussed in section 4.3, adjusting the substrate temperature might also 

have an effect on the film’s crystalline quality, on its optical and electrical 

properties and even on the possibility of having films growth at all. Moreover, the 

arrival rate of the atoms at the surface of the film will also affect their mean free 

path and the growth mode attained.  

Once again, subtle changes in the growth conditions might have an impact on 

several different aspects of the film grown. This inherent complexity of MBE 

growth can make obtaining a suitable growth protocol for the material in hand a 

rather difficult task. Stable and reproducible growth protocols are therefore the 

essence of any systematic study of the properties of materials grown by MBE. 

 

4.4.2. Volmer-Weber (VM), 3D or island growth mode 

 

In this mode, the interaction between the diffusing adatoms is stronger than that 

between the adatoms and the surface. These interactions favour the clustering 

of the adatoms into islands that grow independently from each other, thus 

producing three-dimensional growth (Figure 4.8.b). 

The dominant nature of this growth can usually be inferred from post-growth AFM 

and SEM images, like the ones presented in Figure 4.7, where the three-

dimensional nature of the mode is evidenced by the presence of islands and by 

the high surface roughness observed.  
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Figure 4.7 –  Low incident angle SEM (a) and AFM (b) microscopies of a 110 nm thick 

SnO2 films, grown in the 3D-island mode by adopting low substrate temperatures (Ts 

~ 600°C) and high evaporation rates (TSn ~ 1125°C). The total lack of film growth in a 

distinct area of the substrate (right side of (a)) suggest the presence of residue on the 

surface, and demonstrates the importance of the cleanness in MBE growth.  

 

In the course of this work, the 3D mode could also be identified during growth, 

thanks to the in-situ analysis capabilities of the MBE system at UC. Distinctive 

RHEED patterns exhibit well-defined spots, originated in the interference 

between electrons reflected and diffracted from the surface with those transmitted 

through the single crystal islands (Figure 3.4.c). Figure 3.4.d shows RHEED 

patterns characteristic of single crystal films grown under this mode, obtained 

during the development of the growth protocols for this work. 

As previously suggested, while the strength of the interactions depends on the 

surface energy of the substrate’s and film’s materials, the nucleation and island 

formation can be promoted or hindered by tuning the evaporation rate and the 

diffusion of the adatoms. Further discussion on the effects of these parameters 

on the films grown will be presented in Chapter 5. 

 

 

 

 

(a) (b) 
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4.4.3. Stranski-Krastanow (SK) or island-on-layer

 growth mode 

 

As suggested in sections 4.1 and 4.3, stress induced by the lattice mismatch at 

the interface can relax and produce localised misfits and mosaic patches on the 

surface of the film. In the island-on-layer mode the film initially grows in a layer-

by-layer fashion on a mismatched substrate, thus accumulating significant 

amount of strain in the lattice as the film grows thicker. Upon reaching a critical 

thickness the strain energy relaxes in the form of dislocations and mosaic 

structures, which evolve into islands with the arrival of new atoms. As more 

material is incorporated to the film, the growth usually proceeds in the VM mode 

(Figure 4.8.c). 

This FM-VM transition can also occur in the absence of significant mismatch-

induced strain, if the arrival rate of the atoms increases during growth. Larger 

amounts of atoms reaching the film can induce the formation of the islands 

described in the VM mode, therefore producing SK growth. Such transitions were 

observed in the course of this work, upon increasing the cell temperature less 

than 3%. The exponential growth of the evaporation rate with cell temperature 

(Figure 4.3) and the delicate balance of parameters required for obtaining layer-

by-layer growth are responsible for such transitions. The stability of the source 

and substrate temperature are therefore of great importance in ensuring the 

desired layer-by-layer growth mode. These considerations are also relevant 

when developing protocols for multi-layer growths, involving the 

activation/deactivation of multiple effusion cells that might affect the total arrival 

rate of the atoms at the surface of the film. 

Conversely, the VM growth can occasionally be reversed back to FM mode, by 

annealing the film at high temperatures during growth. Island-on-layer growth 

mode usually produces RHEED patterns exhibiting vertically elongated spots 

(Figure 3.4.h). The elongation of these spots into streak-like structures suggests 

the coexistence of FM and VM modes, characteristic of the island-on-layer mode. 
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Figure 4.8 – Schematic representation of the typical modes involved in the growth of 

SnO2 thin films by molecular beam epitaxy.  

 

4.5. Developing growth protocols 
 

The development of growth protocols for the high quality SnO2 thin films obtained 

in this work involved a series of iterative growths to optimise the system 

parameters. An initial set of 20 samples was grown to characterise the effect of 

substrate temperature, cell temperature, Oxygen pressure and growth time on 

the morphology of the films. X-ray diffraction (XRD) and X-ray photoelectron 

spectroscopy (XPS) studies conducted on these samples evidenced single 

crystal <101> SnO2 thin films of exceptional crystalline quality and stoichiometry, 

and no other phases where detected. The highly crystalline nature of these films 

suggests that a scarce number of structural defects are present, while the lack of 

SnO phases implies the complete oxidation of the tin atoms and the lack of a 

significant number of oxygen vacancies. These observations are supported by 

the highly insulating character of the films obtained in this series, all of them 

presenting resistivities beyond 104 Ω.cm. 

Despite their good crystalline quality and the purity of their stoichiometry, all the 

films grown in this series were extremely thin, so their potential for meta-

structured materials or devices is relatively limited. Even when the source was 

heated to its maximum temperature (~1000°C), 12 hour growths were required 

to obtain 10 nm thick films. Under these conditions, the growth of thicker films 

was clearly prohibitive: it would take several days to produce a film as thin as 100 

nm. Such a low deposition rate, even at high temperatures, should not be 

surprising when considering the discussion of section 4.3.2, regarding the 

evaporation process involved in MBE growth. 

(a) (b) (c) 
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As previously mentioned, a high temperature effusion cell was commissioned to 

overcome this limitation. Upon performing a deposition rate vs cell temperature 

calibration, it was found that a minimum temperature of approximately 1020°C 

was required to produce a measurable deposition rate on the quartz crystal 

microbalance.  This temperature matches almost perfectly to the threshold 

temperature estimated, based on the vapour pressure curves and the calibration 

curves of the other elements evaporated in the chamber (Figure 4.3).  

Moreover, a cell temperature less than 10% higher than the maximum 

temperature of the standard effusion cell was sufficient, not only to overcome the 

vapor pressure threshold and produce film growth, but also to cover the total 

evaporation rate range employed in the rest of this work. 

Approximately 15 samples were initially grown using the newly commissioned 

high temperature cell, to optimise the parameters of films ranging from 20nm to 

600nm in thickness. Each of these samples required growth times between 1 

hour and 12 hours, depending on the sought thickness and film quality. Once the 

optimum parameters for growing SnO2 under this configuration were obtained, 

dozens of new samples were grown in a reproducible manner for studying several 

aspects of tin oxide, including its photoconductivity response and its application 

in transparent electronics. 

The rest of this chapter will cover an overview of the protocol implemented for 

obtaining single crystal SnO2 thin films by MBE, and some of the results obtained 

during the protocol optimization. The final set of parameters adopted will be 

discussed based on these results, and in light of the considerations presented in 

previous sections. 

 

4.6. General growth protocol 
 

The samples obtained in the present work were grown using plasma-assisted 

molecular beam epitaxy (PAMBE) in the Thermionics, custom-built, ultra-high 

vacuum (UHV) chamber described in section 4.2, under a typical base pressure 

of 4x10-9 Torr.  
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An e-science HT Titan effusion cell (Figure 4.4) with a Ta crucible was used to 

melt and evaporate Sn pellets (99.999%, Lesker Company Ltd.) for the growth of 

most of the SnO2 films presented in this work, while an e-science LT Titan 

effusion cell with a boron-nitride crucible was used for the sub-20nm films. An 

Oxford Applied Research HD25 RF plasma source provided the necessary 

atomic oxygen to produce SnO2. A dedicated research grade oxygen line 

(99.999%, Southern Gas Services Ltd.) supplied the gas to the chamber via a 

precisely controlled needle valve.  

The MBE system at UC can used in MBE or PLD configurations for growing a 

variety of different materials. An adequate chamber preparation and outgassing 

is therefore required upon changing the chamber configuration from PLD to MBE, 

or when a new material is introduced in the chamber. Due to geometrical 

limitations and to avoid cross contamination from the PLD deposition, the MBE 

effusion cells are removed from the chamber and stored in the clean room while 

not in use.  

A new MBE growth series thus requires venting the chamber to allow mounting 

the effusion cells, and re-pumping down the chamber until a base pressure of 

4x10-9 Torr is reached, in approximately three days. Once the base pressure is 

reached, 8 to 10 hours outgas of the effusion cells and crucible is performed, by 

heating the cell to a temperature between 110% and 120% of the expected 

growth temperature. This process eliminates volatile residues that might have 

been adsorbed onto the surfaces of the cell, and minimises the impurities at the 

surface of the evaporating material. To keep impurity levels to a minimum, this 

process is repeated separately for each new cell and for each new material 

introduced in the chamber. After the outgassing process is finished, the system 

can run in the MBE configuration for several months before it has to be vented to 

fill a depleted crucible, introduce a new material, or change the system 

configuration. 

Once the outgas is complete, an evaporation rate vs temperature calibration is 

performed, by measuring the deposition rate obtained on a MacVac Inc. quartz 

crystal microbalance (QCM) intersecting the tin beam at the position where the 

substrate is held during growth (Figure 4.2.b).  
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Typical calibration curves are shown in Figure 4.3, where the sharp onset of the 

evaporation rate, characteristic of its exponential dependence on temperature 

can be observed. These curves are periodically verified to ensure the 

reproducibility of the conditions and to assess the eventual depletion of the 

source. In the course of this work, only a slight reduction in the deposition rate 

was observed after more than three months (approximately 250 h) of evaporating 

Sn. 

Typical SnO2 films obtained in this work were grown on a quarter of a 2-inch x 

0.5 mm thick, double polished, r-plane sapphire wafer (<10-12> - Al2O3, from MTI 

Corp). Substrate preparation begins with the cleaving of the wafer, followed by 

degreasing steps in ultrasonic baths of Trichloroethylene, Acetone and Methanol 

at room temperature for 10 minutes each and blown dry with 99.999% pure N2. 

The cleaned substrate is mounted on a Mo plate that provides thermal contact 

with the heating block inside the growth chamber (Figure 4.2). In-Sn alloy (48%, 

form ESPI Metals) is used to bond the back of the substrate to the Mo heater 

plate, to ensure good thermal contact with the heating block.  When heated to the 

growth temperature, the low melting point of the alloy provides a liquid metal 

interface between the substrate and the heater plate that contributes to an 

effective and uniform heat transfer. At the same time, the surface tension of the 

molten InSn is sufficient to hold the substrate in the upside-down configuration 

shown in Figure 4.2, thus minimising the strain on the substrate and reducing the 

stress-induced defects produced by clamping alternatives.171,178 

Once bonded to the heating plate the substrate is loaded into the load lock, which 

is pumped down to 4x10-8 Torr in a few hours, so the plate and substrate can be 

transferred into the growth chamber with a minimal residual gas contamination. 

A final cleaning process is conducted with the substrate inside the chamber, to 

eliminate any solvent residue. It involves a 30 minutes bake step with the 

substrate held at 800°C, followed by a 30 minutes oxygen plasma clean at 800°C 

that further cleans the surface of the substrate, leaving a pristine, epi-ready 

surface. 
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Some reports suggest that a final, high temperature annealing step is required to 

relax potential damage produced on the growth surface during 

preparation.171,178,182 In the protocols adopted in this work, the substrate is 

already held at 800°C during the oxygen plasma cleaning step, so the damage 

eventually produced on the growth surface by the preparation steps is most likely 

to be automatically repaired.  

This observation is supported by RHEED measurements routinely conducted 

before and after each preparation step, during the tuning of the growth protocols. 

In these initial assessments, no sign of improvement was observed after the 

additional annealing step was included. Sharp electron diffraction patterns with 

noticeable Kikuchi lines (Figure 5.1.a and Figure 5.3.b) are consistently obtained 

after the adopted preparation procedure is finished. These features suggest the 

existence of smooth surfaces, ideal for epitaxial growth136, so no further annealing 

step was deemed necessary. Moreover, AFM and XRD studies of films grown on 

substrates prepared including this final annealing step were undistinguishable 

from their counterparts in which the step was omitted.  

After preparing the substrate, the heating block holding the sample is rotated 

around its axis (Figure 4.2) while RHEED patterns are collected. These patterns 

are not only useful to confirm that the surface of the substrate is ready for growth, 

but they also provide a way of determining the lattice orientation during growth. 

Once the alignment of the substrate has been verified, the desired growth 

conditions including oxygen pressure, plasma power, substrate temperature and 

cell temperature are set, and sufficient time is allowed for the system to stabilise. 

Table II presents the parameter space explored in the process of optimising the 

growth protocols implemented in the present work, and the typical conditions 

ultimately employed in the growth of high quality material for studies in 

photoconductivity, implantation and electronic devices. 

As mentioned in section 4.3, fluctuations in the source temperature have been 

observed throughout this work upon opening and closing the cell shutter.  
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In order to ensure a constant rate of material impinging the substrate, a large Ta 

plate can be placed underneath the substrate, to prevent the deposition of 

material when the flux is not stable. This shutter is opened in the plasma clean 

step during the substrate preparation, and remains closed when the Sn cell’s 

shutter is opened. 

Once the Sn source temperature stabilizes, the substrate shutter is opened again 

and film growth begins. When the growth comes to an end, the shutters are 

closed and the substrate and cell temperatures are slowly ramped down, together 

with the oxygen plasma source. A complete shutdown is achieved in 

approximately 30 minutes. The grown film is usually left to cool down for a couple 

of hours before transferring it from the growth chamber into the load-lock for its 

retrieval. 

 

Table II – Range of parameters explored during the optimization process for growing 

SnO2 films by MBE and the optimized parameters adopted for most of the growths 

presented in this work. 

Parameter Range explored Optimum values 

Substrate r-plane sapphire r-plane sapphire 

Cell temperature ~950°C – 1200°C 1075°C 

Substrate temperature 250°C  – 800°C 800°C 

Oxygen pressure 5x10-6 Torr – 2x10-4 Torr 3 x 10-5 Torr 

Plasma power 200 W – 250 W 200 W 

Sn deposition rate 0.033 Å/s – 3 Å/s 0.3 Å/s – 0.4 Å/s 

Growth time 1 h – 12 h 1h - 3 h 

Growth rate 0.6 nm/h – 132 nm/h ~50 nm/h 

Thickness ~ 3 nm – 600 nm ~150 nm 
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Chapter 5         

          

 MBE growth of SnO2 thin films 
 

5.1. Overview 
 

This chapter presents some of the results obtained during the optimisation of the 

growth conditions for obtaining SnO2 thin films. The films presented here, 

spanning a wide range of growth conditions, were examined in light of the 

considerations discussed in Chapter 4 in order to tune the protocol for obtaining 

the best possible material in terms of crystalline, optical and electrical properties. 

Many techniques (mostly described in Chapter 3) were employed to assess the 

films’ growth modes, their surface morphology, the crystalline phases present, 

their optical characteristics and their electrical properties.  

 

5.2. Growth modes and surface crystallinity 
 

The modes involved in the growth of each film were identified by in-situ, real-time 

reflection high energy electron diffraction (RHEED) measurements. This 

technique also contributed to the real-time assessment of the quality of the 

surfaces attained. Figure 5.1 shows the typical evolution of RHEED patterns 

obtained during the growth of sub-10 nm films. 
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Figure 5.1 –. Typical evolution of the RHEED diffraction patterns in the [010] direction 

during the growth of sub-10 nm <101> SnO2 thin films. The growth time and an 

estimation of the number of atomic layers (A.L.) deposited, based on ex-situ thickness 

measurements are included. The transition from a 3D-island to a 2D layer-by layer 

growth mode is suggested by the elongated spots observed between (d) and (e). The 

initial image (t = 0 s) corresponds to the diffraction pattern of the substrate, before the 

growth begins. 

 

Sharp spots and Kikuchi lines observed before the growth commences indicate 

the presence of a clean and smooth surface, ready for epitaxial growth81,104,184,185. 

These features tend to disappear once the deposition begins, after a few 

monolayers are formed on the sapphire substrate. As the deposition continues, 

distinct and disconnected spots are observed, indicating that the growth proceeds 

in the 3D–island growth mode described in section 4.4.2. A transition between 

the initial 3D-island to a 2D-like growth mode is suggested by the evolution of the 

initially disconnected diffraction spots (Figure 5.1.c) into elongated streak-like 

structures (Figure 5.1.e, f).  

In addition to this qualitative assessment, the RHEED diffraction pattern shows 

the lattice matching of the film to the substrate, and confirms the epitaxial nature 

of the growth. Figure 5.2 presents the intensity profile of RHEED patterns 

obtained along the [010] direction, corresponding to 3 nm to 150 nm thick SnO2 

films.  

(a) 
t = 0 s 
0 AL 

(b) 
t = 10 min 
0.5 AL 

(c) 
t = 30 min 
1 AL 

(d) 
t = 90 min 
4 AL 

(e) 
t = 6 h 
14 AL 

(f) 
t = 12 h 
28 AL 
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Lattice matching between 90% and 100% were obtained for all the films, 

indicating epitaxial growth regardless of the film thickness.  

 

Figure 5.2 –. Intensity profile obtained from the RHEED diffraction pattern of SnO2 

films grown to different thickness. The positions of the diffraction peaks observed 

match those of the substrate for all the films obtained in this work, indicating the 

epitaxial nature of the growth. 

 

While the resolution of the RHEED instrument does not allow an accurate 

calculation of the lattice parameters, high lattice matching in the [-101] and the 

[010] directions was observed for all films. Given that the lattice constant in the  

[-101] direction of the (101) SnO2 plane differs more than 10% with the 

corresponding epitaxial direction of the r-plane sapphire substrate ([10-11]), 

lateral strain in the [-101] direction is likely to be present. On the other hand, given 

the less than 0.4% difference between film and substrate lattices in the [010] and 

[12-10] directions respectively, a negligible strain is expected in the [010] 

direction. 

The qualitative, real-time information obtained from RHEED measurements was 

particularly useful when optimising the growth protocols in terms of system 

parameters, such as evaporation rate and substrate temperature. Figure 5.3 

presents RHEED patterns of a 100 nm thick film, where multiple growth modes 

can be observed as the film grows thicker.  
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Figure 5.3 – Evolution of the RHEED diffraction patterns along the [010] direction 

during the growth of a 110 nm film where the Sn flux was too high. A transition between 

an initial 3D-island growth (c) to an island-on-layer mode (d) can be observed, after 

which the formation of new islands governs the growth (e). As the growth of individual 

islands proceeds in different orientations, a polycrystalline film is obtained (f). 

 

After the first layers of material are deposited, the diffraction pattern associated 

with the substrate disappears and the characteristic 3D-island mode begins. As 

in the previous case, the diffraction spots evolve into elongated structures, 

suggesting the presence of an island-on-layer mode, presumably evolving into 

2D-layer-by-layer mode.  

However, given the high temperature of the Sn cell (1125°C) and the relatively 

low substrate temperature (660°C), new atoms reach the substrate before the 

adsorbed ones can diffuse to the edges of the islands. This limits the widening of 

the islands into the characteristic terraces of a layer-by-layer mode. New islands 

are formed instead, and as they grow taller (due to the limited diffusion of the 

adatoms and the high arrival rate) a complete transition to 3D-island growth is 

observed in the RHEED diffraction pattern.  

Since these 3D islands do not form a continuous crystal, the strain accumulated 

can relax independently in each island and produce the dislocations and mosaic 

structures discussed in Chapter 4.  

(a) 
t = 0 s 

(b) 
t = 20 s 

(c) 
t = 60 s 

(d) 
t = 5 min 

(e) 
t = 30 min 

(f) 
t =  1 h 
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Subsequent layers are grown in islands that present different orientations (Figure 

3.4.e), thus giving rise to a polycrystalline film, as evidenced by the circular 

patterns observed in Figure 5.3.f. 

While the growth description presented here is consistent with the RHEED 

patterns obtained, a thickness induced transition could also be responsible for 

the 2D to 3D transition and for the polycrystalline film finally obtained. It is well 

known that severe mismatch can produce significant amount of stress in the 

lattice as the film grows thicker. If the stress cannot be distributed (usually by 

growing buffer layers), relaxation in the form of dislocations occur upon reaching 

a critical thickness.182,183,186-188 However, several films of up to 600 nm in 

thickness were obtained during this work without displaying the transition 

discussed above, thus ruling out the hypothesis of a critical thickness being a 

limiting factor for obtaining layer-by-layer films beyond 100nm.  

To assess the influence of the substrate temperature on the surface crystallinity, 

four 100 nm thick films were grown at substrate temperatures of 500°C, 660°C, 

730°C and 800°C, and tin cell temperatures of 1125°C. RHEED studies revealed 

the presence of polycrystalline films on the samples grown at lower temperatures, 

3D-island growth mode for the sample grown at 730°C and island-on-layer mode 

for the film grown at 800°C (Figure 5.4).  

This trend indicates a transition from polycrystalline films to single crystal 3D-

island and to layer-on-layer mode, as the substrate temperature is increased. 

These results are consistent with the considerations discussed in Chapter 4, in 

relation to the balance between the substrate and cell temperature, and they 

provide further evidence supporting the growth mechanism suggested here. 

At low substrate temperatures, the diffusing adatoms do not have enough energy 

to reach the edge of the initially formed 2D-islands before new atoms reach the 

substrate. The increasing number of atoms reaching the substrate reduces their 

mean free path, which promotes the formation of new islands that proceed with 

their individual growth and render a polycrystalline film (Figure 5.4.a).  
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As the substrate temperature is increased, the atoms gain enough energy to 

diffuse to the edges of the islands, which continue to grow in the Volmer-Weber 

(VM) mode (Figure 5.4.a). At sufficiently high substrate temperatures, the rate 

with which diffusing adatoms reach the edges of the islands overcomes the rate 

of the arriving atoms, and the film grows in a layer-by-layer mode, as described 

in section 4.4. This 2D growth is evidenced by the streaky characteristics of the 

diffraction pattern obtained in Figure 5.4.d. 

 

 

Figure 5.4 –. RHEED diffraction patterns along the [010] direction of 100 nm thick 

SnO2 films, grown at increasing substrate temperatures and a Sn cell temperature of 

1125°C. A clear transition between polycrystalline (a), 3D-island (c) and layer-by-layer 

(d) growth modes is observed, as the substrate temperature increases.  

 

The trend observed in Figure 5.4 suggests that growing SnO2 films at higher 

temperatures increases the crystallinity of the surfaces, and presumably the 

overall crystalline of the film. It should be noted however, that a steady increase 

of the growth temperature might end up being disadvantageous.  

(a) 
Ts = 500°C 

(b) 
Ts = 660°C 

(c) 
Ts = 730°C 

(d) 
Ts =800°C 
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While increasing the substrate temperature promotes the adatoms diffusion and 

favours the crystalline quality, it also raises the material’s vapour pressure and 

increases the chances of re-evaporation of the grown film.  

Figure 4.3 shows that raising the substrate temperature beyond 900°C would 

produce the re-evaporation of SnO2 at a rate comparable to that of the 

evaporation of Sn, thus hindering the film growth. This limitation turned out to be 

convenient for the present work, since the temperature at which re-evaporation 

of SnO2 occurs (900°C), is also the maximum temperature achievable with the 

current design of the heating block. 

The balance between the arrival rate of the atoms and their diffusion once 

adsorbed was proven to impact significantly on the surface crystallinity of the films 

grown. Further improvement of the crystalline quality was therefore sought by 

reducing the Sn cell temperature, while keeping the substrate temperature at 

800°C. This minimises the re-evaporation of the deposited material, and prevents 

the heater block from getting too close to its maximum limit.  

Figure 5.5 shows the RHEED diffraction patterns obtained for four tin oxide films 

grown with tin cell temperatures of 1125°C, 1075°C, 1050°C and 1025°C and 

substrate temperatures of 800°C. A remarkable improvement in terms of surface 

crystallinity is evidenced by the streaks present in the RHEED diffraction pattern, 

upon reducing the cell temperature. Moreover, the patterns obtained for the 

samples grown at 1075°C and 1050°C seem to exhibit Kikuchi lines, usually 

associated with highly crystalline surfaces. This level of surface crystallinity has 

not to our knowledge been reported in previous literature on stannic oxide films 

and could be systematically reproduced in the course of the present work for films 

ranging from 20nm to 300 nm in thickness. 

It is worth recalling that the highly crystalline nature of the surfaces has so far 

been assessed based on the RHEED diffraction patterns obtained along the [010] 

direction. This means that the distance between the streaks observed in the 

diffraction pattern is associated with the [-101] direction of the lattice (Figure 3.3), 

for which the largest mismatch is expected. 
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Figure 5.5 –. RHEED diffraction patterns along the [010] direction of 100 nm thick 

SnO2 films, grown at a substrate temperature of 800°C and decreasing Sn cell 

temperatures. A significant improvement in the crystalline quality upon reducing the 

cell temperature less than 5 %, to 1075°C is evidenced by the presence of sharp 

streaks in the RHEED pattern. No significant improvement is observed by reducing the 

cell temperature further, demonstrating the importance of the balance between the cell 

and substrate temperatures. 

 

Figure 5.6 presents RHEED patterns of 100 nm thick SnO2 films obtained along 

different directions by rotating the sample along its azimuth axis. When electron 

beam is aligned to the [010] direction of the sample (Figure 5.6.a) the previously 

described streaked features are observed, indicating the presence of a highly 

ordered surface. A significant improvement in terms of sharpness and 

homogeneity of the streaks can be observed in the diffraction pattern shown in 

Figure 5.6.b, corresponding to the electron beam aligned to  the [-101] direction. 

In this condition, the distance between streaks and their widths are associated to 

the [010] direction of the sample, for which the expected mismatch is minimal 

(<0.4%).  

(a) 
TSn = 1125°C 

(b) 
TSn = 1075°C 

(c) 
TSn = 1050°C 

(d) 
TSn = 1025°C 
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Figure 5.6 –. RHEED diffraction patterns of a 100 nm thick SnO2 film, grown at 

substrate and cell temperatures of 800°C and 1075°C, respectively. Multiple 

orientations are probed as the sample is rotated in the azimuth angle, all of them 

exhibiting well-defined streaks indicative of a highly crystalline surface.  

 

While the improvement observed should therefore be of no surprise, it is 

remarkable that well defined streaks are obtained in the RHEED patterns 

collected along the perpendicular direction (Figure 5.6.a), for which the mismatch 

between film and substrate is expected to be considerable. In addition, well-

defined lines associated with the presence of wide terraces and coherent lattice 

structure are also observed upon rotating the sample around its azimuth axis 

while probing different orientations (Figure 5.6.c,d). 

While further studies on surface morphology, stoichiometry and crystallinity of the 

films were conducted in this work, in-situ RHEED proved to be an invaluable tool 

for the preliminary assessment of the grown material. In addition, it provided vital 

information on the growth modes involved and on the quality of the films obtained 

for efficiently tuning the growth conditions. 

(a) 
0° 
[010] 

(b) 
90° 
[-101] 

(c) 
135° 
[-1-11] 

(d) 
45° 
[-111] 
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5.3. Surface morphology 
 

Scanning Electron Microscopy (SEM) was used to survey the surface of the films 

over large areas, identifying laterally defined structures and specific regions of 

interest. Atomic force microscopy (AFM) was later employed to obtain 

topographic information of the films’ surfaces, characterising their root mean 

square (RMS) roughness, and confirming the presence of atomic steps in films 

grown in a layer-by-layer fashion. 

SEM scans across the whole surface of the films show uniform distribution of 

material, with no sign of the preferential growth and hotspots sometimes reported 

for films grown on non-rotating substrates178,182,183. AFM imaging and UV-visible 

spectroscopy performed on multiple areas of each grown film show negligible 

variations within each sample, thus confirming these observations. 

Figure 5.7 presents SEM and AFM images films grown at a constant Sn cell 

temperature of 1125°C and substrate temperatures of 500°C, 730°C and 800°C. 

SEM images of the samples grown at lower substrate temperature show the 

presence of large, well defined grains (Figure 5.7.a), consistent with the 

polycrystalline characteristics suggested by the corresponding RHEED diffraction 

pattern (Figure 5.4.a).  

As the substrate temperature is increased (Figure 5.7.b, c), the grain size is 

reduced and their edges become less defined. This evolution towards smaller 

and less defined grains is in agreement with the polycrystalline–3D islands–2D 

layers growth mode transitions observed in the dependence of the RHEED 

diffraction patterns on substrate temperature. Moreover, AFM images reveal not 

only a decrease in grain size, but also a 30-fold decrease in surface roughness 

as the substrate temperature increases, going from 10.1 nm in samples grown at 

500°C to 0.35 nm in the films grown at 800°C (Figure 5.7.b, d, f). This is consistent 

with the growth of more flat, 2D like structures due to the migration of the diffusing 

adatoms to the edges of the islands and terraces, which is only possible at higher 

substrate temperatures. 
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Figure 5.7 –. SEM (left) and corresponding AFM images (right) of 100 nm thick SnO2 

films, grown at Sn cell temperatures of 1125°C and increasing substrate temperatures. 

A clear decrease in the surface roughness and the fading of the sharp features is 

observed as substrate temperature increases, consistent with the increased diffusion 

of the adsorbed atoms.  

 

 

RMS roughness 10.1 nm 

RMS roughness 
2.60 nm 

RMS roughness 
0.346 nm 

(a) 
Ts = 500°C 

(b) 

(c) 
Ts = 730°C 
 

(d) 

(e) 
Ts = 800°C 
 

(f) 
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Figure 5.8 shows the grain size and surface roughness calculated from the AFM 

images of the 100 nm thick films grown at increasing substrate temperatures. A 

clear decrease in the size of the grains and the film roughness as substrate 

temperature is increased indicates the growth of more flat 2-D like structures, 

consistent with the evolution observed in RHEED studies. The sudden drop 

observed both in the grain size and surface roughness beyond 660°C correlates 

with the polycrystalline-3D island transition observed in RHEED studies (Figure 

5.4). This suggests that the diffusion rate of the adsorbed atoms begins to 

overcome their arrival rate. At higher substrate temperatures, the diffusion of the 

adsorbed atoms is large enough for them to reach the edges of the growing 

terraces, rendering the smooth surfaces characteristic of the layer-by-layer 

growth mode. 

 

 

Figure 5.8 –. Grain size and surface roughness of 100 nm thick SnO2 films, grown at 

Sn cell temperatures of 1125°C and increasing substrate temperatures. The drop in 

grain size and surface roughness at temperatures higher than 660°C indicates the 

increased diffusion of the adsorbed atoms and the improvement in the quality of the 

surfaces. Solid lines are guides for the eye. 
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Further studies were conducted on samples grown at the highest substrate 

temperature (800°C) and decreasing cell temperature. Figure 5.9 shows the SEM 

and AFM images obtained for the sample grown with the lowest evaporation rate, 

corresponding to a cell temperature of 1025°C. The lack of sharp features in the 

SEM images indicates a significant improvement in terms of smoothness, over 

the films grown at higher evaporation rate. Moreover, the presence of periodic 

lines spaced a few hundred nanometres apart suggest that the growth evolved in 

the step-flow, layer-by-layer mode discussed in section 4.4. This was further 

confirmed by wide area AFM imaging, which showed the presence of wide 

terraces with steps corresponding to the <101> inter-planar spacing, similar to 

the ones depicted in Figure 4.6.  

 

 

Figure 5.9 –. SEM (left) and corresponding AFM images (right) of a 100 nm thick SnO2 

film, grown at lower Sn cell temperature (1075°C) and high substrate temperature 

(800°). Similar results were obtained for growths involving lower Sn cell temperatures, 

suggesting that the adatoms’ diffusion rate has overcome the arrival rate.  

 

Surface roughness is also improved upon reducing the evaporation rate, as 

shown in Figure 5.9.b. Peak to peak and RMS roughness are reduced more than 

30% and 40%, respectively in samples grown with lower evaporation rates (cell 

temperatures of 1075°C, 1050°C and 1025°C), compared with the higher 

evaporation rate counterparts (cell temperature of 1125°C, Figure 5.7.f).  

RMS roughness 
0.197 nm 

(b)  (a)  
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Poorly defined grain boundaries in these samples are consistent with the growth 

of more flat 2D-islands and terraces, further suggesting an improvement in the 

growth mode.  

While reducing the cell temperature from 1125°C to 1075°C produced a 

noticeable improvement in the films obtained, no further improvement could be 

perceived in the films grown with lower evaporation rates, rendering surfaces 

similar to Figure 5.9.b. This suggests that for cell temperatures of 1075°C and 

lower, the diffusion rate of the adatoms overcomes the arrival rate of the 

evaporated atoms. The diffusing adatoms can therefore reach the step edge of 

the terraces, before new atoms arrive and promote clustering. Lowering the Sn 

cell temperature beyond this point produces no further benefit for the diffusion of 

the adatoms and would only decrease the growth rate of the film. 

These results are in complete agreement with the improvement observed in the 

RHEED diffraction patterns, and the effect of the substrate temperature on the 

growth modes attained is consistent with the diffusion mechanisms proposed.  

The transition from polycrystalline/3D-islands growth mode towards a layer-by-

layer mode, with increasing substrate temperature, is clearly evidenced in the 

RHEED, SEM and AFM studies presented here. The effect of the cell temperature 

on the film growth is also evidenced in the surface studies presented, and the 

proposed interplay between the rate of arrival of the atoms and their diffusion is 

consistent with the results obtained. 

In summary, a substrate temperature of 800°C and a cell temperature of 1075°C 

provide the optimum balance for attaining a high growth rate while maintaining 

the high-quality surfaces associated to the 2D, layer-by-layer growth mode. This 

conclusion is further supported by the XRD studies on the crystalline structure of 

the films grown, presented later in this chapter. 
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5.3.1. Dependence on film thickness 

 

Having established the conditions for producing high quality SnO2 films in a 

reproducible manner, it was necessary to determine whether such quality could 

be maintained over large thicknesses. To this purpose, the effect of film thickness 

on surface morphology was studied for samples grown at different substrate and 

cell temperatures. SEM microscopies were used to assess the presence of 

delamination, bulging and tears on the films, while AFM images were used to 

characterise the surface roughness. 

Figure 5.10 shows the evolution in the surface morphology of films grown at a 

substrate temperature of 800°C, with a cell temperature of 1125°C. Smooth films 

are obtained with these conditions for thicknesses up to 100 nm, as evidenced in 

Figure 5.10.a.  

As the film grows thicker, the appearance of large features on a relatively smooth 

background suggests that the strain within the film is beginning to relax into 

dislocations that produce local film bulging at thicknesses close to 300 nm (Figure 

5.10.b).  The number of dislocation increases with film thickness, as suggested 

by Figure 5.10.c, d, and a considerably rougher surface is ultimately obtained at 

600 nm.  

While the lower quality of the films grown at 660°C had already been established, 

their thickness dependence was also explored, to assess whether the quality 

could be improved. A similar trend was observed in these films, although 

comparable levels of surface roughness were attained at much lower film 

thicknesses, as evidenced in Figure 5.11.  
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Figure 5.10 –. Surface morphology of SnO2 films grown to different thicknesses, at 

substrate and Sn cell temperatures of 800°C and 1125°C, respectively. An increasing 

number of defects is observed as the films grow thicker, consistent with the strain 

within the film relaxing into dislocations and increasing the surface roughness. 

 

This behaviour is not surprising, in light of the discussion presented in section 4.3 

and the results addressed earlier in this chapter. Higher evaporation rates and 

lower substrate temperatures promote the growth of more strained films. As the 

strain increases with thickness, dislocations and film bulging are expected to 

appear at lower thicknesses in films grown at lower substrate temperatures 

and/or higher Sn cell temperatures.  

Conversely, films grown at high substrate temperature (Ts = 800°C) and lower 

cell temperature (TSn = 1075°C) exhibit lower roughness than their high cell 

temperature counterparts (Figure 5.11). Moreover, comparatively little indication 

of film bulging is observed in these films for thickness up to 300 nm, and no sign 

of surface degradation is observed in the corresponding RHEED patterns.  

(b) 
320 nm  

(a) 
100 nm  

(c) 
450 nm  

(d) 
600 nm  
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Figure 5.11 –. Surface roughness obtained for films grown at different substrate and 

Sn cell temperatures. Films presenting the same thickness exhibit considerable 

rougher surfaces when grown at lower substrate temperatures or at higher Sn cell 

temperatures. Solid lines are guides for the eye. 

 

5.4. Crystallinity 
 

The crystalline structure of the films was studied by X-ray diffraction techniques 

(XRD). Diffraction patterns of the most representative samples were obtained in 

a Bruker D8 diffractometer system, equipped with a point detector and a Co 

radiation source. The source presents a dominant K peak with a narrow splitting 

at 1.788970 Å and 1.792850 Å, and a less intense K component at 1.620790 Å. 

XRD studies in the longitudinal -2 scan configuration were conducted to 

determine crystalline structure of the films, to characterise the lattice spacing of 

the grown material and to assess its strain condition. Transverse  scans 

satisfying the Bragg-Brentano condition (rocking curves) were also obtained to 

assess the presence of mosaicity or polycrystalline phases in the films. Finally, 

grazing incidence X-ray diffraction was implemented to explore the near surface 

region, thus complementing the results obtained from in-situ RHEED studies. 
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The XRD profiles obtained for all the films studied indicate the presence of single 

crystal SnO2 films, grown in the <101> orientation, with no evidence of additional 

crystalline phases. The <101> orientation in the direction of growth is consistent 

with the in-situ RHEED results that show epitaxial growth with lattice matching in 

the [010] and [-101] directions (Figure 2.2). 

 

5.4.1.  XRD studies of sub-10 nm SnO2 films 

 

Figure 5.12 presents typical XRD profiles obtained for sub-10 nm thick films in 

the  - 2 scan configuration. Intense diffraction peaks associated with the 

substrate (r-sapphire) and corresponding to the Kand K lines are observed at 

2K = 29.8°, 61.9° and 2K = 26.9°, 55.7°, respectively. Additional, less intense 

diffraction peaks are associated with the experimental setup and will be 

discussed in the following section. 

 

  

Figure 5.12 –. Typical XRD pattern corresponding to wide angle  - 2 scans of sub-

10nm films. A single peak associated with <101> SnO2 is observed, with no other 

phases present. Laue fringes observed on the sides of the main <101> SnO2 peak 

suggests the high coherence of the lattice planes present in the film. 
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A single diffraction peak centred at (39.9 +/- 0.1)° is associated with the SnO2 film 

and it indicates the presence of a single-crystalline film with an inter-plane 

spacing of (2.62 +/- 0.01)Å. Since the expected inter-plane spacing for unstrained 

<101> SnO2 is 2.64 Å, these results are consistent with the growth of a <101> 

SnO2 film under a compressive strain of (0.76 +/- 0.26) % in the direction of 

growth. While relatively small, the presence of compressive strain in the direction 

of growth is surprising given the lateral compressive strain expected in the [-101] 

direction. This lateral strain emerges from the lattice misfit between the <101> 

SnO2 and r-plane sapphire surfaces (section 4.3.3), and the good epitaxial growth 

evidenced in the RHEED studies previously discussed. Given the small value of 

strain obtained and its relatively high error, this is likely to be related with an 

experimental error, possibly in the zero or the goniometer of the diffractometer. 

While a more accurate zeroing of the system and longer scans would reduce this 

error, better accuracy was not essential for the analysis presented here. 

The remarkable crystallinity of the films obtained is also evidenced by the fringes 

observed on both sides of the <101> SnO2 diffraction peaks, as shown in Figure 

5.12. These Laue fringes can only be observed in highly crystalline systems with 

a limited number of parallel planes144,189. While the Kiessig fringes observed in 

XRR studies (Chapter 3) are produced by the interference of the X-rays reflected 

from the two interfaces of the film, Laue fringes emerge from the interference of 

X-rays scattered from the parallel crystalline planes within the film144. Kiessig 

fringes are therefore insensitive to crystalline quality and can be observed even 

in polycrystalline or amorphous films. Laue fringes, on the other hand, are weakly 

dependent on the properties of the interfaces and extremely sensitive to 

crystalline disorder.  

Being of different origin, Laue fringes provide complementary information to that 

obtained in XRR studies. While Kiessig fringes have proven to be useful for 

measuring the total film thickness of sub-10nm thick films (Chapter 3), Laue 

fringes can be used to determine the number of coherently scattering lattice 

planes present in the film and consequently assess what fraction of the thickness 

corresponds to the highly ordered parallel planes. The intensity of the diffraction 

pattern obtained due to the scattering from a finite number of planes presenting 

a laterally infinite lattice is given by the Laue function:144,189 
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 |𝐹𝑞|
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= 𝑁1
2𝑁2

2
sin2 (

1

2
𝑁3𝒒𝟑𝑎3)

sin2 (
1

2
𝒒𝟑𝑎3)

 5.1 

where 𝑁1, 𝑁2 are constants associated with the lattice in the lateral directions, 𝑁3 

is the number of parallel planes, 𝑎3 is the inter-planar spacing and 𝒒𝟑 the 

momentum transfer of the incident X-rays in the direction perpendicular to the 

planes. Equation 5.1 shows that the spacing between adjacent Laue fringes 

decreases with increasing number of parallel planes.  

The number of atomic planes contributing to the coherent scattering can therefore 

be obtained as: 

 𝑁3 =
𝑁𝑖

sin(𝑖)



𝑎3
 5.2 

where 𝑖 is the angle corresponding to the fringe 𝑁𝑖 and  is the wavelength of 

the incident X-rays. 

The decrease in fringe spacing with increasing film thickness observed in Figure 

5.12 suggests an increasing number of atomic planes contributing to the coherent 

scattering, thus providing additional evidence of the epitaxial nature of the growth.  

The diffraction profiles produced by a finite number of atomic planes with an inter-

planar spacing equivalent to <101> SnO2 were modelled under the kinematic 

approximation144,190 to further explore the origin of the diffraction peak observed 

in Figure 5.12. Figure 5.13 shows a representative result of these calculations, 

corresponding to the diffraction pattern produced by 30 atomic layers with an 

inter-planar spacing of 2.63 Å.  

Experimental results of equivalent SnO2 films are also shown as reference. While 

not intended as a fitting model, the numerical results exhibit fringes of similar 

amplitude and identical pitch to their experimental counterparts, thus suggesting 

the validity of the kinematic approximation and the single-crystalline nature of the 

grown films. 
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Figure 5.13 –. Diffraction pattern obtained from modelling 30 atomic layers with an 

inter-planar spacing of 2.63 Å. Experimental results obtained for a SnO2 film of 

equivalent thickness are also included. The agreement between the calculations and 

the experimental measurements suggests the presence of highly coherent lattice 

planes within the grown film, exhibiting an inter-planar spacing consistent with <101> 

SnO2. 

 

The number of atomic layers present in the sub-10 nm films grown in this work 

were calculated from the Laue interference fringes observed in the XRD profiles, 

using equation 5.2 together with linear fits of the data obtained. Figure 5.14 

presents typical fits of the position of the fringes for sub-10nm films, where single 

atomic planes differences can be clearly resolved. Table III presents the results 

obtained from the analysis of the Kiessig and Laue fringes of representative sub-

10 nm films. For all films, larger thicknesses were obtained from the analysis of 

the Kiessig fringes, compared to those calculated using the Laue fringes. Far 

from being a surprise, this difference indicates that the films are not single-

crystalline throughout their entire thickness, a conclusion that is consistent with 

the results obtained from the in situ RHEED analysis. 
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Figure 5.14 –. Position of the Laue fringes observed in the diffraction patterns of 

representative sub-10nm films, and linear fits obtained for calculating the number of 

atomic layers present. 

 

It is worth noting, however, that the difference between corresponding 

thicknesses obtained from Kiessig and Laue fringes analysis is the same (1.3 nm 

+/- 0.1 nm) for all the sub-10 nm films measured. These results suggest that it 

takes 5 atomic layers for the film to start growing as a single crystal. This 

conclusion is consistent with the value at which the 3D-growth to 2D-growth 

transition is estimated to occur, based on the in-situ RHEED studies of growing 

films (Figure 5.1.c, d, e).  

As suggested in sections 4.3 and 5.2, the first layers deposited effectively act as 

a buffer between the substrate and the film, redistributing the strain produced by 

the lattice misfit. This enables the growth of single crystal SnO2 to thicknesses 

beyond 600 nm, without compromising the crystalline quality of the material. 
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Table III – Film thickness, number of total planes and coherent planes of sub-10 nm 

SnO2 films. The total number of planes and the number of coherent planes were obtained 

from the analysis of Kiessig fringes and Laue fringes of the XRR and XRD diffraction 

profiles, respectively. An inter-planar spacing of 2.62 Å (consistent with the position of 

the <101> SnO2 peak observed in all the XRD profiles) was adopted for all the 

calculations. 

Kiessig thickness 

[nm] 

Kiessig planes Laue thickness 

[nm] 

Laue planes 

5.1 19 3.8 15 

5.4 21 4.2 16 

6.2 24 4.9 19 

8.0 31 6.6 25 

10 40 9.2 35 

 

 

5.4.2.  XRD studies of 100 nm thick SnO2 films –  

  dependence on the growth conditions 

 

To complement the analysis of the growth mechanisms and film morphology of 

samples obtained under different growth conditions (sections 5.2 and 5.3), the 

crystalline characteristics of the 100 nm thick films grown at different substrate 

temperatures and evaporation rates were explored.  

Figure 5.15 presents the XRD profile of a typical 100 nm thick SnO2 film, 

exhibiting the characteristic <101> SnO2 peak at 2 = 39.9°, corresponding to the 

diffraction of the Kline previously discussed. All the films grown in this work 

exhibit similar profiles, with no indication of other phases or orientations being 

present.  
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Figure 5.15 –. Typical XRD pattern corresponding to wide angle  - 2 scans of SnO2 

films grown in this work. A single peak associated with <101> SnO2 is observed, with 

no other phases present. Broad features on the right side of intense peaks are related 

to known artefacts of the diffractometer. 

 

Additional peaks corresponding to substrate r-planes and to elements known to 

be present in the X-ray source are identified in Table IV. Shoulder-like features 

known to be system-related artefacts are observed in all K peaks of amplitudes 

greater than 103 counts. Their intensity was observed to be less than 30% of the 

peak maximum in all cases (although it is usually several orders of magnitude 

smaller) and therefore did not affect the calculation of the main peak’s full width 

at half maxima (FWHM). 
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Table IV – Typical features observed in XRD  - 2 scans of SnO2 films grown in this 

work. 

2 [°] Description Origin 

26.9 <1102> Al2O3 (Kline) R - plane sapphire substrate 

29.8 <1102> Al2O3 (Kline) R - plane sapphire substrate 

30.5 Kline artifact Artifact of source optics 

32.3 Fe peak Slits 

36.2 <101> SnO2 (Kline) SnO2 film 

39.9 <101> SnO2 (Kline) SnO2 film 

50.2 W peak Source 

55.5 <1102> Al2O3 (Kline) Substrate (2nd order) 

61.9 <1102> Al2O3 (Kline) Substrate (2nd order) 

 

 

 Dependence on substrate temperature 

 

Figure 5.16.a shows the <101> SnO2 XRD peak on an expanded scale, for the 

100 nm thick films grown at increasing substrate temperatures studied in sections 

5.2 and 5.3. As with the sub-10 nm films, the single diffraction peak centred at 

(39.9 +/- 0.1)° indicates the presence of crystalline films with a predominant inter-

planar spacing of (2.62 +/- 0.01) Å, which is consistent with the growth of <101> 

SnO2.  

The full width at half maximum (FWHM) extracted from the peak is presented in 

Figure 5.16.b, evidencing increasingly sharp peaks as the substrate temperature 

increases and suggesting an improvement of the crystalline quality of the film. 

Therefore, a more ordered film with more homogeneously distributed atomic 

planes is attained at higher substrate temperatures.  
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This result is consistent with the improvement in the surface roughness and 

crystallinity discussed in sections 5.2 and 5.3.  

 

   

   

Figure 5.16 –. (a) XRD profiles corresponding to  - 2 scans of 100 nm thick films 

grown at Sn cell temperatures of 1125°C and increasing substrate temperatures. (b) 

FWHM calculated for the peaks observed in (a), showing an improvement in the inter-

planar spacing as the substrate temperature increases. (c) Rocking curves ( scans) 

of the same films, indicating the polycrystalline nature of the films grown at low 

temperature and the evolution towards single crystalline films as the substrate 

temperature increases (d). In (a) and (c) the data for optimum growth conditions (TSn 

= 1075 °C and Ts=800 °C) is included for comparison. 

 

(a) (b) 

(c) (d) 
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Transverse  scans (rocking curves) were performed around the <101> peak, by 

simultaneously rotating the source and the detector around the sample while 

keeping a fixed angle between them (100.2°), satisfying the Bragg condition ( = 

39.9°). As discussed in section 3.2.4, this study allows exploring the orientation 

of the crystalline planes within the crystal and identifying the presence of 

polycrystalline orientations and mosaicity. 

Figure 5.16.c presents the  scan profiles obtained for the 100 nm thick samples 

grown at increasing substrate temperatures. The broad features observed for 

films grown at low substrate temperatures suggest that the atomic planes are 

aligned in multiple directions over a range of a few degrees. This observed 

multiplicity in the alignment of equally spaced atomic planes is characteristic of 

polycrystalline films, which agrees with the in-situ RHEED studies presented in 

section 5.2 (Figure 5.4.a) and with the surface characterisation discussed in 

section 5.3 (Figure 5.7.a, b).  

As the substrate temperature increases, a clear decrease in the FWHM of the 

peaks obtained in the  scans is observed (Figure 5.16.d). This is consistent with 

the transition from polycrystalline to 3D-island to layer-by-layer grown films 

discussed in previous sections and indicates the highly oriented, single crystalline 

nature of the films obtained at substrate temperature of 800°C. 

 

 Dependence on cell temperature 

 

The improvement observed in the RHEED diffraction pattern and in the surface 

roughness of samples grown at high substrate temperature with lower 

evaporation rates (sections 5.2 and 5.3) is also reflected in the crystalline quality 

assessed via XRD studies.  

Figure 5.16.a shows that samples grown at low evaporation rates (TSn = 1075 °C) 

and high substrate temperature (Ts = 800 °C) exhibit the same peak position and 

FWHM as their high cell temperature counterparts, suggesting the same mean 

inter-planar spacing and distribution.  
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The single crystallinity of these samples is also similar, as evidenced by the 

narrow peaks observed in the corresponding  scans presented in Figure 5.16.c. 

However, a clear shift in the peak position with respect to the expected Bragg 

condition (=19.9°) is observed in all samples grown at high evaporation rates 

(Figure 5.16.c), suggesting that the predominant orientation of the planes within 

the film is not parallel to that of the substrate planes. In contrast, a sharp peak 

centred at (19.8 +/- 0.1)° is observed for the film grown at lower evaporation rate 

(TSn = 1075°C), indicating the growth of <101> SnO2 with highly aligned atomic 

planes, parallel to the substrate and with minimal mosaicity.  

These results are consistent with the discussion and results presented in sections 

5.2 and 5.3, and they support the idea of a very delicate balance of the growth 

parameters being necessary for obtaining single crystalline SnO2 films by MBE. 

 

5.4.3.  Dependence on thickness 

 

XRD studies were undertaken on films ranging 20 nm to 600 nm in thickness, 

grown at substrate temperature of 800 °C. Cell temperatures of TSn = 1075 °C 

and TSn = 1125 °C were adopted in the growth of the films in the 20 nm to 280 

nm and 250 nm to 600 nm thickness range, respectively.  

Single crystal SnO2 thin films in the <101> orientation could be grown with the 

optimised growth conditions to thickness ranging from 20 nm to 600nm, without 

significant deterioration in the crystalline quality. Single crystalline <101> SnO2 

films with inter-planar spacing of (2.62 +/- 0.01) Å where obtained for all 

thicknesses.  

FWHM of the -2 scans and of the rocking curves ( scans) were extracted from 

the corresponding data and shown in Figure 5.17. A constant FWHM of 

approximately 0.35° was observed in the -2 scans obtained for all samples 

(Figure 5.17.a), confirming the presence of evenly spaced atomic planes, 

regardless of the film thickness.  
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The single-crystallinity of the films is evident from the relatively low values of 

FWHM obtained for all  scans (Figure 5.17.b) and a clear improvement with film 

thickness is observed for films grown at low evaporation rates.  

 

   

Figure 5.17 –. FWHM obtained from the -2 scans (a) and  scans (b) of films grown 

to different thicknesses at substrate temperatures of 800°C and Sn cell temperatures 

of 1075°C and 1125°C. 

 

This improvement of the crystalline quality as the film grows thicker is consistent 

with the film acting as a buffer to accommodate the misfit with the substrate, and 

distributing the strain throughout its thickness. This idea is supported by cross 

section TEM studies on similar SnO2 that show a decreasing concentration of 

dislocations as the film thickness increases (Figure 4.5).81  

For the films grown at higher evaporation rate, a slight increase in the FWHM 

associated to the  scans is observed as the thickness increases. This is 

consistent with the increasing number of defects observed in the surface 

morphology studies. While the trends presented in Figure 5.17.b. correspond to 

two different evaporation conditions, an apparent minimum is observed for at 

around 300 nm. This value is similar to the characteristic thickness associated 

with the exponential trend observed in the analysis of the surface roughness 

(Figure 5.11). This similarity might indicate a common origin, possibly related to 

the existence of a critical thickness that will be the subject of future investigations. 

(a) (b) 
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5.5. Optical and electrical properties 
 

5.5.1. Optical properties of intrinsic SnO2 films 

 

Transmission spectra in the UV-visible region were obtained for all the SnO2 films 

grown in this work to assess effective film deposition, to estimate film thickness 

and to determine their band gaps. Highly transparent samples (more than 93% 

transmission in the visible to mid-IR) were obtained under all growth conditions, 

with band gaps in the 3.56 eV to 4.14 eV range. These band gaps are consistent 

with the presence of SnO2 over other tin oxide phases, in agreement with the 

results obtained from XRD studies. 

Figure 5.18 shows typical UV-visible transmission spectra of 100 nm thick films 

ranging from polycrystalline to highly oriented single-crystals, and presenting a 

wide range of surface morphologies. High transparency in the visible region of 

the spectrum and identical band gaps of (4.03 +/- 0.3) eV are observed for all 

samples, suggesting that the crystalline structure and the surface morphology 

have little effect on the optical properties of the films grown.  

However, a slight difference in the transmission can observed in the 230 nm – 

280 nm region of the spectrum for samples presenting increasing amounts of 

defects, with approximately 20%, 26% and 31% transmission at 255 nm for the 

smoother single crystalline,  rougher single crystalline and polycrystalline 

samples, respectively. Similar observations have been reported in undoped and 

antimony-doped SnO2 films, with some authors attributing these variation to 

absorption bands around 210 nm and 280 nm. These bands are thought to 

originate in charge transitions from O2
+ to Sn4

+, oxygen deficient centres or tin 

oxygen deficient centres in the material.111,161 The presence of these absorption 

bands is suggested by the shoulder observed at around 280 nm in the spectra of 

samples (b) and (c) shown in Figure 5.18. Further studies focused in this spectral 

region are yet to be conducted to fully unveil the nature of these differences. 
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Figure 5.18 – UV-visible transmission spectra of films grown at substrate/cell 

temperatures of (a) 500°C/1125°C, (b) 800°C/1125°C, (c) 800°C/1075°C, 

corresponding to polycrystalline film and single crystal films with surface roughness of 

0.34 nm and 0.19 nm, respectively. Inset: Identical band gap is obtained for all films, 

regardless of their crystallinity and surface roughness. 

 

Photoluminescence studies conducted on representative SnO2 films grown in this 

work exhibit two broad features centred at 2.4 eV and 3.1 eV, as shown in Figure 

5.19. Similar features are present in almost every study on the PL emission of 

SnO2 and they are typically ascribed to oxygen vacancies and structural defects, 

respectively. 46,60,70,121-123,127-130,133 

Given the wide band gap of the films studies, these emission bands cannot 

originate in direct recombination of electrons from the conduction band with holes 

in the valence band. As discussed in section 2.4 and Appendix II, the emission 

observed at 2.4 eV corresponds to electronic transitions from a mid-gap level to 

the valence band, while the 3.1 eV emission are thought to originate in transitions 

involving an acceptor level close to the valence band.111,121 
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Figure 5.19 – Typical PL spectra of 100 nm thick SnO2 films exhibiting the 

characteristic broad features close to 2.4 eV and 3.1 eV, associated with oxygen 

vacancies and structural defects. 

 

Numerical calculations and experimental studies have shown that single ionized 

oxygen vacancies originate the mid-gap level (Vo
+) responsible for the 2.4 eV 

emission band. These vacancies are likely to correspond to missing atoms in the 

bridging or sub bridging oxygen plane.67,127,134,135 Structural defects are 

responsible for the acceptor level that mediates the recombination process that 

originates the 3.1 eV band. This explains the relatively small intensity observed 

in this peak for the SnO2 films studied here, given the high crystalline quality of 

the material grown. 

In addition, the lack of sharp features in the PL spectra suggests the presence of 

minimum amount of impurities in the grown material. As with UV-visible studies, 

no significant difference was observed in the PL spectra of samples grown under 

different conditions, and further studies exploring the near the band gap region of 

the spectrum are part of the future work. 

 

 

exc = 325 nm 
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5.5.2.  Electrical properties of intrinsic SnO2 films 

 

The high quality of the material attained has proven to be detrimental to its 

potential applications since all the SnO2 films grown in this work presented 

extremely low conductivities, rendering them unsuitable for most opto-electronic 

applications. The electrical resistivity of the grown films was measured in the 

standard Van der Pauw configuration using an EGK HEM-2000 Hall effect 

measuring system. Carrier concentration and mobilities were not measurable, 

due to the highly insulating nature of the samples and the relatively low magnetic 

field (0.51T) available in the system. The insulating nature of the SnO2 films 

obtained is evidenced in Figure 5.20, where the resistivities of 80 nm to 600 nm 

thick films are presented.  

The increase in the resistivity of the film with increasing thickness can be 

understood considering the discussion presented in Chapter 2 and the results 

shown in the present chapter. Tin oxide owes its electrical conductivity to the 

presence of defects (oxygen vacancies and tin interstitial) in the lattice. RHEED 

analysis, together with AFM imaging and XRD studies revealed that the growth 

of the SnO2 films proceeds in an epitaxial manner after a few monolayers are 

deposited, thanks to the high substrate temperatures and the low evaporation 

rates employed. In consequence, most of the structural defects (Sni) originate in 

the first few layers and fewer defects are formed when the film grows thicker as 

the epitaxial mode takes place. In addition, the relatively high oxygen pressure 

employed, together with cracking of O2 molecules produced by the plasma 

provide an excess of oxygen atoms that limits the number of oxygen vacancies 

present in the lattice, thus rendering a film of excellent stoichiometry. Since most 

of the charge carriers are formed in the first few layers, the overall carrier 

concentration decreases as the film grows thicker, with the consequent increase 

in the resistivity evidenced in Figure 5.20.  
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Figure 5.20 – Electrical resistivity of SnO2 films measured in the Van der Pauw 

configuration. The low concentration of defects due to the high crystalline quality of the 

films is evidenced by the highly insulating nature of all the SnO2 samples grown in this 

work. The increase in electrical resistivity with film thickness suggest that most carriers 

are originated within the first few layers.  

 

Similar increase in resistivity with increasing film thickness have been observed 

in unintentionally doped and antimony doped SnO2 films.104,191 Moreover, it has 

been shown that the carriers originated near the substrate can outnumber those 

of the dopants if the film is sufficiently thin.104 This supports the discussion 

presented here, suggesting that the carriers originated near the substrate are 

responsible for the overall conductivity of the film. 

Despite their outstanding crystalline quality and their high transparency, the 

insulating nature of the SnO2 films obtained presents an important limitation for 

their application in electronic devices. An improvement in the electrical 

conductivity of the grown material had to be sought, while maintaining the 

structural and optical characteristics. 
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5.6. Tailoring the electrical properties of 

 SnO2 films 
 

The highly insulating nature of the grown SnO2 films, together with the observed 

decrease in conductivity with increasing film thickness suggested that a source 

of charge carriers was required to attain conductivities compatible with the 

electronic applications. Antimony was selected as dopant material because of the 

similarity of its ionic radii to that of tin (0.74 Å for Sb5+ and 0.83 Å for Sn4+) and 

because of the additional electron present in its outer shell. Sb atoms were 

expected to substitute Sn atoms without significant distortion of the lattice, while 

providing an additional electron that would contribute to the electrical conductivity 

of the material. This substitution of Sn atoms by Sb has been described as:111,192 

 Sb2O5 → 2SbSn
+ + 2e- + 4O0

x + ½ O2 (g)  5.3 

where SbSn
+ is the positively charged Sb ion substituting an Sn atom and O0

x is 

the oxygen atom in the position of neutral net charge. The substitution of Sn4+ 

atoms by Sb5+ therefore produces a donor level that increases the electrical 

conductivity of the material. 

To produce antimony-doped tin oxide films (Sb:SnO2), the growth protocol was 

modified so that a beam of antimony atoms would impinge the substrate, together 

with the tin and the oxygen beams. An additional standard effusion cell was 

mounted in the chamber and the beam of dopant atoms was produced by heating 

antimony pellets (99.999% from Kamis Inc.) in a boron-nitride crucible, to 

temperatures between 180°C and 450°C. Given its relatively high vapour 

pressure and the comparatively low evaporation rates required for doping 

purposes, the antimony beam was produced by sublimation without the need of 

melting the source material. Measurable antimony evaporation rates were only 

attainable at temperatures above 400°C, given the limitations of the quartz crystal 

microbalance (QCM) installed the deposition chamber. The antimony evaporation 

rates produced in this temperature range (Figure 4.3) were excessive for doping 

purposes, so suitable temperatures and evaporation rates were obtained by 

extrapolating the Sb calibration curves below the QCM detection threshold. 
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Figure 5.21 presents the phase diagram of the beam impinging the substrate, 

obtained from the calibration and extrapolated data of the tin and antimony 

beams. Solid contour lines indicate the conditions for obtaining constant total 

evaporation rates, equivalent to those of a single tin beam used in the growth of 

undoped SnO2. 

 

 

Figure 5.21 – Sb/Sn ratio present in the beam during the growth of antimony-doped 

SnO2 films. Contour lines indicate antimony and tin conditions for obtaining a total 

beam of variable composition and constant deposition rate.   

 

Crystalline quality and surface morphology of the SnO2 films were proven to be 

extremely sensitive to the growth conditions. The results shown in previous 

sections have demonstrated that the difference between growing an exceptional, 

highly ordered single-crystalline SnO2 film and a randomly oriented 

polycrystalline film lies within less than 5% of the optimized tin cell temperature. 

Furthermore, less than 10 % difference in the substrate temperature is enough to 

grow films in a 3D-island mode or in a layer-by-layer fashion, rendering surfaces 

differing almost two orders of magnitude in their surface roughness. As a 

consequence, incorporating a dopant in the optimised growth protocols without 

deteriorating the crystalline and surface characteristics of the films is clearly not 

an easy task, and it requires careful consideration of the growth conditions.  
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In addition, the need for tuning the electrical properties of the material further 

complicates the growth process, and a systematic approach to adjusting the 

protocols becomes crucial. 

The phase diagram presented in Figure 5.21 proved to be an invaluable tool in 

obtaining the optimum conditions for growing highly conducting Sb:SnO2. The 

starting point in the growth of doped films was the optimized parameters for 

growing undoped SnO2, with substrate temperature of 800°C and the total flux 

(comprising the evaporation rate of Sn and Sb) of approximately 0.5 Å/s, 

corresponding to the optimised Sn evaporation rate (TSn = 1075°C). The 

enhancement of the electrical conductivity was sought by increasing the Sb 

content in the beam while keeping the total flux constant, to reproduce the arrival 

and diffusion rates optimized for the growth of SnO2 films.  

Figure 5.22 presents the phase diagram employed for this approach. Constant 

flux contour lines depicted in Figure 5.21 are projected onto the TSn–TSb plane, 

along with the contour lines associated with the constant Sb/Sn ratio in the beam 

(constant height contour lines in Figure 5.21). Given a required Sb concentration, 

the necessary cell temperature is obtained from the intersection of the 

corresponding contour lines. 

 

 

 

 

 

 

 

 

 

 



155 
 

 

Figure 5.22 – Phase diagram depicting the cell conditions for obtaining constant beam 

fluxes with varying Sb concentration. Diagonal contour lines correspond to iso-

concentration levels of Sb in the beam while vertical and curved lines correspond to 

constant total flux. Dots indicate the conditions adopted for growing Sb:SnO2, spanning 

almost 4 orders of magnitude in Sb concentration. 

 

In the rest of this work, the antimony concentration of Sb:SnO2 films will refer to 

the antimony content of the beam as defined here. Figure 4.3 shows that 

antimony presents a significantly higher vapor pressure than tin. The re-

evaporation rate of Sb atoms from the heated substrate is therefore expected to 

be greater than that of Sn atoms. As a consequence, the Sb concentrations are 

likely to be lower than those indicated in Figure 5.22, but there is expected to be 

consistency in the relative content of antimony in the film. The actual antimony 

content in the grown films is not crucial in the analyses presented here, and its 

assessment will be part of future investigations. 

To study the effect of antimony doping on the electrical properties of SnO2, over 

a dozen 150 nm thick samples were grown at substrate temperatures of 800°C, 

Sn cell temperatures between 1050°C and 1075°C and Sb cell temperatures 

ranging 180°C to 360°C. The oxygen pressure and plasma power were kept 

constant at 200 W and 3.5e-5 Torr, respectively in all the growths.  

10-3 % 
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These conditions provide a beam containing sufficient oxygen atoms to ensure 

the complete oxidation of tin and minimises the formation of intermediate phases, 

as discussed in Chapter 4. 

Figure 5.23 shows the electrical resistivity of Sb:SnO2 films spanning almost 3 

orders of magnitude of dopant levels, from 0.005 % to 3 % Sb content. Over two 

orders of magnitude improvement in the electrical conductivity with respect to the 

undoped SnO2 films is immediately achieved upon including less than 0.03 % of 

antimony in the beam.  Further increase in the conductivity is obtained by 

increasing the antimony concentration to 0.5 %, rendering films with resistivities 

lower than 0.001 Ωcm.  

 

 

Figure 5.23 – Electrical resistivity of Sb-doped SnO2 films (Sb:SnO2) grown with Sb 

fluxes between 5x10-3 % and 3% of the total evaporation rate (Sb+Sn). All films were 

consistently grown to a 150 nm thickness. 

 

This improvement results in more than 5 orders of magnitude decrease in 

resistivity with respect to the undoped SnO2 films of equivalent thickness. As the 

antimony concentration is increased beyond 0.3 %, the resistivity of the films 

ceases to decrease and a turning point is reached close to 0.5% Sb. Further 

increase in the antimony concentration slowly increases the resistivity of the 

sample, as shown in Figure 5.23. 
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The increase in the resistivity of Sb-doped SnO2 films after reaching a high Sb 

concentration has been observed in the past and is usually ascribed to the 

presence of antimony in its two oxidation states Sb5+ and Sb3+.111,122,192,193 At 

lower concentrations the doping mechanism proceeds by Sb5+ ions substituting 

Sn4+ atoms in the lattice, and donating the additional electron according to 

equation 5.3. In this situation Sb5+ acts as a donor of electrons, so an increase in 

the carrier concentration accompanied by a decrease in resistivity is expected. 

As the antimony concentration increases, some of the Sn4+ atoms in the lattice 

are substituted by Sb3+ ions, according to:111,192 

 Sb2O3 → 2Sb-
Sn + Vo

++ + 3O0
x 5.4 

where Sb-
Sn is the negatively charged Sb ion substituting an Sn atom and Vo

++ is 

the oxygen vacancy with two positive charges. The substitution of Sn4+ atoms by 

Sb3+ produces an acceptor level that decreases the number of charge carriers 

contributing to the conduction, as it compensates the charge carriers originated 

in Sb4+. Eventually, the carrier concentration reaches a saturation point, with the 

corresponding saturation in the resistivity observed in Figure 5.23. Further 

increase in the Sb flux produces a slight depletion in the total carrier 

concentration, originated in the charge compensation produced by Sb3+ ions. 

While the reason for this change in the oxidation state of the substituting atoms 

is not completely clear, some studies have suggested that the strain induced by 

the different ionic radii might be responsible for this transition.193,194 The ionic radii 

of Sn4+ is bigger than that of Sb5+, but smaller than that of Sb3+ (0.83 Å, 0.74 Å 

and 0.90 Å, respectively). The substitution of Sn4+ by Sb5+ atoms distort the lattice 

by slightly increasing the spacing between substituting Sb5+ atoms. As the 

number of substituting Sb5+ increases, so does the lattice spacing between them. 

Eventually, the substitution of Sn4+ by bigger Sb3+ ions becomes more favorable 

and the additional electrons provided by Sb5+ substitution are compensated by 

the acceptor behavior of Sn3+. As a consequence, the number of carriers 

decreases and the sample resistivity increases. 

Figure 5.24 present the carrier concentrations and mobilities obtained from Hall 

effect measurements conducted on the Sb:SnO2 films grown in this work.  
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A clear correlation between the increase in carrier concentration and the 

decrease in resistivity can be observed as the antimony doping is increased to 

0.5 %. Carrier concentrations in the 1016 cm-3 to 1020 cm-3 range were obtained 

with beams containing less than 0.25 % antimony, suggesting a successful 

incorporation of Sb atoms in the SnO2 lattice. A clear decrease in the carrier 

concentration beyond 0.5% Sb coincides with the increase in resistivity observed 

in Figure 5.23 and is consistent with the doping mechanism discussed here.  

 

Figure 5.24 – Carrier concentration (blue) and carrier mobility (red) of Sb:SnO2 films 

doped with increasing Sb concentration. A sharp increase in the carrier concentration 

with Sb indicates the effective incorporation of dopant in the SnO2 lattice. A turning at 

0.5% Sb flux, beyond which the carrier concentration decreases, clearly correlates 

with the increase in the electrical resistivity observed in Figure 5.23. Mobilities close 

to 20 cm2/Vs are achieved for carrier concentrations in the order of 1019cm-3. 

 

Carrier mobilities as high as 29 cm2/V.s were obtained for relatively low Sb flux. 

As the concentration of Sb increases, so does the density of charge carriers due 

to the substitution of Sn4+ by Sb+5 ions. As a consequence, the number of 

scattering events between the carriers and the ions in the lattice become more 

frequent. This reduces the mean free time between collisions, with the 

consequent drop in carrier mobility observed in Figure 5.24. 
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5.7. Effect of Sb doping on the optical 

 properties of SnO2 films 
 

The effect of the antimony doping on the optical properties of SnO2 was studied 

by UV-visible and Fourier transform infrared (FTIR) spectroscopies. These 

complementary techniques allowed assessing the effect of the increasing carrier 

concentration on the transparency of the films over a wide spectral range. As a 

result, the limits for the coexistence of optical transparency and electrical 

conductivity discussed in Chapter 1 could be explored for single crystalline SnO2 

films. 

Transmission spectroscopies of all the Sb:SnO2 films grown exhibited more than 

90% transparency in the visible portion of the spectrum, consistent with the 

results obtained for undoped SnO2. Moreover, FTIR studies showed that the high 

transparency of the undoped and slightly-doped films extends into the mid-IR 

region. Films grown with Sb fluxes of up to 0.03 %, presenting carrier 

concentrations in the order of 1018 cm-3 show more than 95% transparency in the 

IR region for wavelengths up to 10 m and beyond.  

As the Sb flux increases, so does the carrier concentration, and some of the 

mechanisms conditioning the coexistence of high transparency and electrical 

conductivity begin to manifest. Figure 5.25 presents the UV-visible-IR 

transmission spectra of films with increasing Sb doping, clearly showing the effect 

of the enhanced electrical properties on the transparency of the material. More 

than ten-fold reduction in the transparency window of the doped films is observed 

when the antimony concentration is increased beyond 0.1 % (carrier 

concentrations in the order of 1020 cm-3). The overall reduction of the 

transparency window results from the combination of two different mechanisms 

acting on the UV and the IR edge, respectively. 
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Figure 5.25 – UV-visible-IR spectra of Sb:SnO2 films with increasing dopant 

concentration (carrier concentration in brackets). A clear reduction of the transparency 

window with increasing Sb concentration is evidenced by the more than one order of 

magnitude shift in the plasma edge and the consequent drop of transparency in the IR 

portion of the spectrum for the samples doped beyond 0.01 % Sb. A comparatively 

small blue shift of the band gap indicates the degeneracy of the films and the 

progressive filling of the conduction band.    

 

Figure 5.26.a presents transmission spectra in the UV-visible region of 

representative Sb:SnO2 films, where a noticeable shift of the band gap is 

observed for films grown with Sb fluxes beyond 0.04 % (carrier concentrations 

greater than 1018 cm-3). A blue shift in the band gap energy greater than 0.4 eV 

with respect to the undoped SnO2 can be observed for samples doped with 0.5 

% Sb. The band gap edges calculated from the transmission spectra of Sb:SnO2 

films with increasing Sb concentration are presented in Figure 5.26.b. A clear 

correlation with the trend observed in the carrier concentration is evidenced by 

the increase in the band gap edge from 4 eV to 4.42 eV as the antimony doping 

increases, followed by a decrease in the band gap edge for Sb flux beyond 0.5%.  

 

 

 

(2.2x1019 cm-3) 

(1.2x1020 cm-3) 

(4.0x1020 cm-3) 

(3.7x1020 cm-3) 
(3.9x1020 cm-3) 

(and  lightly doped) 
(up to 1018 cm-3) 
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Figure 5.26 – (a) UV-visible spectra of representative Sb:SnO2 films with increasing 

Sb doping. The blue shift observed in the band gap edge originates from the Burstein 

Moss effect. (b) A clear increase in the effective band gap indicates the filling of the 

conduction band as the Sb concentration increases. A distinct turning point at 0.5 %Sb 

correlates with the results obtained for the electrical characterisation and provides 

further evidence supporting the suggested charge compensation mechanism. 

 

The Burstein-Moss effect discussed in Chapter 2 is responsible for this blue shift 

of the band gap edge and is a direct consequence of the increase in the carrier 

concentration and the parabolic shape of the conduction band near the 

conduction band minimum (CBM) (Figure 2.8). In undoped and lightly doped 

SnO2 the Fermi level lies between the valence band maxima (VBM) and the CBM. 

As the Sb concentration increases the Fermi level gets pushed higher into the 

conduction band and the additional electrons rapidly fills the bottom of the 

conduction band. Since Pauli’s exclusion principle prevents new electrons from 

occupying these levels, increasingly higher energies are required to promote 

electrons into the conduction band. 

This increase in the energy required to promote electrons into the conduction 

band is manifest in the higher effective band gap observed in the transmission 

spectra of doped Sb:SnO2 films, compared to their undoped counterpart (Figure 

5.26.a,b). As the Sb flux increases beyond 0.5 % and the carrier concentration is 

reduced  (due to the Sb5+/Sb3+ charge compensation previously described) the 

states lying higher in energy inside the conduction band get depopulated.  

(a) (b) 

undoped 

n = 2.2x1019 cm-3 

n = 1.2x1020 cm-3 

n = 4.0x1020 cm-3 
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As a consequence, the Fermi level is lowered and the effective band gap 

reduced, as observed in Figure 5.26.b. 

Further insight into the properties of SnO2 can be gained from the analysis of the 

Burstein-Moss shift observed in the lightly doped films, before the charge 

compensation occurs. While inaccurate in the heavily doped limit43,73,113,117, the 

parabolic approximation for the conduction and valence bands has been 

successfully employed in theoretical134,135 and experimental73,114,195 studies of 

undoped and lightly doped SnO2. In this context, the energy required to promote 

an electron from the valence band to the first unoccupied level in the conduction 

band is given by36: 

 Δ𝐸 =
ℏ𝑘F

2

2𝑚cv
∗

 5.5 

where ℏ is the reduced Plank’s constant, 𝑚cv
∗  is the reduced density of states 

effective mass and  𝑘F is the Fermi wave vector, given in terms of the carrier 

concentration n by: 

 𝑘𝐹 = (3𝜋𝑛)1/3 5.6 

The dependence of Burstein-Moss shift on carrier concentration can therefore be 

expressed as: 

 𝐸opt = 𝐸g +
ℏ(3𝜋2)

2

3

2𝑚cv
∗

𝑛
2

3 5.7 

where the measured gap 𝐸opt is the result of the material’s band gap 𝐸g plus the 

Burstein-Moss shift, which depends on the carrier concentration. Thus equation 

5.7 shows that the density of states effective mass 𝑚cv
∗  for the lightly doped 

Sb:SnO2 films can be obtained from the change in the optical band gap with 

carrier concentration. Figure 5.27 displays the data and a linear fit that renders 

an effective mass 𝑚cv
∗  of (0.57 +/- 0.12)𝑚𝑒, with the error corresponding to a 3σ 

confidence of the fit. Highly doped conditions are known to affect the shape of 

the conduction band near its minimum2,70,99,174, rendering the parabolic 

approximation inadequate and thus the samples grown with Sb levels beyond 

0.5% are excluded from this analysis. 
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The presence of a turning point, observed in the resistivity (Figure 5.23), carrier 

concentration (Figure 5.24) and optical band gap (Figure 5.26) studies suggest 

the heavily doped nature of these samples. 

 

 

Figure 5.27 – Effective band gap of lightly doped Sb:SnO2 films versus carrier 

concentration n2/3. A density of states effective mass 𝒎𝐜𝐯
∗  of (0.57 +/- 0.12)𝒎𝒆 is 

obtained from the slope of the fit, by virtue of the Burstein Moss effect model in the 

parabolic approximation. Heavily doped samples (beyond 0.5% Sb) were excluded 

from the analysis, due to the inapplicability of the parabolic approximation. 

 

In the mid/far-IR portion of the spectrum, more than an order of magnitude shift 

in the IR edge towards the visible significantly reduces the transparency window 

of the doped SnO2. The origin of this narrowing in the IR portion of the spectrum 

has been addressed in Chapter 1, where the coexistence of transparency and 

high electrical conductivity was discussed. A more comprehensive description of 

the phenomenon, along with some modelled results can be found in Appendix I. 

The Drude model shows that for sufficiently long wavelengths the permittivity of 

a conducting medium becomes imaginary, with the consequent drop of the optical 

transparency. This loss of transparency, associated with the oscillation of the 

electron density, is characterized by the plasma cut-off frequency, given by: 
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 𝜔p
2 =

𝑒2

휀0휀∞𝑚∗
 𝑛 5.8 

As the carrier concentration increases, so does the plasma oscillation frequency, 

and the permittivity becomes imaginary for progressively shorter wavelengths. 

Thus, the transparency edge of the material moves to shorter wavelengths as the 

antimony concentration is increased, as shown in the experimental results 

presented in Figure 5.25.  

Different methods have been used in the past to obtain the plasma frequency 

from optical measurements, including modelling the transmission or reflection 

spectra, adopting the half maximum value and extrapolating the plasma edge 

near the maximum transmission. In this work, the latter method was adopted for 

obtaining the plasma frequencies corresponding to Sb:SnO2 films. Equation 5.8 

allows obtaining the conductivity effective mass in terms of the slope of the linear 

fit of the data presented in Figure 5.28.  

 

 

Figure 5.28 – Plasma frequency vs carrier concentration for Sb:SnO2 films of 

increasing doping level. An effective mass  𝒎∗ of (0.56 +/- 0.16) 𝒎𝒆 was calculated 

from the fit of the data obtained for the lightly doped SnO2, using the Drude model. 
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An effective mass 𝑚∗ of (0.56 +/- 0.16) 𝑚𝑒 was calculated from the fit of the data 

obtained for the lightly doped SnO2, in close agreement with the 

computational93,109 (0.3 – 0.7) 𝑚𝑒 and experimental195,196 (0.39 +/- 0.15) 𝑚𝑒 

values reported in the literature. This value is also in close agreement with the 

density of states effective mass obtained from the analysis of the effective band 

gap. It has been suggested that the conduction effective mass being the same 

as the density of states effective mass is an indication of a single, spherical Fermi 

surface at the centre of the Brillouin zone.43  

It is worth noting that the plasma edge of Sb:SnO2 films doped with less than 

0.04% Sb flux, exhibiting carrier concentrations ranging 1016 cm-3 to 1018 cm-3, 

was beyond the measurable range (175 nm – 14μm). This is the reason why 

fewer data points are available for the analysis of the plasma frequency shift 

(Figure 5.28), compared to the Burstein-Moss study (Figure 5.27). In both cases, 

the highly doped samples were excluded from the analysis, given the limitations 

of the parabolic approximation, previously discussed. 

In this chapter a detailed description of the studies involving the MBE growth and 

structural characterisation of SnO2 films was presented. These studies allowed 

to gain insight into the modes involved in the growth of these films, and the effects 

of the growth parameters on the crystalline quality of the films obtained. This 

knowledge was used to optimize the growth protocols which ultimately render 

single crystalline SnO2 of outstanding crystalline quality and optical transparency. 

A very narrow window of conditions was found to allow growing high quality 

material, thus requiring a precise control of the growth parameters and protocols. 

The study of the electrical properties of intrinsic and Sb-doped SnO2 enable us 

to gain control over the electrical and optical properties of the material and to 

obtain Sb:SnO2 films with carrier concentrations and electrical resistivities 

spanning several several orders of magnitude, while maintaining the exceptional 

crystalline quality and optical transparency. In the next chapter, some of the 

additional studies and applications of the material described here will be 

presented. 
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Chapter 6         

          

 Additional studies 
 

6.1. Overview 
 

Throughout this thesis some of the properties of SnO2 films have been explored, 

particularly focusing on the research conducted for attaining high quality material, 

exhibiting high transparency and electrical conductivity. In this chapter, some of 

the additional studies conducted on the grown material will be addressed. 

 

6.2. Photoconductivity 
 

In recent years, several reports of persistent, light-induced changes in the 

electrical properties of some metal oxides have drawn the attention of 

investigators trying to explain, control and exploit this phenomenon.70,197-206 While 

the chemical sensitivity of tin oxide is well known and widely exploited in gas 

sensing applications, little is known about the mechanisms involved in its 

photoelectric properties. Typical experiments exploring light-induced changes in 

the conductivity of SnO2 films and wires involve biasing the sample with a 

constant voltage and measuring the changes in the current upon illumination. 

Most studies report an increase in the electrical conductivity when the sample is 

illuminated with near band gap light, and the persistence of this state upon 

removal of the illumination. The persistent photoconductivity (PPC) observed in 

SnO2 varies widely between studies. Enhancement factors ranging from a few 

percent of the dark current to several orders of magnitude, and recovery times 

going from a few minutes70,206,207 to several hours70,197 have been reported.  
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In the course of this work, several studies were conducted on various SnO2 films, 

to better understand the mechanisms that govern the PCC in tin oxide. Typical 

experiments involved photo-inducing increase in conductivity of SnO2 films by 

illuminating the sample with near band gap light, and measuring the decay in 

current as the sample returned to its initial condition. To this purpose, 5 mm x 5 

mm samples were diced from the grown wafer and electrically contacted by 

depositing 100 nm Ti/Au contacts on its corners, as described in Chapter 3. The 

samples were mounted in a Janis CCS-450 cryostat and connected to an Agilent 

B1500A parameter analyser via spring loaded pins. A constant voltage bias of 

100 mV was typically applied between opposite corners of the sample, while 

measuring the current flowing through them before, during and after the 

illumination of the sample. Different light sources were used for these studies, 

including a 300 W Xe lamp coupled with a monochromator, a 405 nm laser diode 

and the monochromatic light from an Agilent Cary 6000i spectrophotometer.  

Figure 6.1 presents the typical response observed in all the samples studied, 

exhibiting the characteristic features of the PPC. A sharp increase in the current 

takes place within the first few seconds of illumination, followed by a further 

increase, at decreasing rates. Upon turning the illumination source off, the current 

decreases at progressively slower rates until it eventually reaches its initial 

condition. The timeframes required for the complete recovery of the sample can 

vary from several minutes to several hours, depending on the ambient conditions, 

the excitation times and the electrical properties of the sample. This slow 

recovery, involving time constants orders of magnitude larger than those 

associated with electronic relaxation in bulk, is what characterizes the persistent 

photoconductivity phenomenon. 

In the rest of the chapter, the measured current  𝐼(𝑡) or the photocurrent 𝐼Ph(𝑡), 

defined as 

 𝐼Ph(𝑡) = 𝐼(𝑡) − 𝐼Dark 6.1 

were 𝐼Dark correspond to the current before illumination, will be used alternatively 

to facilitate the analysis of the results.  
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Figure 6.1 – Typical persistent photoconductivity characteristics of the SnO2 films 

grown in this work. A sharp onset of the photocurrent occurs upon illumination with 

near band gap light (A to B), followed by a slow recovery after the light source is turned 

off (B to C). 

 

6.2.1.  Proposed origin of the PPC in TCOs 

 

While there is no consensus over the origins of the PPC observed in TCOs, the 

prevailing idea is that oxygen chemisorption and photo-induced desorption are 

the main mechanisms involved in the process. This is generally supported by 

experiments conducted in vacuum and in different gas atmospheres, and they 

mostly involve ZnO films and wires.206,208,209 While fewer studies have addressed 

the PPC in SnO2, the same mechanisms are usually ascribed as being 

responsible for the PPC observed.70,197,206,210-213 It has been repeatedly 

suggested70,197,205,206,213-217 that molecular oxygen adsorbed on the surface of 

SnO2, traps electrons according to: 

 e− + O2 + SnO2 → Oads
− (SnO2) 6.2 

where e− and O2 indicate free electrons and oxygen molecules respectively, and 

Oads
− (SnO2) represents the oxygen adsorbed to the surface of SnO2, presenting a 

negative charge after trapping a free electron. 

A 

B 

C 

UV ON 

UV OFF 
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The desorption of oxygen from the surface involves the reverse process, in which 

a hole (h+) recombines with the trapped electron, thus releasing the adsorbed 

oxygen according to: 

 h+ + Oads
− (SnO2) → SnO2 + O2 6.3 

Adsorption mechanism: 

Oxygen vacancies on the surface of SnO2, probably originated in the bridging 

atoms discussed in Chapter 2 (Figure 2.4), are likely to produce the 

chemisorption of oxygen. The adsorbed oxygen atoms trap surface electrons, 

therefore depleting the region near the surface. As a consequence, the 

conduction and valence bands bend upward, and holes migrate and accumulate 

near the surface, increasing the surface potential barrier and the built-in electric 

field. It has been suggested that this accumulation of holes near the surface 

produces charge separation within the material, with electrons accumulating in 

the centre and holes at the surface.206,217 This spatial separation results in the 

holes being readily available for recombination processes near the surface, while 

the electrons must overcome a potential barrier to reach the surface. A schematic 

representation of the adsorption process is shown in Figure 6.2.a. 

 

 

Figure 6.2 – Representation of the adsorption (a) and desorption (b) processes 

thought to be responsible for the PPC in metal oxides. (a). The bending of the bands 

as oxygen is adsorbed/desorbed is depicted, and the corresponding 

increase/decrease of the surface potential is indicated. Schematic adopted from Viana 

et al.70 

(a) (b) 
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Desorption mechanism: 

When near band gap light is shone on the sample, electron hole pairs are created, 

and the holes swiftly migrate to the surface thanks to the built-in electric 

fields206,217. Upon reaching the surface, the holes recombine with the electrons 

trapped by the adsorbed oxygen, producing its desorption (equation 6.3). This 

process reduces the width of the electron-depleted region near the surface, along 

with the surface potential and the band bending. As a consequence, more 

electrons become available for conduction, and the conductivity of the sample 

increases (Figure 6.1 A to B). Since the reduction of the surface potential hinders 

the charge separation previously described, more electrons can now reach the 

surface and be trapped by oxygen atoms in the atmosphere adsorbing on the 

surface. At the same time, the migration of holes to the surface is reduced and 

the desorption of oxygen becomes slower. Eventually, a steady state condition is 

reached, as a product of the balance between the processes described by 

equations 6.2 and 6.3. 

When the illumination is turned off, oxygen atoms in the ambient are adsorbed 

on the surface and capture electrons, which produces the gradual bending of the 

bands. As more electrons are captured by the adsorbing oxygen, the surface 

potential barrier and the internal field increase. This reduces the number of new 

electrons that can reach the surface and be trapped. As a consequence, the 

adsorption rate is progressively reduced, giving rise to the persistent photocurrent 

(Figure 6.1 B to C).  

 

6.2.2.  Dependence on the photon energy 

 

Various light sources have been used in the past to generate the photocurrent 

associated with the PPC. Above band gap light sources, including LEDs206,218, 

discharge lamps207,213 and lasers211,218,219 are frequently used to create the 

electron-hole pairs that triggers the desorption mechanism, and the consequent 

increase in conductivity.  



171 
 

Recent studies have shown that photon energies as low as 2.38 eV can induce 

PPC in SnO2 films, thus suggesting that mid-gap states can be involved in 

inducing the photocurrent70,197,218.  

Figure 6.3 shows the photocurrent response of a SnO2 film presenting a band 

gap of 3.7 eV, upon illumination with light in the 1 eV to 4.8 eV range using an 

Agilent Cary 6000i spectrophotometer. A clear increase in the photocurrent can 

be seen for photon energies below band gap, in agreement with previous 

reports197. While further studies are required to fully elucidate the energy 

dependence of the induced photocurrent, Figure 6.3 clearly evidences that below 

band gap light can induce a photo-response in SnO2.  

 

  

Figure 6.3 – Wavelength dependent photocurrent induced in an intrinsic SnO2 film 

presenting a band gap of 3.7 eV. The onset observed at photon energies below band 

gap suggests that mid-gap states are involved in inducing the photocurrent.  

 

The possibility of generating photocurrents with below band gap illumination was 

of particular importance in the photoconductivity studies, since the low intensity 

obtained with discharge lamps (Xe and Deuterium) was not always sufficient to 

produce measurable photocurrents. To overcome this limitation, a 405 nm (3.06 

eV) laser was used as a light source in the rest of the studies presented here. 
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6.2.3.  Dependence on the atmosphere 

 

Many studies exploring the PPC in metal oxides have addressed the effect of the 

atmospheric conditions on the photoresponse of the material.54,70,205,206,220 In this 

sense, experiments conducted in vacuum and in the presence of different gases 

have evidenced the importance of the surface chemistry in the persistence of the 

photo-generated current. 

Since the presence of oxygen species is a key aspect in the model posed for 

explaining the PPC in TCOs, several photoconductivity studies were conducted 

to assess the effect of the atmosphere on the PPC observed in SnO2. In all 

studies 5 mm x 5 mm samples were diced from the as-grown material and 

electrically contacted by the procedure described in section 3.4.  

The contacted samples were mounted in a Janis CCS-450 cryostat, and spring 

loaded pins were used to connect two opposite corners to the SMUs of an Agilent 

B1500A semiconductor device analyser. The samples were biased at 100 mV 

DC and the current was measured before, during and after illuminating them with 

a 405 nm laser at less than 5 mW power and a spot size of 50 mm2. Vacuum 

conditions down to 10-6 Torr were achieved by pumping down the cryostat with a 

Pfeiffer Hi Cube pumping station. Two isolation valves allowed venting the 

cryostat to atmospheric air, or leaking different gases into the cryostat at 

controlled pressures. 

The effect of atmospheric conditions on the PPC observed in SnO2 was initially 

studied by photoconductivity experiments performed in vacuum and in air. Figure 

6.4 (A to C) presents the results of a representative measurement, conducted 

under vacuum at 10-6 Torr. A sharp increase in the current is observed 

immediately after the illumination is turned on, consistent with the hole-mediated 

desorption mechanism previously discussed. While the illumination remains on, 

the current continues to increase at progressively lower rates, suggesting that 

most of the oxygen has been desorbed from the surface and that a steady state 

condition is eventually attained. When the illumination is removed (B), the current 

slowly decreases until the initial condition is recovered (C), in timescales that are 

two orders of magnitude larger than the rising time.  
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Figure 6.4 – PPC observed in SnO2 films under vacuum (A-C and C-E) and after the 

sample is exposed to ambient air (E-F). The slow decay of the photocurrent under 

vacuum conditions (B-C and D-E) and the sharp drop immediately after the cryostat is 

vented (E-F) evidence the pivotal role played by atmospheric air in the PPC. 

 

This slow recovery under vacuum conditions is consistent with the model 

proposed in section 6.2.1 and suggests the predominant role played by the 

environmental gas in the PPC of SnO2.  

To observe the effects of the atmosphere on the PPC, the sample (still under 

vacuum) was illuminated again until the same maximum current was attained (D). 

The recovery characteristics under vacuum were recorded upon removing the 

illumination (D-E) and similar characteristics were observed, suggesting the 

sample undergoes reproducible processes. As soon as the cryostat begins to be 

vented (E), a sharp decrease in the current is observed and a steady state 

condition is rapidly reached (F). Once in normal atmosphere, the sample exhibits 

a slightly lower conductivity, compared to that in vacuum conditions.  

The sharp decrease in the conductivity of the sample as the cryostat is vented 

demonstrates the sensitivity of the sample to ambient conditions, and the strong 

dependence of the PPC on the atmosphere.  
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Once again, this is consistent with the model proposed for describing the PPC, 

and suggests that oxygen is rapidly adsorbed onto the surface of the film, 

producing the abrupt change in the conductivity observed in Figure 6.4 (E to F).  

The slightly higher conductivity recorded in vacuum conditions at point A 

compared to the normal atmosphere conditions at point F can be understood as 

the vacuum conditions removing some of the adsorbed oxygen. While the change 

in conductivity was not recorded during pump down for the results presented in 

Figure 6.4, an increase in conductivity (in the absence of light) was observed as 

the cryostat was evacuated in several experiments. 

The time dependent decay of the photo-induced current 𝐼(𝑡) is generally modelled 

by the Kohlrausch, stretched-exponential function:70,197,221-223 

 𝐼Ph(𝑡) = 𝐼Ph(0) 𝑒−(
𝑡

𝜏
)

𝛽

 6.4 

where 𝜏 is the decay time constant, associated with the adsorption and trapping 

mechanisms previously described, and 𝛽 is the decay exponent (between 0 and 

1) that accounts for the deviation from an exponential decay. The stretched 

exponential function has been used to describe the PPC observed in a wide 

variety of semiconductors, such as GaAs224,225, AlGaN226, TiO2
223 and in SnO2 

thin films and nanowires.70,197 It has been demonstrated that the stretched 

exponential behaviour naturally arises in processes where the recovery rate is 

time dependent.221,227-229  

This is consistent with the model proposed for explaining the PPC in SnO2, where 

the adsorption of oxygen onto the surface of the films produces a depletion layer 

that progressively bends the bands and reduces the adsorption rate.70,197,217 The 

use of the stretched exponential function for fitting the PPC data is therefore 

justified in the context of the adsorption/desorption model discussed here. 

Figure 6.5 presents typical photoconductivity studies conducted on a SnO2 film 

under vacuum and atmospheric conditions. Six illumination and recovery steps 

were produced between similar minimum and maximum currents, to produce 

comparable results.  
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The first two steps observed in Figure 6.5 correspond to desorption and 

adsorption processes performed under vacuum conditions, followed by a third 

step in which the sample was vented to air while the recovery was taking place.  

 

 

Figure 6.5 – Desorption/adsorption processes obtained upon illuminating a sample in 

vacuum (10-6 Torr) and in ambient conditions. Shorter recovery times are observed for 

the processes conducted in air, compared to the vacuum counterpart, in agreement 

with the desorption/adsorption model discussed here. 

 

A sudden drop in the current is observed upon venting the cryostat, in agreement 

with the results shown in Figure 6.4. Three additional steps were performed in 

air, confirming the shorter recovery time and the reproducibility of the results. It 

is worth noting that full recovery of the photo-induced current was not reached in 

this experiment, since its purpose was to produce successive steps within the 

same current levels. As a consequence, the recovery times observed are not 

comparable to those presented in Figure 6.4. Moreover, the electrical properties 

of the sample significantly affects the characteristics of the PPC and limits the 

comparison across samples.  

 

Air 

Vacuum 
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The dependence of the PPC characteristics on the electrical properties of the 

sample will be further discussed later in this chapter. The data corresponding to 

the recovery (adsorption) processes shown in Figure 6.5 were fitted with the 

stretched exponential function (equation 6.4), to obtain the characteristic 

recovery times. 

Figure 6.6.a presents the data corresponding to the recovery processes shown 

in Figure 6.5, plotted as Ln[Ln(𝐼Ph(0)) − Ln(𝐼Ph(𝑡))] vs Ln(𝑡). These plots allow 

extracting the parameters of the stretched exponential model (equation 6.4) from 

linear fits of the corresponding data. The exponential factors 𝛽 are obtained from 

the slopes of these fits and the characteristic times are obtained from the ordinate 

b, as 𝜏 = e−𝑏/𝛽.  

The linear trend observed in each dataset indicates the stretched exponential 

characteristics of the adsorption processes. The similar slope (𝛽 in equation 6.4) 

present in all the processes suggests a common mechanism being responsible 

for the deviation from a standard exponential function. In addition, similar vertical 

offsets are observed in the adsorption processes repeated in vacuum and in air, 

respectively, further evidencing that processes underwent under the same 

ambient conditions share the same characteristic time. 

Figure 6.6.b presents the normalised photocurrent of two of the processes shown 

in Figure 6.5 (vacuum and air conditions), along with the stretched exponential 

functions obtained from linear fits of the corresponding data in Figure 6.6.a. As 

expected from the trends observed in Figure 6.6.a, the stretched exponential 

function produces good fits of the measured data, thus suggesting the time 

dependent nature of the recovery rate, and the validity of the model. 
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Figure 6.6 – (a) Photoconductivity response of a SnO2 film plotted as 

𝐋𝐧[𝐋𝐧(𝑰𝐏𝐡(𝟎)) − 𝐋𝐧(𝑰𝐏𝐡(𝒕))] vs 𝐋𝐧(𝒕). The linear trends observed in all the datasets 

indicates the stretched exponential characteristics of the adsorption processes, while 

the atmospheric dependence is evidenced by different intersections with the ordinate 

axis. (b) Stretched exponential fits of selected vacuum and air adsorption processes 

(Figure 6.5), using the fitting parameters obtained from linear fits of the data in (a).  

 

  Pressure dependence 

 

The results presented in Figure 6.4, Figure 6.5 and Figure 6.6 clearly evidence 

the dependence of the PPC on the atmospheric air. Similar experiments have 

been used in the past to support the oxygen adsorption model that explains the 

PPC in SnO2 and ZnO70,197,206,216,230. The conclusions drawn in these studies are 

generally based on the longer recovery time observed in samples measured 

under vacuum, compared to those studied in atmospheric conditions.  

However, even though oxygen is claimed to play a pivotal role in the PPC of these 

oxides197, its influence over other gases present in atmospheric air is not obvious 

from these studies. To further explore the origins of the PPC in SnO2, additional 

studies were conducted under different atmospheric conditions. 

A SnO2 film presenting an unmodified base resistivity of 180 Ω.cm was mounted 

in the cryostat and connected to the parameter analyser, as previously described. 

The cryostat was pumped down to 10-6 Torr and the sample was illuminated until 

a maximum current of 150 nA was obtained.  

Vacuum 

(a) (b) 

Vacuum 

Air 

Air 
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The illumination time required was typically 5 seconds, and the resulting current 

was more than an order of magnitude larger than the dark current. After the 

illumination was turned off, the recovery current was measured for approximately 

15 minutes. The measurement was repeated at different pressures, obtained by 

leaking atmospheric air into the cryostat.  

Figure 6.7 presents the recovery currents measured for air pressures ranging 

from 10-6 Torr to 760 Torr. The stretched exponential behaviour was confirmed 

by the linear trend of the Ln[Ln(𝐼Ph(0)) − Ln(𝐼Ph(𝑡))] vs Ln(𝑡) data obtained for 

all pressure conditions. The recovery times  extracted from the corresponding 

linear fits are shown in the inset of Figure 6.7.  

 

   

Figure 6.7 – Recovery of the photocurrent induced on a SnO2 film while kept under 

different air pressures. The maximum current induced was 150 nA for all experiments. 

More than ten-fold decrease in the recovery time is observed in atmospheric air, 

compared to vacuum conditions, in agreement with previous results. Inset: recovery 

times extracted from the fit of the 𝐋𝐧[𝐋𝐧(𝑰𝐏𝐡(𝟎)) − 𝐋𝐧(𝑰𝐏𝐡(𝒕))] vs 𝐋𝐧(𝒕) data using the 

stretched exponential model. 

 

 

760 Torr 
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As previously observed, the presence of air significantly reduces the PPC in 

SnO2, with the decay time at room pressure being more than ten times larger 

than in high vacuum conditions. However, no significant change is obtained in the 

recovery time upon increasing the air pressure more than 104 times, going from 

7x10-6 Torr to 4x10-1 Torr. Surprisingly, the effect of air on the PPC of the sample 

is only perceived when the pressure is increased beyond 10 Torr, as evidenced 

by the inset of Figure 6.7. 

Given the high chemical sensitivity of SnO2 surfaces, this relatively high threshold 

pressure suggests that the element (atom, molecule or chemical group) 

responsible for the decrease of the PPC must be present in relatively low 

concentrations in atmospheric air. While this could be interpreted as evidence 

supporting the oxygen adsorption scenario, it is still not clear why most of the 

studies on the topic report a decrease in the recovery time even when the 

experiments are conducted in other gases, such as He, N2 and Ar.70,220 In order 

to assess this issue, studies under different gaseous atmospheres where 

conducted on some of the films grown in this work.  

 

  Gas dependence 

 

Atmospheric air, nitrogen, oxygen and humid nitrogen atmospheres were used to 

further assess the effect of the ambient on the PPC of SnO2. To minimise the 

presence of residual gases, the cryostat was repetitively pumped down to 10-5 

Torr and flooded with the desired gas, before a final flood to 1 atm to attain the 

experimental conditions. Research grade nitrogen and oxygen (99.999%) and 

atmospheric air were used to create the corresponding ambients. In addition, a 

high humidity condition was achieved by bubbling nitrogen through deionized 

water in a closed container, with its outlet connected to the inlet valve of the 

cryostat. The choice of nitrogen as a carrier gas for the high humidity condition 

was based on the interest in separating the effects produced by oxygen, from 

those associated with the water vapor (and OH- groups), both present in 

atmospheric air.  
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Figure 6.8 presents the results obtained in these experiments, where the effect 

of air on the PPC of SnO2 is evidenced by the sharper decay of the current, 

compared to the vacuum condition.  

 

Figure 6.8 – Normalised decay of the photocurrent of a SnO2 film in various gases, at 

1atm. The sharper decrease observed for all gases compared to vacuum confirms the 

gas sensitivity of the PPC. The strong decay exhibit by the high humidity condition 

suggests that humidity in the air rather than oxygen is responsible for the drop in the 

PPC. All experiments correspond to a maximum photocurrent of 4.5 x 10-8 A.  

 

A less pronounced decay is observed in the experiment conducted in nitrogen, 

compared to the atmospheric air counterpart, although both conditions exhibit 

shorter decay times than in vacuum. These results are in agreement with 

previous studies, where the same trend is observed.54,70,220  

Interestingly, the results obtained in pure oxygen atmosphere exhibit a trend that 

resembles that for nitrogen atmosphere, rather than air. This suggests that 

oxygen might not be the main cause of the reduced PPC in SnO2. As a result, the 

frequent conclusion correlating the decay of the photocurrent in atmospheric 

conditions with the adsorption of oxygen on the surface of SnO2, might not be 

completely adequate. 
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Experiments conducted in high humidity nitrogen, on the other hand, show the 

strongest reduction in the PPC. This suggests that humidity, rather than oxygen, 

plays the main role in the decay of the persistent photocurrent in SnO2.  

If that were the case, the so far unexplained reduction in the PPC observed for 

gases like He70, N2
206,220 and Ar220, could finally be understood as the effect of 

residual water vapor present in the experimental system.  

 

6.2.4.  XPS studies 

 

Complementary XPS studies on similar samples seem to support the idea of 

adsorbed OH- groups being responsible for the PPC observed in SnO2. Two 

undoped SnO2 films exposed to changing atmospheric conditions were studied 

in the soft X-ray beamline of the Australian synchrotron.  

The samples were mounted in the analysis chamber of the soft X-ray beamline 

and held at base pressures in the order of 10-10 Torr. A 1486 eV X-ray excitation 

beam was used for producing survey scans that assessed the composition of the 

films, while a 680 eV excitation beam was typically used for exploring the regions 

associated with O1s and Sn3d peaks. A preparation chamber connected to the 

analysis chamber allowed the in situ annealing of the samples without re-

exposing them to atmospheric conditions. 

Figure 6.9.a presents the O1s XPS spectra of samples exposed to several 

ambient conditions. The spectra obtained for the “as grown” condition (Figure 

6.9.b) shows a broadening in the high energy region, usually ascribed to the 

presence of adsorbed OH- groups.165 To confirm the presence of adsorbed 

species onto the surface of the film, the samples were transferred to the 

preparation chamber and in-situ annealed at 600°C for 15 minutes to induce the 

desorption of the OH- groups. New scans of the O1s peak were obtained after 

the annealing step was completed, evidencing a single, well defined peak, 

centred at 530.7 eV (Figure 6.9.c). The shape and position of the peak results in 

agreement with the characteristic O1s peak expected in metal oxides231 and 

confirms the desorption of OH- from the surface of the film.  
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Figure 6.9 – XPS studies of the O1s peak of a SnO2 film grown in this work, exhibiting 

the broadening of the peak on the high energy side, when the sample is exposed to 

ambient conditions (a). (b) Experimental and fitted data of the O1s peak, associated 

with the as-grown sample exposed to ambient conditions, suggesting the presence of 

adsorbed OH- groups on the surface of the film. (c) Experimental and fitted data of the 

O1s peak after the annealing step, suggesting the complete desorption of the OH- 

groups. (d) Experimental and fitted data of the O1s peak, associated with the annealed 

sample after being exposed to ambient conditions, suggesting the re-adsorption of 

OH- groups on the surface of the film.   

 

The reversibility of the process was further assessed by removing the samples 

from the analysis chamber and exposing them to ambient conditions, to induce 

the re-adsorption of OH-.  

 

(a) (b) 

(c) (d) 
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New scans evidenced the re-appearance of the O1s broadening (Figure 6.9.d), 

thus confirming the adsorption of OH- groups onto the surface of the film. These 

results indicate that OH- groups present in ambient conditions adsorb on the 

surface of SnO2, as suggested by the PPC studies conducted in high humidity 

conditions. While in situ PPC studies could not be conducted in the XPS 

beamline, the evidence suggest that OH- adsorption might be responsible for the 

PPC observed in SnO2 and further studies are currently being planned to 

elucidate this. 

The adsorption/desorption processes at the surface of the sample is also 

manifest in the valence band region of the XPS spectra. Figure 6.10.a presents 

the XPS valence band spectra of the as grown, annealed and vented conditions, 

where the rise and disappearance of the SnO-related feature can be observed in 

the annealed and vented spectra, respectively.  

 

   

Figure 6.10 – (a) XPS valence band spectra of the as grown, annealed and vented 

conditions, evidencing the (reversible) emergence of an environment resembling SnO, 

upon annealing of the sample.  (b) Contribution of the Sn5s and OH- peaks to the O1s 

an O2s peaks under different conditions. The strong (inverse) correlation observed 

suggests that the surface reconstruction that renders a SnO environment at the 

surface of the film is mediated by the desorption of OH- groups. 

 

 

(a) (b) 

Sn5s 

O2p 
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The characteristic features of SnO2 (discussed in section 3.5.1) are observed in 

the spectra corresponding to the ‘as grown’ and ‘vented’ conditions, evidencing 

an oxygen rich surface. While these characteristics are consistent with the 

presence of stable bridging oxygen atoms in the configuration depicted in Figure 

2.4, the analysis of the O1s peak discussed here, the below-band gap 

photoconductivity observed and its strong dependence with humidity all suggests 

a surface with dangling hydroxyl groups bonded to surface Sn atoms. 

As discussed in section 3.5.1, the distinct shoulder centred at ~3 eV (associated 

with antibonding Sn5s-O2p states) is one of the signatures of SnO, and indicates 

the presence of an oxygen deficient surface. This feature was not present in the 

“as grown” material, it emerged upon annealing the sample at 600°C and 

disappeared after venting it to atmosphere (Figure 6.10). This suggests that an 

environment resembling SnO is present at the surface of the annealed film165,167 

and is consistent with the surface reconstruction scenario described in Chapter 

2. This is likely to originate in the desorption of the bridging oxygens and 

adsorbed OH- groups that render a Sn rich surface with stoichiometry similar to 

SnO (Figure 2.5). The irreversible reduction of the ~ 11 eV peak observed in 

Figure 6.10 could further indicate that bridging oxygen atoms are removed from 

the SnO2 surface upon annealing, and that a complete recovery of the 

stoichiometric surface is not achieved after re-exposure to atmosphere.   

Finally, the correlation between this feature and the desorbed OH- groups is 

shown in Figure 6.10.b, where the contributions of the Sn5s and OH- peaks to 

the spectral features observed are presented. A clear reversible increase 

(decrease) in the Sn5s peak associated with SnO2–SnO surface reconstruction 

is shown to accompany the reduction of the OH- groups observed upon annealing 

(venting) the sample. 

Despite the evidence supporting the predominant role played by hydroxyls in the 

PPC, some studies have suggested that the adsorption of water onto <101> SnO2 

surfaces produces downward band bending15,232 and increases the conductivity 

of the material205.  
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This seems to disagree with the results shown in Figure 6.8, where the addition 

of water vapor has decreased the conductivity of the film. Further studies will be 

conducted to fully understand the role played by water vapor, OH- groups and 

oxygen adsorption in the PPC of tin oxide. 

 

6.2.5.  Dependence on the electrical properties 

 

While electronic processes are at the centre of the mechanisms that explain the 

PPC in SnO2, little has been reported about the dependence of the PPC on the 

electrical properties of the material. To further develop the understanding of the 

processes governing the PPC in SnO2, the effect of the electrical properties of 

the films on the photo-generated current and its decay time was explored.  

Three SnO2 films with increasing Sb concentration were studied under vacuum 

conditions, using the same experimental protocols and data analysis techniques 

previously described. Doped films were needed in order to span a relatively large 

range of carrier concentrations. Unlike previous experiments, the maximum 

current could not be used as a constant parameter in these studies, due to the 

large range of resistivities and carrier concentrations spanned with these 

samples. Neither could the saturation of the photo-current be used as a 

reference, since most of the films did not exhibit saturation after hours of 

illumination. The same difficulty would arise in the temperature dependence 

studies, presented later in this chapter. The excitation time was therefore used 

as a constant parameter for comparing the characteristics of the PPC across 

different samples. 

Figure 6.11.a shows the persistent photocurrent response of samples presenting 

carrier concentrations of 2.8 x 1016 cm-3, 1.0 x 1017 cm-3 and 2.2 x 1019 cm-3           

(ρ = 70 Ω.cm, 4 Ω.cm and 0.08 Ω.cm, respectively), after illuminating them for   

10 s, 20 s and 30 s. A clear increase in the photocurrent with increasing carrier 

concentration is apparent for all excitation times, with maximum currents of tens 

of nA and tens of µA, for the samples presenting the lowest and highest carrier 

concentrations respectively.  
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Figure 6.11 – (a) Induced and persistent photocurrent response of samples presenting 

increasing carrier concentrations upon 10 s, 20 s and 30 s illumination under vacuum. 

The increase of the photocurrent with increasing carrier concentration is accompanied 

by a decrease in the photosensitivity, as evidenced by (b). (c) Recovery times obtained 

from the analysis of the data presented in (a) exhibiting a clear increase with increasing 

carrier concentrations.  

 

The absolute value of the photocurrent increase has been extracted from these 

curves and plotted in Figure 6.11.b. (left axis) to show the mentioned trend. It is 

also useful to define photosensitivity as the ratio of maximum to dark currents, as 

a measure of the sample’s relative surface sensitivity.  

(b) (c) 

n = 2.2 x 1019 cm-3 

(a) 

n = 1.0 x 1017 cm-3 

n = 2.8 x 1016 cm-3 
(x 15) 
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The right axis of Figure 6.11.b. displays this parameter, which is observed to 

decrease with increasing carrier concentration. 

Larger differences between the maximum photo-induced currents obtained with 

different excitation times are observed in samples presenting higher carrier 

concentrations, as shown in Figure 6.11.a and b. This suggests the presence of 

a higher saturation level (compared to the low carrier concentration samples) that 

is not reached within the illumination times presented here. This dependence 

produces the spread in the recovery times calculated for different illumination 

times, using the stretched-exponential model (Figure 6.11.c). Despite this spread, 

a clear increase of the recovery time with increasing carrier concentration is 

observed for all excitation times. Identical trends were obtained upon normalising 

the data to the maximum current and recalculating the recovery times, therefore 

suggesting that the increase in the recovery time is associated with the increasing 

carrier concentrations, rather than to the excitation current.  

The increase in the recovery time with increasing carrier concentration can be 

explained in terms of the model discussed in section 6.2.1, regardless of whether 

oxygen or OH- groups are involved in the electron-trapping process. As previously 

suggested, the adsorption of oxygen (or OH-) onto the surface of SnO2 produces 

a depletion layer near the surface of the film, and the consequent upward bending 

of the bands. Simultaneously, a spatial charge separation occurs, that 

accumulates electrons in the centre of the material and holes near the surface, 

thus increasing the built-in electric field. This reduces the chances of electrons 

reaching the surface and recombining with the holes, and maintains the PPC in 

the material. As the carrier concentration increases, so does the built-in fields and 

the surface potential barrier. As a consequence, fewer electrons can reach the 

surface to recombine with the near-surface holes, hence increasing the recovery 

time as observed in Figure 6.11.c. 

Since the saturation current could not be achieved in all samples, nor could the 

same excitation current be used for all of them, the role played by the carrier 

concentration in these experiments cannot be completely separated from that of 

the excitation current.  
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However, additional insight can be gained from the analysis of the recovery times 

associated with the two samples presenting the lowest carrier concentrations.  

The difference between the recovery times associated with these samples is an 

order of magnitude larger than the dispersion associated with the different 

illumination times for each of them (Figure 6.11.c). This suggests that the distinct 

increase observed in the recovery time of the ~1017 cm-3 sample with respect to 

the ~1016 cm-3 one, is mainly owed to the increased carrier concentration. These 

preliminary results support the scenario proposed here for explaining the 

dependence of the PPC on the electrical properties of the film. However, 

additional studies with above band gap illumination will be undertaken in the 

future, to unveil the details of the trends observed. 

 

6.2.6.  Dependence on temperature 

  

Temperature dependence studies were conducted on intrinsic SnO2 and Sb-

doped SnO2 films, to further explore the mechanism governing the PPC. Samples 

presenting resistivities of 50 Ω.cm (intrinsic SnO2), 1.8 Ω.cm (Sb:SnO2) and     

0.44 Ω.cm (Sb:SnO2) were mounted and measured as described in section 6.2.3. 

These samples will be identified by their resistivities in the rest of this chapter, 

since their highly insulating nature and the experimental limitations discussed in 

Chapter 3 prevented an accurate measurement of their carrier concentrations. 

A He closed cycle refrigerator was used to cool the samples down to 

approximately 9 K. A resistive heating element attached to the cold finger, 

together with a semiconducting temperature sensor enabled control of the 

temperature in the 9 K to 300 K range.  

Figure 6.12 shows the PPC data for the intrinsic sample (ρ = 50 Ω.cm). The data 

has not been scaled and the first obvious result is the ~5000 times reduction in 

the background (dark) current as the film is cooled from 300 K to 75 K. All the 

samples exhibited a similar strong temperature dependence in their dark current, 

spanning several orders of magnitude across the temperature range studies.  
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Figure 6.12 – Temperature dependent photocurrent of an intrinsic SnO2 in vacuum 

conditions. More than 3 orders of magnitude increase in the dark current evidences 

the wide resistivity range spanned by the samples and suggest the depletion of free 

carriers from the conduction band. An increase in the recovery time with increasing 

temperature resembles the behaviour observed in the previous section for increasing 

carrier concentrations.  

 

Given the wide range of electrical properties spanned with these samples and the 

strong temperature dependence of their resistivities, the maximum photocurrent 

could not be used as a constant parameter in the experiments. 

As in previous studies, a constant illumination time (10s) was adopted for 

comparing the characteristics of the PPC across different temperatures and 

samples. Illumination and recovery curves for the current, such as the ones 

shown in Figure 6.12, were recorder for the three samples under study at various 

temperatures in each case. The current was measured until the dark value was 

reached, before a new temperature was set and a new curve collected.  

Since the maximum current and its ratio to the dark current varies significantly 

across the different samples and temperatures, a consistent analysis of the 

temperature dependence was achieved by normalising the photocurrent 𝐼Ph(𝑡) at 

the point when the illumination is turned off to unity.  

300 K 

75 K 

Increasing 

temperature  

150 K 
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Figure 6.13.a,c,e presents these normalised persistent photocurrent of the three 

samples studied, at temperatures ranging from 9K to 300K.  

A sharp decay of the PPC is observed at low temperatures for all the samples, 

resulting in the complete recovery of the dark condition within a few seconds of 

removing the illumination. At temperatures close to 10 K, the decay of the 

photocurrent is so sharp, that little evidence of the PPC phenomenon is observed. 

As temperature is increased, the PPC effect becomes more evident, and the 

recovery time increases significantly. The increase in the recovery time is more 

pronounced for conducting samples than it is for insulating ones (Figure 

6.13.a,c,e), in agreement with the results presented in the previous section.  

Further insight into the evolution of the PPC with temperature can be gained from 

the Ln[Ln(𝐼Ph(0)) − Ln(𝐼Ph(𝑡))] vs Ln(𝑡) plots associated with the data shown in 

Figure 6.13.a,c,e, obtained for calculating the corresponding recovery times, and 

presented in Figure 6.13b,d,f.  

Linear trends observed in the plots corresponding to the sample presenting the 

highest resistivity (Figure 6.13.b) indicate the stretched exponential behaviour of 

the recovery current. While the slopes associated with the data show little to no 

fluctuation with temperature, the decreasing ordinate intersection with increasing 

sample temperature confirms that longer recovery times are obtained as the 

temperature increases. 
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Figure 6.13 – (a), (c), (e) Temperature dependent decay of the normalised 

photocurrent of samples presenting 50 Ω.cm (intrinsic SnO2), 1.8 Ω.cm (Sb:SnO2) and 

0.44 Ω.cm (Sb:SnO2), respectively. A sharp decrease in the PPC with decreasing 

temperature is observed for all samples. (b), (d), (f) corresponding 𝐋𝐧[𝐋𝐧(𝑰𝐏𝐡(𝟎)) −

𝐋𝐧(𝑰𝐏𝐡(𝒕))] vs 𝐋𝐧(𝒕) plots.  

 

(a) 

(c) 

(e) 

(b) 

(d) 
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For the more conducting samples, the linear trend in the Ln[Ln(𝐼Ph(0)) −

Ln(𝐼Ph(𝑡))] vs Ln(𝑡) plots is altered at low temperatures by the appearance of a 

knee that evidences the presence of two distinct recovery regimes (Figure 

6.13.d,f). These two regimes correspond to the decay of the persistent 

photocurrent in the first   60 s after the illumination has been removed, and to the 

decay during the minutes that follow. Both regimes continue exhibiting the 

characteristic stretched exponential behaviour, albeit with different β values, and 

the decay times associated with each one of them follow the same increasing 

trend with temperature observed in the undoped sample (Figure 6.13.b). 

Figure 6.14 presents the characteristic times extracted from the plots shown in 

Figure 6.13b,d,f, in the short and long times regimes, obtained from linear 

regressions of the data in the corresponding regions. A clear increase in the 

recovery time with increasing temperature is observed for all samples in both 

regimes, with a distinct change in slope around 100 K.  

 

 

Figure 6.14 – Recovery times extracted from the linear fits of the 𝐋𝐧[𝐋𝐧(𝑰𝐏𝐡(𝟎)) −

𝐋𝐧(𝑰𝐏𝐡(𝒕))] vs 𝐋𝐧(𝒕) data shown in Figure 6.13.b,d,f, in the (a) long and (b) short decay 

time regimes . A clear increase in the recovery time with increasing temperature is 

observed for all samples and in all regimes. 

 

 

(a) (b) 
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The observation that a process slows down as temperature increases is unusual, 

as extra thermal energy tends to accelerate most processes. Such faster effects 

with temperature was observed in previous studies on SnO2 nanowires, where  

the recovery time of the PPC exponentially decreased with increasing 

temperature.70 That behaviour has been ascribed to the thermal ionization of 

holes from an acceptor level, which decreases the band bending at the surface, 

reduces the charge separation and reduces the recombination time of electrons 

and holes. However, since those studies were conducted in the 250 K to 400 K 

range, the emergence of other governing mechanisms at low temperatures 

cannot be discarded. The presence of such mechanisms is suggested by the 

consistent increase of the recovery time with increasing temperature observed 

for all the samples studied here. 

Two different mechanism will be proposed here for explaining the increasing 

recovery time with increasing temperature observed in all the samples studied. 

While both mechanism rely on the adsorption/desorption model for explaining the 

PPC in SnO2, identifying the element or group involved in this process (O2 or OH) 

is not of the essence. 

Frozen vs volatile desorbed species: 

This mechanism focuses on the enhanced mobility of the desorbed species as 

temperature increases.  

At low temperatures, the desorbed species (responsible for the electron trapping 

and the reduction of the photocurrent) do not have sufficient energy to escape 

from the surface of the film. As a consequence, while the illumination of the 

sample produces holes that recombine with the trapped electrons, the oxygen 

remains in the vicinity of the surface, readily available to adsorb and capture 

electrons upon removing the light source. This would explain the sharp drop in 

the photocurrent observed for all samples at temperatures close to 10 K. 

As temperature increases, so does the mobility of the desorbed oxygen, together 

with the chances of being removed from the cryostat by the pumping system.  
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This produces a reduction in the available oxygen that increases the recovery 

time of the sample, facilitating the reaction described by equation 6.3 over that of 

equation 6.2.  

Enhancement of the built-in fields: 

This mechanism relies on the enhancement of the built-in electric fields and the 

increase in the surface potential barrier as carrier concentration increases. 

Section 6.2.1 addressed the mechanism thought to be responsible for the PPC 

in metal oxides, discussing the increase in the surface potential barrier due to the 

charge separation produced by the adsorbed species. Additional consequences 

of these processes were the upward band bending at the surface, and the build-

up of electric fields inside the material that prevented electrons from reaching the 

surface of the film. 

In section 6.2.5 it was suggested that larger carrier concentrations could produce 

a surplus of electrons that would increase the built-in electric fields, thus making 

it more difficult for them to reach the surface and recombine with the holes. It was 

further suggested that this mechanism could be responsible of the increase of the 

recovery time observed in increasingly doped samples, compared to the intrinsic 

SnO2. 

This mechanism could also explain the temperature dependence of the recovery 

times observed in all the samples studied. At low temperatures, the depletion of 

the conduction band reduces the built-in electric fields and the surface potential 

barrier. This reduces the charge separation and favours the direct recombination 

of photo-generated electrons and holes, with comparatively smaller number of 

recombinations mediated by the adsorbed species. This would explain the sharp 

drop in the photocurrent observed at low temperatures, with characteristic times 

in the fraction of a second. 

Conversely, as temperature is increased more electrons populate the conduction 

band and increase the built-in field, with the consequent increase in the 

recombination time. In this case, the decrease in the photocurrent is mostly 

mediated by the adsorbed species, with characteristic times several orders of 

magnitude larger than the low temperature ones. 
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Both of the mechanisms presented here could, in principle, explain the increase 

in the PPC observed in SnO2 films with increasing temperature. Little has been 

reported on the temperature dependence of the PPC in SnO2 films, with most of 

the studies suggesting an opposite trend. To our knowledge, no study have 

thoroughly explored the behaviour of the PPC in SnO2 in the low temperature 

range. The studies presented here, along with further investigations being 

conducted on the subject can shine light in the mechanisms governing the PPC 

in SnO2 and contribute to the understanding of the phenomenon in other metal 

oxides. 

 

6.3. Electronic devices 

 

In the past few years, several studies have addressed the potential of SnO2 for 

applications in gas sensing, LED devices, transparent electronics, surface 

functionalization and solar cell technologies.15,45,47,48,50-52,233 

The outstanding crystalline quality of the tin oxide films produced in this work, 

together with their high transparency in the visible to far infrared portion of the 

spectrum make them interesting materials for optical applications. In addition, the 

possibility of tuning the electrical characteristics of these films without diminishing 

their optical properties, demonstrated throughout this work, opens the door to 

exciting applications in transparent electronics. Finally, the photoconductivity 

characteristics described in section 6.2 further suggest the potential of the 

material for optoelectronic and sensing applications. 

The feasibility and scope of some of these promising technological applications 

have recently started to be investigated using the films grown in this work. 

Approximately 150 Schottky diodes were fabricated using eight different SnO2 

and Sb:SnO2 films, spanning thicknesses from 6 nm to 150 nm, and resistivities 

from 10-3 Ω.cm to more than 102 Ω.cm. Different diode designs were tested on 

these films, to gain insight into the capabilities of the material, the performance 

of the devices and the limitations of the fabrication techniques.  

 



196 
 

6.3.1.  Fabrication 

 

The fabrication of the devices involved the deposition of ohmic and Schottky 

contacts of various geometries and layouts on the surface of the grown tin oxide 

films. As with some of the Hall measurements discussed in section 3.4, ohmic 

contacts were obtained by electron beam evaporating 50 nm Ti adhesion layers 

on the surface of the film, followed by 50 nm Au layers. Schottky contacts were 

obtained by RF sputtering (section III.III) a 50 nm silver oxide layer on top of the 

SnO2 film, followed by a 50 nm Au layer deposited by electron beam evaporation. 

The fabrication process begins by dicing a 5 mm x 5 mm sample from the grown 

wafer using a semi-automated diamond saw. The sample is thoroughly cleaned 

in ultrasonic baths of acetone, methanol and isopropanol, for 2 minutes each and 

blown dry with nitrogen. The sample is then mounted onto a Si wafer to facilitate 

its handling, using a drop of AZ1518 photoresist (PR) and baking it for 3 minutes 

on a hotplate at 96 °C. 

A few micrometres thick PR layer is spin-coated on top of the film and soft-baked 

in an oven at 96 °C for 20 minutes (Figure 6.15.b). Once patterned with the 

required design, this PR layer will act as a template for creating the electrical 

contacts on the surface of the film. After the PR layer is baked, the sample is 

mounted on a Karl Suss MA-6 UV / DUV mask aligner, where a lithography mask 

is aligned to the sample and approached to 70 μm from the surface of the PR 

layer. 

The lithography mask is a glass substrate coated with a chromium layer, onto 

which the required CAD design is previously patterned using a Heidelberg 

uPG101 laser mask writer and chemically etched. This process renders 

translucent areas corresponding to the patterned design, while the rest of the 

mask remains opaque. 

By shining UV light through the mask (Figure 6.15.c) the PR layer is selectively 

exposed. This selective exposure solubilises the PR in areas that reproduce the 

pattern on the mask (Figure 6.15.d). 
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The exposed areas are effectively removed by stirring the sample in AZ 326 

developer for 30 seconds, followed by 30 seconds stirring in deionized water 

(DIW) to remove residues. This process renders trenches in the PR layer, which 

reproduce the design written on the mask and uncover the underlying SnO2 film 

(Figure 6.15.e). 

The sample is then mounted in an Edwards Auto500 DC/RF magnetron 

sputtering system and the system is pumped down to pressures in the order of 

10-6 Torr. A 5 kV electron beam is used to evaporate a 50 nm Ti layer on the 

sample, at approximately 0.12 nm/s. The evaporated material fills the bottom of 

the trenches, creating an adhesion layer on the surface of the film and covering 

the surface of the PR (Figure 6.15.f). In order to prevent oxidation of the Ti layer 

and to improve the electrical contact, an additional 50 nm Au layer is evaporated 

at similar rates on top of the Ti layer (Figure 6.15.g).  

The Ti and Au layers deposited on top of the PR are removed by soaking the 

sample in acetone for a few minutes, in what is known as a lift-off process (Figure 

6.15.h-i). The lift-off process dissolves the PR layer, hence detaching the metallic 

layers deposited on top of it, and renders a sample with patterned Ti/Au contacts 

on the surface of the SnO2 film (Figure 6.15.i,j). Remaining residues are removed 

by sonicating the sample in acetone in 5 seconds steps, until a satisfactory lift-off 

is obtained. The success of the lift-off process, assessed under the optical 

microscope with the sample still in acetone, is evidenced by the presence of 

sharp edges on the Ti/Au contacts, as shown in Figure 6.15.j. The sample is 

finally cleaned in methanol and isopropanol and blown dry with nitrogen. 

The fabrication process described so far renders patterned Ti/Au contacts 

(approximately 100 nm in height) on top of the SnO2 film. These contacts exhibit 

ohmic characteristics, evidenced by the linear I-V curves typically obtained. Once 

the ohmic contacts have been deposited, the deposition of the Schottky contacts 

proceeds in an almost identical fashion, repeating most of the fabrication steps 

described here. Particular care is taken during the alignment stage of the new 

photolithography process, to ensure the adequate gap between contacts and to 

avoid short-circuiting the devices when the new contacts are deposited.  
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As previously mentioned, silver oxide contacts are deposited instead of the Ti 

adhesion layer to promote the formation of the Schottky barrier (Figure 6.15.p). 

To this purpose, a silver oxide target is RF sputtered at 50 W using Ar and O2 as 

sputterer and reactive gases in a 10:4 ratio, at pressures in the order of 10-5 Torr. 

Once the deposition of the silver oxide layer is complete, an Au layer is 

evaporated by electron beam evaporation as described for the ohmic contacts 

(Figure 6.15.q). The rest of the fabrication process involves repeating the lift-off 

and cleaning steps previously described. 

Two sets of contact designs have been used in the fabrication of diodes based 

on SnO2 films. Figure 6.16.a presents one of these designs, corresponding to a 

single diode with its ohmic (green) and Schottky (purple) contacts. Separate 

ohmic and Schottky contact masks are fabricated for each diode design, typically 

including a 5x5 array of contacts. The corresponding mask is used in the 

lithography processes depicted in Figure 6.15.c and Figure 6.15.m, for patterning 

the required contacts on the PR. Figure 6.16.b presents an overlay of the paired 

masks corresponding to an annular diode design, comprising contacts of 

increasing gap sizes. Optical microscopies of the diodes fabricated using these 

masks are shown in Figure 6.16.c, where well-defined ohmic and Schottky 

contacts can be observed. 



199 
 

 

Figure 6.15 – Schematic representation of the steps involved in the fabrication of 

Schottky diodes based on SnO2 films. Optical lithography (a-e, k-o) is used to pattern 

trenches on the photoresist layer, which are later filled with Ti/Au (f-h) or AgOx/Au      

(p-r) layers, rendering ohmic and Schottky contacts respectively. 
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Figure 6.16 – Single diode (a) and 24-diode mask design (b) depicting the two 

geometries adopted for the fabrication of the SnO2-based diodes in this work. Labels 

in (b) correspond to the size of the gap between ohmic and Schottky contacts. Purple 

and green areas in (a) and (b) correspond to ohmic and Schottky contacts, 

respectively. (c) Optical microscopy of typical diodes fabricated using the masks 

shown in (b).  (d) Wire bonded diodes used in low temperature and vacuum studies.  

 

6.3.2. Characterisation 

 

The electrical characterisation of the fabricated diodes typically involved 

measuring the I-V characteristics of each device at room temperature. A Cascade 

Microtech 11000 probe station connected to a HP 4155A parameter analyser 

were used to contact each individual device and to measure its current-voltage 

(I-V) characteristics in the -2 V to +2 V range. This measuring technique allowed 

characterizing the devices without additional processing or soldering of the 

contacts and minimizing the damage to their surfaces. 

RSchottky = 200 μm 
(a) (b) 

(c) (d) 
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Additional studies conducted in vacuum or low temperature conditions required 

the diodes to be wire bonded to a suitable connection board (Figure 6.16.d), using 

a Kulicke and Soffa 4526 ultrasonic wire bonder. 

Figure 6.17 shows representative I-V curves of diodes fabricated using the design 

shown in Figure 6.16.a, on 6 nm, 7 nm and 8 nm thick intrinsic SnO2 films 

presenting resistivities beyond 1 kΩ.cm.  

 

 

Figure 6.17 – Representative I-V characteristics of Schottky diodes fabricated in this 

work using intrinsic SnO2 films. Low leak currents and high rectification ratios 

demonstrate the potential of the grown films for transparent electronics applications. 

 

The highly insulating nature of the films is evidenced by the relatively low current 

measured at 2 V, suggesting resistances between 4 MΩ and 15 MΩ are present 

across the 30 μm gap between contacts. The decreasing forward current 

obtained with increasing film thickness is consistent with the observations 

presented in Chapter 5, and can be explained in terms of the decreasing 

concentration of defects discussed in section 5.5. Most of the defects responsible 

for the conductivity of these films were shown to originate near the film-substrate 

interface, as suggested by the increasing resistivity observed in films of 

increasing thickness (Figure 5.20).  
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As a consequence, thicker films present lower carrier concentrations and higher 

resistivities, hence the lower forward current observed in Figure 6.17  for diodes 

fabricated on these films. 

Small reverse currents (between 200 fA and 2 pA) and almost six orders of 

magnitude rectification ratios are observed in these diodes, evidencing the 

potential of the material for applications in low power transparent electronics. 

Despite the relatively low forward current measured for these diodes, the success 

of the fabrication techniques employed and the good performance of the devices 

obtained is demonstrated by the rectifying behaviour observed in Figure 6.17. 

Several geometries were used in the fabrication of diodes, including annular 

designs with various contact gaps, as depicted in Figure 6.16.b,c. Figure 6.18 

presents I-V curves of annular diodes with different gap sizes, fabricated on 

intrinsic (10 nm thick) and antimony-doped (150 nm thick) tin oxide films.  

 

   

Figure 6.18 – Representative I-V characteristics of Schottky diodes with gaps ranging 

from 5 μm to 300 μm, fabricated using (a) intrinsic and (b) Sb-doped SnO2 films. An 

enhancement of the forward current with decreasing gap size is observed in the diodes 

fabricated with intrinsic and Sb-doped SnO2, consistent with the reduction of the total 

resistance between the ohmic and Schottky contacts. The use of Sb doped material 

increases the forward current by approximately three orders of magnitude, while 

reducing the rectification ratio by almost one order of magnitude. 

 

(a) (b) 

SnO2 Sb:SnO2 
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An increase in the forward current with decreasing gap size is observed in both 

samples as a result of the decreasing resistance between the ohmic and Schottky 

contacts. As expected, an increase in the forward current is also observed in the 

diodes fabricated on the doped SnO2 compared to the ones obtained on the 

intrinsic material, with maximum currents of 1 mA and 1 μA, respectively. 

The enhancement in the forward current of the diodes fabricated on doped 

material is accompanied by an increase in the reverse current that diminishes 

their rectification characteristics. While the higher carrier concentration 

associated with the doped material is likely to contribute to the increase of the 

leak current, the effect of the film thickness cannot be neglected and additional 

studies to quantify these contributions are currently under assessment. 

Characteristic parameters such as rectification ratio, barrier height and linearity 

of the diodes are obtained from the analysis of the corresponding I-V curves, and 

used to assess the performance of the devices. To this purpose, the current 

through a Schottky diode at temperature 𝑇 is modelled using the Shockley 

equation:234,235 

 𝐼(𝑉D) = 𝐼0 (𝑒 
𝑞𝑉D

𝑛𝑘B𝑇 − 1)  6.5 

where 𝑞 is the electron charge, 𝑉D is the applied forward voltage, 𝑘B is the 

Boltzmann constant, 𝑛 is the ideality factor of the diode and 𝐼0 is given by: 

 𝐼0 = 𝐴∗𝐴𝑇2𝑒
−

𝑞Φ

𝑘B𝑇 6.6 

where 𝐴 is the area of the Schottky contact, Φ is the barrier height and 𝐴∗ the 

Richardson constant, defined as: 

 𝐴∗ =
4𝜋𝑞𝑚∗𝑘B

2

ℎ3
 6.7 

with 𝑚∗ and ℎ the effective electron mass and Planck’s constant, respectively. 

The barrier height and ideality factor are obtained from equations 6.6 and 6.5 as 
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 Φ =
𝑘𝑇

𝑞
𝐿𝑛 (

𝐴𝐴∗𝑇2

𝐼0
) 6.8 

 𝑛 =
𝑞

𝑘𝑇
(

𝜕𝑉

𝜕(Ln(𝐼)) 
) 6.9 

were 𝐼0 and 
𝜕𝑉

𝜕(Ln(𝐼)) 
 are obtained from linear fits of the Ln(𝐼(𝑉D)) vs  𝑉D data. 

Figure 6.19 presents the characteristic parameters obtained from the I-V curves 

of over 70 diodes fabricated with sub-10 nm thick SnO2 films grown in this work, 

using the geometry shown in Figure 6.16.a. Rectification ratios of over five orders 

of magnitude, barrier heights of approximately 0.92 V and ideality factors close 

to 1.4 were obtained for most diodes fabricated with these films. Similar results 

were obtained from devices fabricated on the same material using annular 

designs. Lower values were typically observed in devices fabricated on antimony-

doped material, with rectification ratios and barrier heights of 4 orders of 

magnitude and 0.75 V, respectively.  

The wide variety of SnO2 films and diode designs adopted in these preliminary 

studies allowed to assess the relevance of different parameters in the 

performance of the device. This variety, however, prevents some of these devices 

from being included in the statistical analysis of the parameters extracted from 

the I-V data of the fabricated diodes. The systematic study of a narrow subset of 

fabrication conditions, currently undergoing, will reduce the dispersion of the data 

and allow to obtain trends for optimising the performance of the devices.  
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Figure 6.19 – Characteristic parameters obtained from the I-V curves of the SnO2-

based diodes fabricated on 10 nm thin intrinsic SnO2 films grown in this work. Typical 

rectification ratios of 5.3 orders of magnitude, barrier heights of 0.92V and ideality 

factors of 1.41 can be identified from the data shown in (a), (b) and (c), respectively.  

 

Figure 6.19 presents the characteristics of typical diode fabricated in this work, 

together with the best values obtained. These values are being used as a 

baseline in the studies focused on improving the performance of the devices. 

 

 

 

 

 

(a) (b) 

(c) 
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Table V – Characteristics of typical diodes fabricated in this work, together with the best 

values obtained. 

 

 

 

*corresponding to an anular design on sub 10nm thick intrinsic SnO2 

 

The preliminary results presented here demonstrate the possibility of building 

transparent electronics based on SnO2 thin films, hence validating the frequent 

claims on the potential of tin oxide for optoelectronic applications. Current studies 

aimed at enhancing the performance of these devices, developing additional 

components and exploiting the photoconductivity of the material will contribute to 

the understanding of the properties of SnO2, and open the door to new and 

exciting technological applications.  

  

 Typical diode Best diode* 

Rectification ratio (orders of magnitude) 5.3 6.11 

Ideality factor 1.41 1.31 

Barrier height [V] 0.92 0.92 
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Chapter 7         

          

 Conclusions and future perspectives 
 

7.1. Overview 
 

The analysis of the mechanisms involved in the MBE growth of SnO2 films 

allowed developing and optimising growth protocols that rendered pristine 

material of outstanding crystalline quality, in a highly reproducible manner. The 

study of the structural, optical and electrical properties of these films provided 

insight into the correlation between the growth parameters and the film 

characteristics, which in turn proved to be invaluable for controlling the electrical 

properties of the material.  

The study of the mechanisms responsible for the coexistence of high electrical 

conductivity and transparency in SnO2 was only possible thanks to the control 

gained over the electrical properties of the films. This allowed probing the limits 

of the material and exploring the mechanisms that conditions its transparency. 

Initial studies on the persistent photoconductivity (PPC) observed in SnO2 films 

allowed exploring new regimes and suggesting alternative explanations for the 

origin and evolution of the PPC in tin oxide. 

Finally, the successful fabrication of SnO2-based diodes demonstrated the 

feasibility of developing transparent electronics and validated the frequent claims 

regarding the potential of the material for optoelectronic applications. When 

combined with the studies on PPC, these results open the door to new exciting 

technological applications. 
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7.2. Structural studies 
 

In order to turn SnO2 into a promising material for optoelectronic applications, it 

is essential to gain a high control over its electrical properties and its structural 

characteristics. Given the scarce number of studies addressing the growth of 

SnO2 by molecular beam epitaxy (MBE), little has been reported on the 

mechanisms involved in obtaining these films and on the effect that the growth 

conditions have on their electrical, optical and structural properties. The 

development of the growth techniques for obtaining SnO2 films by MBE was 

therefore one of the main goals of this work. 

MBE proved to be an extraordinary technique that allowed obtaining high purity, 

single crystalline SnO2 thin films with a precise control over the growth process, 

as evidenced by the atomically abrupt interfaces routinely obtained during this 

work. Many different techniques, including RHEED, AFM, SEM and XRD were 

employed for assessing the films’ growth modes, their surface morphology and 

the crystalline phases present. These studies identified the mechanisms and 

modes involved in the growth of tin oxide, their effect on the properties of the films 

and their dependence on the growth conditions. As a result, a protocol for 

obtaining the best possible material in terms of crystalline, optical and electrical 

properties was ultimately attained. 

The balance between the arrival rate of the atoms and their diffusion once 

adsorbed onto the surface of the substrate was proven to be the key aspect that 

determined the growth mode. As a consequence, the surface roughness and the 

crystallinity of the film was shown to be mainly governed by the interplay of the 

substrate and cell temperatures. It was also shown that for high enough substrate 

temperatures, the predominant role played by this interplay is hindered by the 

emergence of other phenomena, such as re-evaporation. 

RHEED diffraction patterns obtained for all films exhibited lattice matching 

between 90% and 100%, demonstrating that successful epitaxial growth could be 

achieved regardless of the film thickness.  
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Moreover, the optimised protocols allowed obtaining extremely smooth surfaces 

of extraordinary crystallinity, evidenced by the presence of wide, atomically 

abrupt terraces in the AFM miscroscopies and by extremely streaky RHEED 

patterns, respectively. This level of surface crystallinity, which to our knowledge 

is unprecedented in stannic oxide films, could be systematically reproduced 

during this work for films ranging from 20 nm to 300 nm in thickness. 

The remarkable crystallinity of the films obtained was also evidenced in the XRD 

studies by the presence of Laue fringes on both sides of the <101> SnO2 

diffraction peaks. The analysis of these features, together with the Kiessig fringes 

obtained in XRR studies, showed that it takes 5 atomic layers for the film to start 

growing as a single crystal, in agreement with the results obtained from the in-

situ RHEED analysis. 

Crystalline quality and surface morphology of the SnO2 films were proven to be 

extremely sensitive to the growth conditions. It was shown that the difference 

between growing an exceptional, highly ordered, single-crystalline SnO2 film and 

a randomly oriented polycrystalline film lies within less than 5% of the optimised 

conditions. In this sense, SnO2 and Sb:SnO2 films of extraordinary crystalline 

quality, with transparencies higher than 93% in the visible to mid-IR portion of the 

spectrum were routinely grown on r-plane sapphire at optimum substrate 

temperature of 800 °C, Sn cell temperature of 1075 °C, oxygen pressure of 3 x 

10-5 Torr and plasma power of 200 W. 

The precise control of the growth conditions and the finely tuned growth protocols 

allowed obtaining single crystalline SnO2 thin films in the <101> orientation, with 

inter-planar spacing of (2.62 +/- 0.01) Å and thickness ranging from 20nm to 

600nm, without significant deterioration of the crystalline quality. 

Additional studies are currently being planned for developing protocols and 

growth strategies to further exploit the capabilities of the UHV chamber at UC. 

Among these studies, the combination of molecular beam epitaxy growth with 

pulsed laser deposition will allow not only to create exciting multi-layered 

structures, but will also provide a way of doping the films with materials that would 

be otherwise impossible to evaporate. 
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7.3. Optical and electrical studies 
 

The coexistence of relatively high electrical conductivity with high optical 

transparency that characterises SnO2 has made it one of the de facto materials 

for transparent electrodes. However, to outgrow this application and unlock the 

potential of tin oxide in more sophisticated technologies, a precise control over 

its electrical and optical properties is required, together with a good 

understanding of the mechanisms limiting its performance. 

The protocols for growing SnO2 films optimised in this work produced wide band 

gap and highly transparent films with thickness ranging from 3 nm to 600 nm and 

beyond.  Transmission higher than 93% in the visible to mid-IR region of the 

spectrum was observed for all the films grown, and band gaps in the 3.56 eV to 

4.14 eV range were obtained. 

While favourable from an optical point of view, the high crystalline quality of the 

films grown and the lack of defects associated with it was detrimental to the 

electrical properties of the material. This was suggested by the insulating nature 

of all the intrinsic SnO2 films obtained in this work. Furthermore, the decreasing 

conductivity observed with increasing film thickness, suggested that most of the 

carriers originate in the defects at the interface. 

Photoluminescence (PL) studies exhibited two weak and broad features centred 

at 2.4 eV and 3.1 eV, which were ascribed to oxygen vacancies and structural 

defects in the lattice. The lack of additional features suggested the absence of 

distinct defect levels within the gap, consistent with the high crystallinity and low 

conductivity observed. However, the above band gap increase in the 

transmission observed in samples presenting increasing amounts of defects 

might be attributed to room temperature photoluminescence. Since 

photoluminescence studies on SnO2 are scarce compared to other TCOs, a 

complete understanding of the mechanisms involved are still to be attained. 

Further PL studies exploring the near the band gap region of the spectrum are 

part of the future work, to explore the emitting potential of SnO2 films. 
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Despite their outstanding crystalline quality and their high transparency, the 

insulating nature of the SnO2 films obtained presents an important limitation for 

their application in electronic devices. The antimony doping studies discussed in 

this work overcame this limitation, while gaining exceptional control over the 

electrical properties of the material. 

A decrease of more than five orders of magnitude in the resistivity was obtained 

in Sb-doped SnO2 films with respect to the intrinsic counterpart using the 

protocols developed in this work. As a result, tin oxide films with resistivities 

ranging from 1 mΩ.cm up to and beyond 1kΩ.cm, carrier concentrations between 

1016 cm-3 and 1021 cm-3 and carrier mobilities as high as 29 cm2 / V.s could be 

controllably and reproducibly obtained in this work. 

The actual antimony content on the grown films is still to be determined and its 

assessment will be part of future investigations. Nevertheless, the strong 

correlation observed between the electrical properties and the Sb beam fraction 

infers a successful incorporation of the dopants in the lattice. Furthermore, the 

turning points exhibited by the carrier concentration, the electrical conductivity 

and the optical band gap at high Sb beam fractions suggest the presence of two 

Sn4+ substitution mechanisms.  These mechanisms have been associated to the 

prevalence of Sb5+ and Sb3+ at low and high fluxes, respectively.  

Future HRXRD and XPS studies will shed light on the processes responsible for 

this transition and will provide a better understanding of this relatively unexplored 

aspect of SnO2 doping. 

Ion implantation techniques were used to explore n and p doping alternatives that 

can further contribute to enhance the electrical and possibly the emitting 

characteristics of SnO2. Sb, Al, and N2 were implanted on SnO2 films using single 

and co-implantation techniques in concentrations ranging from 5 x 10-3 % to 10%. 

No improvement in the electrical properties was observed after implantation, 

possibly due to the damage produced to the lattice. However, the electrical 

properties of these samples are expected to improve after different annealing 

processes, and their study will be part of the future work. 
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Complementary UV-visible and FTIR transmission spectroscopy techniques 

explored the optical characteristics of the films over a wide portion of the 

spectrum, ranging from 175 nm to 14000 nm and beyond. These techniques were 

successfully used to demonstrate that the electrical properties can be significantly 

enhanced by Sb doping, without diminishing the transparency window of the 

material. The precise control of the growth conditions, together with the optmised 

growth protocols, allowed transparent Sb-doped SnO2 films with carrier 

concentrations in the 106 cm-3 to 1018 cm-3 range, and plasma edge beyond 14 

μm to be obtained. This range of carrier concentration, ideal for electronic 

applications, combined with the more than 95% transparency obtained in the 

visible to the mid infrared portion of the spectrum, rendered a material with 

extraordinary potential for transparent electronics. 

The limits for the coexistence of optical transparency and electrical conductivity 

could be explored for single crystalline SnO2 films. More than a ten-fold reduction 

in the transparency window was observed for films doped beyond 10-1% Sb flux 

(carrier concentrations in the order of 1020 cm-3). The overall reduction of the 

transparency window resulted from the combination of two different mechanisms 

acting on the UV and the IR edge, respectively. The Burstein-Moss shift was 

shown to be responsible for the broadening of the transparency window in the 

UV portion of the spectrum.  

This broadening was, however, overcome by the more than an order of 

magnitude blue-shift of the plasma frequency, which significantly reduced the 

transparency window in the IR portion of the spectrum for the highly doped 

Sb:SnO2 films.  

XPS studies currently taking place will contribute to the understanding of these 

mechanisms and will be particularly useful for unveiling the origin of the Sb5+ to 

Sb3+ transition that seems to limit the electrical conductivity in Sb-doped SnO2 

films. 
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7.4. Photoconductivity studies 
 

In the course of this work, several studies were conducted to explore the 

persistent photoconductivity (PPC) observed in SnO2. Below band gap 

illumination was sufficient to induce a photoresponse in all the intrinsic and Sb-

doped SnO2 films studied, suggesting that mid gap states are involved in the 

process. Recovery times several orders of magnitude larger than the 

corresponding rising times were obtained for all samples. A strong dependence 

of the recovery time on the ambient conditions suggests the predominant role 

played by the surface-adsorbed species. The recovery characteristics were 

successfully modelled with the Kohlrausch stretched-exponential function and the 

results obtained were consistent with the adsorption/desorption model proposed 

for explaining the PPC in SnO2 films.  

Experiments conducted in vacuum, different gases and high humidity conditions, 

suggest that humidity rather than oxygen plays the main role in the decay of the 

persistent photocurrent observed in SnO2. These results challenge the 

predominant role usually assigned to molecular oxygen in PPC studies, and they 

provide a suitable explanation for the so far unexplained reduction in the PPC 

observed for non-reactive gases. Complementary XPS studies are in agreement 

with the photoconductivity experiments conducted in high humidity conditions, 

and they suggest that OH- adsorption might be responsible for the PPC observed 

in SnO2.  

While the nature of the adsorbed species is not crucial for the model describing 

the PPC in SnO2, further studies will be conducted to fully elucidate the role 

played by water vapor, OH- groups and oxygen adsorption. 

To our knowledge, the dependence of the PPC on the carrier concentration was 

studied for the first time in this work. The results obtained here were explained in 

the context of the surface adsorption model, encompassing the depletion of 

electrons at the surface and the consequent band bending, the charge separation 

within the material and the built-in electric fields. Additional studies with above 

band gap illumination will be undertaken in the future, to unveil the details of the 

trends observed. 
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The temperature dependency studies conducted in this work explored the 

mechanisms governing the PPC in SnO2 and evidenced previously undescribed 

regimes. The consistent increase of the recovery time with increasing 

temperature was explained in terms of two different mechanisms, involving the 

temperature enhanced mobility of the desorbed species and the increased 

surface potential barrier, respectively. The latter scenario is in agreement with the 

studies of the dependence of the PPC on the carrier concentration at room 

temperature, and provides a comprehensive explanation for the PPC in terms of 

a single process. 

The studies presented here, along with further investigations being conducted on 

the subject shed light on the mechanisms governing the PPC in SnO2 and can 

contribute to the understanding of the phenomenon in other metal oxides. 

 

7.5. Electronic devices 
 

The proof of concept studies presented here not only suggests the potential of tin 

oxide for these relatively unexplored technological applications, but also 

demonstrates the successful realization of SnO2 based electronics. Furthermore, 

these studies allowed gaining experience with the capabilities of the material, the 

limitations of the fabrication techniques and the performance of the devices, while 

establishing a baseline for future studies focused on developing better 

electronics. 

Rectification ratios of over five orders of magnitude, barrier heights of 

approximately 0.92 V and ideality factors close to 1.4 were obtained for most 

diodes fabricated in this work. Forward currents up to 1μA and reverse currents 

as low as 200 fA were obtained on diodes fabricated on intrinsic SnO2 upon 

biasing with +/-2V. Higher forward currents were achieved on Sb-doped material, 

with values as high as 1mA at 2V. 

 



216 
 

Future studies aimed at enhancing the performance of these devices, developing 

additional components and exploiting the photoconductivity of the material, will 

contribute to the understanding of the properties of tin oxide, and promise to open 

the door to new and exciting technological applications. 

 

7.6. Final remarks 
 

This thesis is about exploration. It is about developing difficult to obtain materials 

that exhibit a rare combination of properties. In the process of developing the 

techniques and methods for growing these materials, a number of questions got 

answered and a better understanding of the mechanisms governing some of the 

properties explored was attained. Most importantly, the studies conducted 

throughout this work prompted new questions and opened new doors, some of 

which will surely lead to technological applications while others will produce lines 

of research on their own. 

The overall balance seems unequal. For each answer obtained in this work, 

several questions arose, frequently on aspects whose existence was previously 

unknown. But I feel this is what science is all about. It is not about getting the final 

answer that ties everything together and put an end to the search, but rather 

about finding new questions that invite you to connect previously unrelated ones.  

It is about learning with each answer, just how ignorant you really are. It is about 

being marvelled about your ignorance and bringing you down from the pedestal 

on each new discovery. It is about that exhilarating feeling you get when you go 

from not understanding to finally understanding. 

 

It is all about the ecstasy that comes with comprehension and the 

happiness that arises from discovery. 
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Appendix I         

         

 Coexistence of optical transparency

 and electrical conductivity in TCOs 
 

I.I.   Transparency limit in TCOs 
 

The limitations in obtaining transparent and yet highly conductive materials can 

be understood in the context of Drude’s free electron gas model,35-37 as a 

consequence of the blue shift of the plasma edge with increasing electrical 

conductivity. 

In the free electron gas model, an incident electric field 𝐸(𝑥,𝑡) of amplitude 𝐸0, 

oscillating at a frequency 𝜔, with a wavevector 𝑘, given by: 

 𝐸(𝑥,𝑡) = 𝐸0 𝑒𝑖(𝑘𝑥−𝜔𝑡) I.I 

interacts with the electrons in the material and produces a change in their 

momentum and velocity that can be expressed as: 

 ℏ𝛿𝑘 = 𝐹𝜏 = −𝑒𝐸𝜏 I.II 

and  

 𝛿𝑣 = 𝐹𝜏 𝑚⁄ = −𝑒𝐸𝜏 ⁄ 𝑚 I.III 

where ℏ is Planck’s constant, 𝑘 is the wave vector, 𝐹 the force exerted on the 

electrons by the electric field 𝐸 associated with the propagating electromagnetic 

wave, and  𝜏 the time between collisions that disrupt an electron of charge e and 

mass m moving with velocity 𝑣. 
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The combination of equation I.II and I.III renders the equation of motion of the 

electrons due to the electric field in the material: 

 𝑚 (
𝑑2

𝑑𝑡2
+

1

𝜏

𝑑

𝑑𝑡
) 𝛿𝑟 = −𝑒𝐸 I.IV  

Considering a harmonic electric field at frequency 𝜔 and the polarization given 

by 𝑃 = −𝑛𝑒𝛿𝑟, where 𝑛 is the number of charge carriers, each of them being 

displaced 𝛿𝑟 due to the presence of the incident field, equation I.IV becomes: 

 𝑚(−𝜔2 − 𝑖 𝜔 𝜏)⁄ 𝛿𝑟 = −𝑒𝐸 I.V 

 −
𝑛𝑒2/𝑚

𝜔2 + 𝑖𝜔/𝜏
𝐸 = 𝑃 I.VI 

Finally, the relative permittivity given by 휀 ≝ 1 + 4𝜋𝑃 𝐸⁄  results for  𝜏 → ∞ 

 휀𝑟 = 1 −
𝜔p

2

𝜔2
 I.VII 

with 

 𝜔p = √
𝑛𝑒2

휀0휀∞𝑚∗
 I.VIII 

where 𝜔 is the incident wave frequency, 𝜔p the plasma frequency,  𝑚∗ the 

effective mass of the electron and 휀∞ , 휀0 the high frequency and free space 

permittivity, respectively.  

The first thing to note from equation I.VII is that for long wavelengths (<p), the 

permittivity becomes negative. Since the dispersion relation for an 

electromagnetic wave is given by 

 𝜔휀(𝜔) = 𝑐2𝑘2 I.IX 

a negative permittivity implies that the wave vector 𝑘 becomes imaginary and 

consequently the amplitude of the wave decays exponentially (equation I.I). 

Under this condition, light cannot propagate inside the material and is therefore 

reflected. This is consistent with the results shown in Figure I.I where a drop in 

the transmission is observed for long wavelengths. 
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On the other hand, equation I.VIII shows that as the carrier concentration (and 

conductivity) increases, so does the plasma frequency. This means that for more 

conducting films only shorter wavelengths will be able to propagate through the 

material (휀𝑟 > 0), thus narrowing the transparency window on the IR side as 

evidenced by the red curve in Figure I.I. 

 

 

Figure I.I – Transmission spectra of SnO2 thin films grown in this work, where the 

decrease in the transparency resulting from the increase in conductivity can be 

observed.  

 

I.II. Dependence on charge carriers 
 

Further understanding of the relationship between transparency and conductivity 

can be attained from studying the dielectric constant of the TCO. By considering 

the first order series in 𝜏 of equations I.V and I.VI, the first order approximation of 

the refractive constant renders: 

 𝜺 = 휀Re + 𝑖휀Im = (1 −
𝜔p

2

𝜔2
) + 𝑖 (

휀∞𝜔p
2

𝜔3𝜏
) I.X 
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Given 𝜺 = 𝒏2 = (𝑛 + 𝑖𝑘)2, the real and imaginary part of the complex refractive 

index 𝒏 result, respectively: 

 𝑛 = √
1

2
(휀Re

2 + 휀Im
2)1/2 +

휀Re

2
 I.XI 

 𝑘 = √
1

2
(휀Re

2 + 휀Im
2)1/2 −

휀Re

2
 I.XII 

with 𝑘 usually referred as the extinction coefficient. 

Typical optical parameters such as transmittance, reflectance and absorbance 

can now be correlated to the electrical properties of the material. The 

transmittance of the film, defined as the ratio of the transmitted to incident 

intensity is given by the Beer – Lambert law:36,37 

 𝑇 =
𝐼t

𝐼0
= (

𝐸t

𝐸0
)

2

= 𝑒−
2(𝜔𝑘)

𝑐
𝑧 = 𝑒𝑧 I.XIII 

where 𝛼 =
4𝜋𝑘

𝜆
 is the absorption coefficient. 

The reflectance of the film can be obtained from the Fresnel equations, which for 

normal incidence give:37 

 𝑅 =
(𝑛 − 1)2 + 𝑘2

(𝑛 + 1)2 + 𝑘2
 I.XIV 

and the absorbance is given by:  

 𝐴 = − log(𝑇) =
1

Ln(10)
αz I.XV 

Finally, the sample conductivity and carrier mobility can be defined, respectively 

as: 

 𝜎 = 𝑛𝑒𝜇 I.XVI 

  =
𝑒

𝑚∗
 I.XVII 
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At this stage, a model that describes the optical properties of the material in terms 

of its electronic characteristics has been obtained.  

The spectral dependence of the complex refractive index is given by equations 

I.X to I.XII in terms of any two electrical properties (𝑛,  or 𝜎) by virtue of equations 

I.VIII, I.XVI and I.XVII. Since the transmittance, reflectance and absorbance 

spectra are determined by the complex refractive index, their dependence on the 

electrical parameters can also be obtained through equations I.XIII to I.XV. 

The optical response of the material can now be modelled once the electrical 

characteristics are known. Equation I.XVI shows that the electrical conductivity is 

proportional to the concentration of carriers and to their mobility. The choice of 𝑛 

and  as free parameters in the model is therefore not only justified, but it also 

allows for the macroscopic electrical conductivity 𝜎 to be determined by the 

selection of the microscopic parameters 𝑛 and .  

 

I.III. Modelling optical properties of TCOs 
 

To further understand how the conductivity of the TCO affects its optical 

properties, the model outlined here was implemented in a simulated TCO. The 

carrier concentration and mobility were independently used as free parameters 

for increasing the electrical conductivity, while the reflectance and absorbance of 

the resulting material were modelled accordingly. 

Figure I.II.a presents the reflectance spectra modelled for a 500 nm thick film with 

carrier mobility  of 100 cm2 V/s and effective mass of 0.3 me. It can be seen that 

as the carrier concentration increases (and so does the conductivity of the film) 

the plasma edge shifts to lower wavelengths, as expected from equation I.VIII.  

Starting in the infrared region at 1600 nm for carrier concentration of 5x1020 cm-3  

the IR transparency limit shifts to the visible at 500 nm for a concentration of 

5x1021 cm-3. 
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Figure I.II – Reflectance (a) and absorbance (b) spectra of a 500 nm conductive film 

with mobility µ = 100 V cm2/s and carrier effective mass m* = 0.3 me modelled using 

the free electron gas approximation. Four films with increasing conductivity were 

modelled by using the carrier concentration as a free parameter. The shift in the 

plasma edge towards shorter wavelength with increasing carrier concentration is 

shown both in the reflectance and the absorbance spectra. The consequent narrowing 

of the transparency window can be clearly noticed in the former. 

 

For wavelengths shorter than the plasma edge the model shows a reflectance 

lower than 10%, indicating the highly transparent character of the film in the UV-

visible region.  

(a) 

(b) 
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Conversely, a reflectance larger than 90% observed beyond the plasma edge 

clearly limits the transparency window in the visible-IR region of the spectrum.  

The blue shift of the plasma edge is also evidenced in the absorption spectra 

presented in Figure I.II.b, confirming that the cut-off frequency beyond which the 

film becomes transparent increases with the carrier concentration, thus narrowing 

the transparency window on the IR side of the spectrum.  

On the contrary, for the lowest carrier concentration films modelled in Figure I.II.a 

and b the absence of an absorption peak and a reflectance edge within the 

considered spectral region evidences the widening of the transparency window 

up to the mid-infrared portion of the spectrum. 

Surprisingly, quite a different effect is observed in the optical properties of the 

TCO film when its conductivity is increased by considering the carrier mobility as 

a free parameter, instead of the previously described carrier concentration 

scenario. 

Unlike the carrier concentration case, increasing the electrical conductivity by 

means of increasing the carrier mobility has little effect on the plasma frequency, 

as can be observed from the spectra presented in Figure I.III.a and b. The spectra 

modelled correspond to one of the films considered in the previous situation, with 

a thickness of 500 nm, a carrier concentration of 1x1021 cm-3 and using the 

mobility as a free parameter for tuning the electrical conductivity.    

The absorbance spectra of Figure I.III.b evidences a change smaller than 10% in 

the absorption peak position, shifting towards the IR from 1030 nm to 1040 nm 

when the mobility is increased one order of magnitude, going from 10 V.cm2.s-1 

to 100 V.cm2.s-1. In contrast, the peak shifted by almost 70% when the carrier 

concentration was increased by an order of magnitude going from 1600 nm with 

nc = 5x1020 cm-3 to 500 nm with nc = 5x1021 cm-3 (Figure I.II). The model also 

shows that enhancing the conductivity of the film by increasing the carrier mobility 

reduces the absorption peak, as evidenced in Figure I.III.b. 
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Figure I.III - Reflectance (a) and absorbance (b) spectra of a 500 nm conductive film 

with carrier concentration nc = 1x1021 cm-3 and carrier effective mass m* = 0.3 me, 

modelled using the free electron gas approximation. Four films with increasing 

conductivity were modelled by using the carrier mobility as a free parameter. The little 

change observed in the position of the plasma edge and the reduction of the absorption 

peak height point towards the benefits of pursuing the increase in conductivity by 

increasing the carrier mobility, rather than its concentration. 

 

 

 

(a) 

(b) 
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Finally, even though the film becomes more reflective at long wavelengths as the 

carrier mobility increases, the transparency window is barely affected given the 

relatively unchanged position of the plasma edge with variations in the carrier 

mobility. These results point out that whenever high electrical conductivity is 

sought, working towards increasing the carrier mobility rather than its 

concentration is preferred. While the former approach shows little effect on the 

transparency window, the latter seriously compromises it in the visible to IR 

portion of the spectrum. 

Even though increasing carrier concentration and carrier mobility independently 

is not always practicable, there are some strategies that directly affect the mobility 

of the carriers. By considering equation I.XVII, it is clear that the mobility can be 

increased either by acting on the carriers’ effective mass m* or by changing the 

relaxation time .  

Since the effective mass is an intrinsic property that depends on the material and 

its band structure, little can be done in this regard given that seeking for a smaller 

effective mass would essentially mean looking for a new material.  Increasing the 

relaxation time, on the other hand, can be achieved by creating samples of better 

crystalline quality, highly oriented and with fewer defects. These conditions will 

produce fewer scattering events, thus increasing the time between collisions. In 

this sense, molecular beam epitaxy is the ideal technique for exploring the limits 

of the material, given the unmatched quality of the samples obtained and the 

precise control over their structure. 
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Appendix II        

           

 Origin of PL features in SnO2 
 

 

The study of PL properties in nanowires has recently drawn the attention of 

groups searching for ways for overcoming the dipole forbidden limitation. PL 

bands reported vary between specimens, probably due to the reproducibility 

limitations of the growth methods, recently published works have already made 

important contributions to understanding mechanisms responsible for the UV 

emission in stannic oxide. 67,125,126,217,236-239 

The extensive research done by Meyyappan’s group67,125,126,217,236-239 on the 

electrical and optical properties of stannic oxide nanowires, along with the 

seminal works by Zhou et al.129 and Chen et al.121 have shed light on the origin 

of the UV photoluminescence spectra of stannic oxide. These works have 

contributed in developing a clearer picture of the processes involved in the near 

band emission of tin oxide nanowires, something that was almost inexistent less 

than a decade ago. In this picture the oxygen vacancies play a role of utmost 

importance, being responsible for the presence of shallow donors close to the 

conduction band, as well as for defect states that act as radiative centres in the 

middle of the band gap.  

In SnO2, oxygen vacancies (i.e. missing oxygen atoms) can be originated in three 

different kind of oxygen atoms. The bridging oxygen atoms, mentioned in section 

2.2, are located in the outermost layer of the crystal in between two Sn atoms, as 

shown in Figure 2.4. The in-plane oxygen atoms are located immediately beneath 

the first Sn plane, and the sub-bridging oxygen atoms are aligned in the following 

plane.  
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Depending on which of these atoms originates the vacancy, different states within 

the gap are formed. In consequence, the role played by the vacancy in the 

emission process and its effect on the overall emission characteristics of tin oxide 

is conditioned to the oxygen atom that originates the vacancy. 

Since oxygen vacancies possess high electron affinity, electrons in the 

conduction band can be easily trapped by these. It is generally thought that 

vacancies that have trapped two electrons from the conduction band promote the 

formation of shallow, neutrally charged states (Vo
0) located inside the band gap, 

close to the conduction band minimum.  

Recent calculations67,134 suggest that the vacancies originated by the removal of 

the bridging oxygen atoms (also discussed in section 2.2) produce a dispersed 

band inside the gap, which is responsible for the formation of these shallow states 

/ electron traps situated up to 500meV below the conduction band. 

Some oxygen vacancies can, however, either trap only one electron or none, thus 

leaving single and double ionized vacancies that lead to the formation of mid gap 

states Vo
+ and Vo

+2, respectively. These deep-level defect states can be 

originated by vacancies created either in the bridging or the sub-bridging oxygen 

plane and are thought to be responsible for the formation of radiative centres 

within the band gap. The single ionized state can act as an acceptor, by trapping 

an extra electron originated in a transition from a higher energy state or as a 

donor, when an electron from Vo
+ transitions to a lower energy state. The double 

ionized state, on the other hand, can only act as an acceptor, given its depth 

inside the gap. However, being a deeper level defect, the eventual radiative 

transitions in which Vo
+2 is involved do not contribute to the emission in the UV 

portion of the spectrum. 

Vacancies created by missing in-plane oxygen atoms on the other hand, are 

thought to originate a single defect level just above the valence band.134,135 First 

principle differential functional theory (DFT) calculations by Trani et al. predicted 

this level to be 1eV above the valence band maxima (VBM). This is consistent 

with the experimental results reported in photoluminescence and SXR studies135.  
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This level acts as an acceptor and mediates many of the radiative processes 

originated in electronic transitions either from the conduction band or from one of 

the mentioned donor states. 

One last level induced within the band gap is originated in interstitial tin defects. 

In addition to the role played in increasing the electrical conductivity of SnO2 

(described in section 2.3), the presence of these defects contributes to the 

formation of a deep level in the band gap. While usually related to an orange 

emission band in the PL spectra, the energy associated to this level and its role 

in UV emission is still not clear. 

These defect levels created within the band gap are better observed in Figure II.I, 

where the possible transitions have been depicted. It is clear from Figure II.I that 

while SnO2 presents a dipole forbidden band gap, the presence of the defect-

induced energy levels inside the gap make light emission possible in a spectral 

range covering from the visible down to UV. 

 

 

 

Figure II.I – Energy level diagram of SnO2, presenting the gap defect levels involved 

in the visible and UV emission mechanisms. 
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Most of the transitions depicted in Figure II.I can be correlated with peaks 

observed in the limited number of near band gap photoluminescence studies 

available on SnO2 thin films or nanowires. Even though the energies involved in 

the transitions vary slightly between studies, the number and characteristics of 

the emission bands are consistent throughout the different kind of structures 

studied.60,70,121,122,125,126 

Moreover, the defect levels estimated from photoluminescence studies are in 

agreement with the ab initio calculations of SnO2 band structure upon inducing 

the different types of vacancies described in the present section.134,135 This 

supports the picture presented here for the UV - visible emission mechanism in 

SnO2, and for the role played by the different sources of vacancies and defects. 

Figure II.II.a shows a typical photoluminescence spectrum of SnO2 nanowires 

where visible and UV emission bands corresponding to the transitions depicted 

in Figure II.I can be observed.  

Upon excitation with above band gap photons, electrons are promoted to the 

conduction band, populating the valence band with holes. Given the high electron 

affinity of the oxygen vacancies, some electrons from the conduction band are 

trapped by these vacancies, populating Vo levels in non-radiative processes. 

Other electrons undergo radiative recombination with holes in the acceptor and 

Sni levels close to valence band, thus being responsible for the UV (eA0 transition 

~3.36 eV) and blue (eSni
0 transition ~2.93 eV) emission bands observed in the 

PL spectra.  

The Vo
0 states, now filled with electrons trapped from the conduction band, act 

as donors of electrons that can transition to lower energy levels in radiative 

process, originating additional UV – blue bands corresponding to D0X, DAP and 

DSni transitions. These transitions, associated with photon energies of 3.33 eV, 

3.28 eV and 2.86 eV respectively, are also present in the PL spectrum shown in 

Figure II.II.b.   
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It is worth noting that the presence of the donor states close to the conduction 

band minimum and the acceptor levels close to the valence band maximum are 

of utmost importance in the UV emission of stannic oxide. Indeed, by mediating 

the recombination process, they make near band gap UV emission possible 

despite the dipole forbidden character of SnO2 band gap. 

Finally, electrons transitioning to Vo
+ levels and from the latter to acceptor and 

valence band levels are responsible for most of the emission in the visible portion 

of the spectrum, as observed in Figure II.I and Figure II.II.a. The spectrum in 

Figure II.II evidences the presence of a ~3 eV transition, related to the radiative 

recombination of electrons from the conduction band with holes in the defect level 

produced by interstitial tin, as depicted in Figure II.I. Furthermore, a ~2.4 eV 

process involving electrons in the mid gap oxygen vacancy state Vo
+ and holes 

in the valence band can also be observed. These two processes correspond to 

the broad visible emission bands discussed earlier in this section and observed 

in Figure 2.9.  

As previously stated, these features are common to most of the PL studies on 

SnO2 and their relation to tin interstitial and oxygen vacancies has been 

corroborated by numerical and experimental studies.67,134,135 

Although rarely observed in PL reports, the remaining low energy transitions 

depicted in Figure II.II.a can be correlated with the features observed near 1.4 eV 

in the spectrum of Figure II.I.     
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Figure II.II – Low temperature photoluminescence spectra of SnO2 nanowires where 

broad emission bands are observed in the visible (a) while less intense but sharper 

peaks are observed in the UV portion of the spectrum (b) (after ref 70). The emission 

bands observed here can be matched with the transitions depicted in Figure II.I.  

 

In this section an overview of the photoluminescence characteristics of SnO2 films 

and nanowires has been presented. The general features present in most reports 

have been described and explained in terms of radiative electron-hole 

recombination, mediated by defect levels within the band gap.  

A more thorough analysis of the possible radiative recombinations, based on 

numerical calculations and experimental studies, allowed to extend the 

mechanism proposed to the scarcely found UV emission, particularly in SnO2 

nanowires. 
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Appendix III         

         

 Methods for growing SnO2  
 

III.I. Overview 

 

The wide variety of applications where metal oxides have thriven over the past 

few decades has driven the development of many different techniques for 

growing these materials, in their bulk form, as thin films and in countless different 

nanostructures. While most of these structures require tailored methods and 

highly controlled conditions, a wide variety of techniques can be used for growing 

thin films, depending on the properties, applications and throughput required.  

The purpose of this section is to present a brief summary of the techniques 

commonly used for growing tin oxide films, and some of the characteristics of the 

materials obtained. While not intended as a thorough study of the available 

techniques, it will provide an overview on some common variables to be 

considered when growing metal oxides.  

 

III.II. Evaporation 
 

Vapour deposition involves the transfer of material from the vapour of a source, 

generally a metal or a solution, onto a substrate. Depending on the means by 

which the vapour is created, and on the mechanism involved in the production of 

the final material on the substrate, deposition methods are classified as physical 

or chemical vapour deposition.  
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Generally speaking, if a chemical reaction is involved either in the creation of the 

vapour or in the production of the material being deposited, the process is 

classified as chemical vapour deposition (CVD). Physical vapour deposition 

(PVD) on the other hand, requires no chemical reaction for the production of the 

vapour.182,183 While some PVD methods do include reactive gases, only a few 

processes (such as oxidation and nitrogenation) can usually occur, and no liquid 

solvents or reactive solutions are present.  

Thermal evaporation is probably the most widely used PVD method, with many 

variants that allow tailoring the process for specific purposes, such as obtaining 

high quality films, increasing deposition rates, growing textured films or even 

depositing nanoparticles. The process usually takes place under high vacuum or 

ultra-high vacuum conditions and it involves heating the source material to a 

temperature at which its vapour pressure is higher than the base pressure of the 

chamber. When the vapour pressure is sufficiently high, atoms from the surface 

of the source evaporate and eventually reach the substrate. The substrate onto 

which the film is to be deposited is held at a temperature lower than that of the 

source, so when the evaporated material reaches the surface of the substrate it 

condenses, producing film growth. 

Materials such as Zn present relatively low vapour pressures, which enable its 

sublimation at temperatures below its melting point. Solid sources in the form of 

rods or wires can therefore be used in these cases and extra heating elements 

are avoided if the material presents sufficient electrical conductivity and 

mechanical strength. On the contrary, solid sources cannot be used for 

evaporation of metals such as tin, since sufficiently high pressures cannot be 

obtained below its melting point. Crucibles are therefore used for melting the 

source material, before reaching evaporation conditions upon further heating.  

Different growth conditions and film characteristics are obtained depending on 

the evaporation method used to deposit the film, with resistive heating of the 

material probably being the simplest method to produce evaporation. This 

process involves flowing current through a thin filament which gets heated by 

Joule effect.  
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In metals presenting low vapour pressure, a filament of the source material can 

be used, therefore avoiding the need of additional components, with the filament 

acting both as heating element and as source material. In low melting point 

materials, tungsten filaments are frequently implemented to produce the 

necessary Joule dissipation to heat a crucible, where the source material is held. 

Despite its simple and cost effective nature, the use of resistive heating is limited 

to materials with relatively low melting points or high vapour pressures. 

Electron beam evaporation (EBE), on the other hand, is one of the methods 

frequently used for evaporating high melting point materials, especially for those 

in which sublimation cannot be achieved. While there are currently no reports in 

the literature on the use of electron beam evaporation for growing SnO2 films, the 

technique was intensively used in the course of this work. The relevance of this 

technique in the current work is mainly related to the deposition of Ti and Au 

contacts onto SnO2 films for electrical characterisation and to the fabrication of 

devices based on the MBE grown SnO2 films.  

In its essence, EBE involves a cathode producing electrons, which are 

accelerated in a vacuum chamber by a voltage in the order of a few kV applied 

between the cathode and the crucible holding the source material. The obtained 

electron beam is focused to the surface of the material to be evaporated by 

means of magnetic lenses and annular electrodes that concentrates the beam to 

a point and seeps it through the surface. Upon being struck by the electron beam, 

the surface of the source material vaporises and the evaporated atoms traverse 

through the vacuum chamber until they reach the substrate, where they condense 

and contribute to the growth of the film. While electron beam evaporation is useful 

for evaporating high and low melting point materials alike, its requirements in 

terms of the additional equipment needed makes it a less popular alternative 

when only low melting point materials are required.  
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Figure III.I – Schematic diagram of the electron beam evaporation technique. 

 

Molecular beam epitaxy (MBE) is certainly the most powerful evaporative 

technique in terms of film quality and growth control. Since the technique involves 

evaporating material at very low rates compared to almost any other method, its 

application for production series is rather limited. However, its capabilities for 

obtaining atomically controlled growth makes it an ideal technique for research 

purposes and for obtaining single crystal films of unmatched quality. The 

deposition is held in an ultra-high vacuum chamber at base pressures below       

10-9 Torr, which limits the impurities that can be trapped in the film. As in many 

other techniques, the material is evaporated in a crucible and it reaches a heated 

target where it condenses, diffuses and coalesces, ultimately giving origin to the 

film growth. 

Being the centre of the current work, a detailed description of film deposition by 

molecular beam epitaxy is discussed in Chapter 4, where the different aspects of 

the technique, along with some of the results obtained throughout the present 

research are presented. 

 

 

 

 

 

 



238 
 

III.III.  Sputtering 
 

Sputtering is one of the most versatile techniques for growing thin films, 

depositing contacts and coating surfaces. It involves impinging the substrate with 

a beam of particles carrying high kinetic energy, after being ejected from a target 

subjected to ion bombardment. 

The technique requires a high vacuum chamber where a target of the material to 

be grown and the substrate onto which the film is to be deposited are loaded. In 

its simplest version, DC sputtering, a high electric field is created by applying a 

potential difference between an anode and the target material while a sputtering 

gas is introduced in the gap between the electrodes. Ions of the sputtering gas 

are accelerated and collide with the target, releasing electrons and ions. These 

secondary electrons are in turn accelerated towards the cathode, ejecting more 

charged particles from the target.  

As the number of ions between the anode and cathode increases, a plasma 

discharge is established thus providing a steady source of ions that bombard the 

target. The momentum transfer of the accelerated ions upon collision with the 

atoms in the target, triggers collision cascades within the target. While the energy 

involved in some of these cascades is absorbed by the material upon successive 

collisions, some cascade paths recoil and reach the surface of the target. If the 

energy of the particles reaching the surface of the target in the recoiled cascades 

is larger than the surface binding energy, the surface atoms are ejected from the 

surface creating an atomic vapour or plume of the material to be deposited.  

The vapour produced in this manner contains both neutral atoms as well as ions 

of the target material, both ejected at high velocities from the target. Since the 

trajectories of the neutral atoms are not affected by the electric field employed to 

sustain the plasma discharge, they reach the substrate with high velocity, where 

they condense, coalesce and produce the growth of the film. The ions ejected in 

the sputtering process can be deflected from the beam by means of a transverse 

electric field or utilised to further bombard the target and to better confine the 

plasma, thus increasing the sputtering yield.  
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This approach, used in the magnetron sputtering technique, employs the 

magnetic field from ring of permanent magnets on the back of the cathode gun to 

constrain the trajectories of the secondary ions to the vicinity of the target. 

Trapping the electrons in this way produces a dense plasma region near the 

surface of the target, increasing the collision rate. This, in turn, increases the 

probability of recoiling cascades to occur, thus improving the sputtering yield. 

 

 

 

Figure III.II – (a) Schematic diagram of the DC sputtering deposition.  (b) DC / RF 

sputtering / electron beam evaporation system utilized through the present work for 

depositing electrodes and for device fabrication. 

 

Reactive sputtering involves producing a compound film (usually nitrides or 

oxides) by sputtering the pure material in a reactive gas atmosphere. Some 

sputtered tin oxide films have been produced via reactive techniques, by 

sputtering pure tin targets in an oxygen atmosphere. However, compound SnO2 

targets are usually preferred, since the final stoichiometry of the films is less 

sensitive to small variations in the processing parameters.  

e-beam source 

DC sputtering gun 

source 

RF sputtering gun 

source 

Quartz 
microbalance 
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microbalance 

Sample holder 
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While the base pressure involved in sputtering process usually ranges 10-5 Torr 

to 10-3 Torr, the sputtering gas (usually Ar) introduced in the chamber can raise 

the processing pressure as high as 10-1 Torr.  

Unlike other techniques that rely on substrate temperature to promote adatoms 

diffusion and film growth, the sputtered particles reach the target with high kinetic 

energy, therefore allowing their diffusion on the surface without the need of a 

heated substrate. While favourable to adatoms diffusion, this high kinetic energy 

of the incident particles acts in detriment of the film quality, usually encompassing 

defect formation and damage to the film surface.  

The highly defective nature of sputtered films makes the technique unsuitable for 

epitaxial growth. Sputtered tin oxide films are usually amorphous or 

polycrystalline and present large grain size and significant surface 

roughness123,127,196. Nonetheless, sputtered tin oxide films are widely used as 

contacts for solar cells, given its transparency and its relatively high conducting 

nature. Moreover, the simplicity of the sputtering process allows the fabrication 

of multi-layered structures of different materials in the same chamber and without 

the need for breaking the vacuum. 

Despite the poor crystalline quality of sputtered films and the granular nature of 

their surfaces, the technique is widely used in thin film technology. Its most 

common applications involve depositing conductive contacts on lithographically 

patterned thin films, coating with protective or capping layers sensitive materials 

and depositing conducting layers on insulating materials. Moreover, materials 

that are otherwise difficult to process due to their high melting point or their 

insulating nature can be deposited as thin films, using a radio frecuency 

sputtering source. This way, films of high melting point metals, ceramics and even 

dielectrics can be attained. 

Throughout the present work, sputtering deposition of thin films was widely 

implemented. While the research focuses on the growth of tin oxide films by 

molecular beam epitaxy, DC, RF and reactive sputtering techniques where 

extensively used for depositing titanium, gold and silver thin films for electrical 

contact purposes and in the fabrication of devices on lithographically patterned 

SnO2 films, as described in Chapter 3 and Chapter 6. 
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III.IV.  Pulsed laser deposition (PLD) 
 

Pulse laser deposition is a widely used technique for growing thin films of various 

materials and compounds. It is particularly useful for depositing high melting point 

materials, which would be difficult or impossible to process via evaporation 

techniques. 

Usually performed under ultra-high vacuum conditions, the technique involves 

ablating material from the surface of a target where a high power pulsed laser is 

focused, and depositing the ejected material onto a substrate.  

Pulses in the nanosecond range of a UV laser focused to the surface of the target 

provide a density of power in the order of a few GW.cm-2 and given its UV nature, 

the radiation is absorbed within the first few nm of the target. This high density of 

power absorbed only in a few nanometres vaporises the material on the surface 

and creates a plume of material that tends to preserve the stoichiometry of the 

target. 

An appropriate substrate is placed a few centimetres away from the target, so the 

ablated material can reach its surface. Given the considerable power density of 

the incident radiation, the ablated material gets ejected with high kinetic energy 

and reaches the substrate with sufficient mobility to diffuse and coalesce, thus 

giving rise to film growth. Similarly to what happens in sputtering techniques, the 

high mobility of the adatoms upon reaching the substrate allows film growth to be 

carried out at low substrate temperatures, compared to other growth techniques 

such as thermal evaporation and chemical vapour deposition. The relatively low 

substrate temperature required to produce thin films by PLD is one of the main 

advantages of the technique, which becomes particularly useful when 

temperature sensitive substrates are required. In this sense, PLD thin films have 

successfully been grown on plastics and organic materials without deteriorating 

the structural integrity of the substrate, thus making PLD an attractive alternative 

for developing flexible electronics240-243. 
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The previously mentioned conservation of target stoichiometry on the grown film 

is the other main advantage of the technique and it is a consequence of the short 

duration of the excitation pulse (~10-8 s), and the comparatively low duty cycle 

(~10Hz). Indeed, the duration of the excitation pulse is usually much shorter than 

the timescales required for the compounds in the target to dissociate. In addition, 

the long relaxation time (~0.1s) that follows the excitation pulse contributes to the 

thermalisation of the surface of the target, preventing the formation of a 

permanent molten front and keeping the phase separation from happening. The 

preservation of target stoichiometry in the grown films is almost exclusive to PLD 

techniques, and it allows obtaining films of complex stoichiometry that would be 

impossible to obtain via other reactive methods. 

While reactive PLD can be achieved by introducing a reactive gas (usually in the 

form of a plasma) into the chamber, this is generally done only to account for 

eventual deterioration of the stoichiometry. In this sense, tin oxide films are 

usually grown with PLD methods by ablating a SnO2
244,245 target rather than using 

metallic tin in an oxygen rich atmosphere or in the presence of oxygen plasma, 

as described for MBE growths in Chapter 4. 

The high melting point of SnO2 (>1600C) makes evaporation of the compound 

impractical, but it presents no difficulty to PLD techniques. To this purpose, 

stannic oxide targets are usually obtained from SnO2 powder after being pressed 

and sintered at temperatures ranging 1100C to 1400C, rendering targets with a 

typical purity of 99.99%244-247.  

Nanosecond244,247 or femtosecond245,246 pulsed lasers with 1 Hz to 10 Hz duty 

cycles have been used to ablate SnO2, at pressures ranging from 10-6 Torr to 10-

9 Torr. Despite the high velocity of the ablated species, substrates are usually 

held at temperatures ranging from 300C to 700C to further increase the mobility 

of the adatoms, in an effort to improving the crystalline quality of the films. 

Deposition rates in the 0.05 Å/s to 0.5 Å /s range are reported in the literature for 

SnO2 films grown by PLD. While slower rates and higher substrate temperatures 

are used to obtain smoother films, the very nature of the ablation process tends 

to produce numerous defects as the film is grown, therefore limiting its structural 

and electrical properties.  
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Low resistivity and high carrier concentration in the range of 0.01 Ω cm to 0.5 Ω 

cm and 5x1018 cm-3 to 5x1019 cm-3 respectively, are present in almost every report 

of undoped SnO2 PLD films. These values are attributed to the abundance of 

defects such as oxygen vacancies244-247. Structural defects and large grain size 

on the other hand, are responsible for the rough nature of the surface of PLD 

grown films, usually around a few nanometres RMS. 

Given the high conductivity observed in SnO2 films grown by PLD, highly 

conducting material can be attained without the complications involved with 

intentional doping. In this sense, the technique becomes an interesting alternative 

for depositing transparent conducting electrodes and for making transparent 

electronics, particularly on plastics and flexible media, where other methods 

cannot be applied.  

In spite of the advantages associated with this technique, the defective nature of 

the films grown by PLD makes the technique unsuitable for obtaining intrinsic 

semiconducting SnO2, and for growing single crystal films. This difficulty is found 

in all of the growth methods presented herein, and overcoming it was one of the 

objectives of the present work, by exploiting the benefits of molecular beam 

epitaxy deposition. A comprehensive description of the technique, along with the 

work done to optimise the protocols for growing SnO2 is presented in Chapter 4. 

 

III.V. Chemical vapor deposition (CVD) 
 

This technique allows the growth of a wide variety of materials in the form of 

amorphous, polycrystalline and epitaxial thin films with a high degree of purity 

and in a simple (and economical) manner. 

The process involves chemical compounds in the form of gas, spray or mist 

undergoing a chemical reaction on the surface of a heated substrate. The 

reaction leaves a solid film deposited onto the substrate while the waste product 

is removed by a carrier gas. 
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The significant number of precursors, in a considerable amount of different 

chemical reactions, is what gives CVD its versatility for growing such a variety of 

thin films, not only in terms of composition and stoichiometry but also in terms of 

its potential for obtaining nanostructures materials. Moreover, high vacuum and 

ultra-high vacuum CVD techniques are usually reported as an improvement over 

the standard CVD, in terms of the quality of the films attained.  

However, the room pressure and relatively low temperatures usually adopted in 

most CVD protocols allow a high production throughput, with minimal complexity 

in terms of the required setup, especially when compared with ultra-high vacuum 

techniques such as PLD or MBE. This high throughput and simplicity is arguably 

the most attractive feature of CVD techniques.  

Most CVD protocols involve four distinct stages: the production of the precursor 

mixture in a gaseous, vapour or mist form; the transportation of the reactive 

mixture from the production stage to the substrate, where the film is to be 

deposited; the deposition of the reactive material and the consequent formation 

of the film and finally the removal of the waste/residual products from the reaction 

chamber.  

The production stage encompasses the selection of the adequate precursors and 

the creation of a gas or mist of such precursors. A careful consideration of 

precursors, according to the material to be deposited and to the type of reaction 

required to this purpose, is of the essence for the film growth to occur.  

In addition, a suitable concentration of precursors must be present in the mist to 

obtain good quality films. Good CVD precursors are expected to be stable without 

nucleation in their gaseous phase at room temperature and relatively high 

pressures. Nucleation is therefore only desired when the vapour phase reaches 

the substrate, thus preventing the premature formation of clusters that would 

diminish the quality of the film. While halides and carbonyls have been 

extensively used as precursors for CVD, the aggressiveness of the former and 

the toxicity of the latter have shifted the interest to chlorides, hydrides and more 

recently, to metal-organic compounds. In the case of tin oxide, all three groups 

have been successfully used as precursors in the form of tin chloride, tin chloride 

dihydrate, tin diacetate and thetraethyltin, respectively.122,127,248 
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Like most precursors used in CVD, every tin oxide precursor reported in the 

literature is in its liquid phase at room temperature, so a mechanism for creating 

a vapour phase is required. Bubblers are usually used for this purpose by flowing 

the carrying gas through the precursor in the liquid phase, thus creating a vapour 

containing a mixture of the atomised precursor and the carrying gas. Some 

precursors might require a specific reactive gas to be involved in the reaction, 

thus fulfilling the double purpose of contributing to the reaction and to the 

transport process. Inert gas, on the other hand, is used when only atomizing and 

transport purposes are required. Ultrasonic nebulisers are usually preferred over 

bubblers when smooth films are required, since they create a mist of smaller 

particles with narrow size distribution spectrum. This narrow size distribution 

favours the homogeneity of the vapour phase and ultimately the quality of the film 

deposited. 

 

 

 

Figure III.III – (a) Schematic diagram of the CVD deposition taking place in the 

deposition chamber. (b) Mist Chemical Vapour Deposition system used in the solid 

state physics group at UC for producing SnO2 thin films by CVD methods. 
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Once the precursors in their vapour phase have been produced and stabilised in 

the source chamber, they are transported to the deposition chamber using a 

carrier gas.  

While the transport can involve a reactive gas if already utilised in obtaining the 

vapour phase, it is common practice to rely on an inert gas for the transport 

phase. Further modification of the vapour phase can be implemented in the 

transport phase by means of plasma discharges, photon irradiation or simply pre-

heating the mixture before becoming in contact with the substrate in the 

deposition chamber182,183. 

Once in the deposition chamber, the vapour becomes in contact with the 

substrate onto which the film will be deposited. Since the substrate is held at high 

temperatures, the solvents evaporate upon reaching it. This increases the 

concentration of the precursors and favours their reaction on the surface of the 

substrate. An adsorption-desorption balance is established on the surface as 

more material reaches the substrate, allowing the initial nucleation sites to grow 

and coalesce with their neighbours, ultimately spanning the whole substrate and 

rendering a continuous film.  

While different mechanisms and reactions have been reported in CVD growth of 

SnO2 films122,127,132,194, the spray pyrolysis process described herein is the most 

frequent and simplest mechanism involved, and it is present in almost every 

protocol implemented in the literature.  

Even though thin films of most metals have been successfully grown by the CVD 

technique, it is worth noting that no suitable precursor has been found for alkali 

and earth-alkali elements nor for Cu, Pd, Pt, Ag, Au, Co, Rh and Ir.183 In addition, 

while good quality films can be attained with relative ease by means of CVD, 

epitaxial growth, smooth surfaces and single crystal films are seldom reported in 

the literature.  

Typical CVD tin oxide films exhibit surface roughness ranging from a few nm to 

tens of nm. Distinguishable grain boundaries and defects are also frequently 

reported.  
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The existence of these structural defects, along with the presence of impurities in 

the precursors and the incomplete reaction of the latter on the surface of the film 

are responsible for the conductivity observed in unintentionally doped tin oxide 

CVD films122,127,132,194. 

As previously suggested, CVD is an inexpensive and simple growth technique 

capable of producing a wide variety of thin films with relative ease and speed 

without the need of any sophisticated equipment. Moreover, since tuning of the 

growth process relies on simple parameters such as precursor concentration, gas 

flow, and substrate temperature, the scalability of the technique is one of its 

mayor benefits, especially when considering production beyond basic research 

requirements. 
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